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Abstract

In this thesis, nanoporous metals are investigated with respect to their mechanical defor-
mation behavior. At small scales, the literature reports distinct strengthening behavior
in the form of a “smaller is stronger” relation. Yet, for specimen sizes below around
100 nm, numerical studies predict a reduction in compressive strength due to the action
capillary forces at the surface of the material. So far, experiments exploring this notion
are missing.

In the present work, nanoporous gold (np Au) is used to investigate this asymmetric
yielding by macroscale testing of mm-sized samples. The analysis is based on the concept
that uniaxial deformation of networks – such as np Au – contains signatures of both,
tensile and compressive deformation. These deformation modes can be identified from
the transverse plastic response of np Au during uniaxial compression.

The impact of the surface on the mechanical behavior is systematically varied by ther-
mal tuning of the ligament size and electrochemical modulation. In agreement with
theoretical considerations, the experiments find a distinct susceptibility of the transverse
plastic response towards the action of capillary forces. Therefore, the present work pro-
vides the first experimental proof of surface-induced tension–compression asymmetry at
the nanoscale.

Moreover, numerous studies demonstrate that nanoporous metals exhibit considerable
application potential as functional materials. Still, the preparation of mechanically robust
nanoporous metals with relevant functionality has been limited to precious – and thereby
costly – metals.

For these reasons, a novel synthesis procedure is developed to produce cost-efficient
nanoporous copper-nickel (np CuNi). By electrochemical dealloying, crack-free macro-
scopic samples are obtained. A nanocrystalline microstructure is observed with ligament
sizes that can be tuned from 13 nm to 40 nm by thermal annealing. Compression exper-
iments on np CuNi find a high strength and considerable plasticity. Electrical potential
variations in alkaline electrolyte produce large actuation strains. The measurement serves
as a proof of principle for the distinct functionalization potential of np CuNi. This work
describes the first successful synthesis scheme for a mechanically robust nanoporous base
metal with considerable functionality.
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1 Introduction

1.1 Functional materials based on controlled modification of
surfaces

Functional materials exhibit outstanding characteristics due to their native proprietary
functions, a considerable advantage compared to conventionally engineered devices with
numerous combined components. In this field, nanoporous metals offer many amenities
due to their versatile synthesis and functionalization opportunities. Nanoporous metals
have been proposed for a variety of applications such as actuators [1–5], sensors [5, 6],
catalysts [7–9], bioanalytical systems [10], semiconductor interconnects [11,12], microflu-
idic pumps [13], gas filters [14] and energy storage [15]. Moreover, tunable mechanical
properties [16–20] have been reported for nanoporous metals and this creates numerous
additional application scenarios.

All of the aforementioned studies have in common that their functional properties arise
from interactions at the free surface of the material. Surfaces constitute the termination
of the bulk crystal, hence the outer atomic layer exhibits reduced coordination compared
to bulk lattice atoms, see Figure 1.1 (a). Therefore, the surface’s electronic structure
differs significantly from the interior material. This aspect can be manipulated to control
chemical reactivity [21] and mechanical properties of surfaces alike [22].

Even though surfaces determine the material’s interaction with the environment, the
influence of surface processes in bulk materials is generally considered small. This is due
to the negligible fraction of surface atoms compared to the total volume [23]. However,
nanostructured materials may exhibit very high surface area to volume ratios. In these
materials, the fraction of surface atoms becomes more pronounced with decreasing fea-
ture size (Figure 1.1 (b)). Altered characteristics emerge when surfaces start to dominate
the entire material behavior, since surface properties can deviate considerably from the
underlying material. Novel design strategies arise as manipulation of surface states al-
lows for direct control of physical and chemical properties and – by implication – the
functionalization of the material.

The interfaces of nanostructured materials can be tailored to requirement in several
ways: Variation in the elemental composition is an obvious option. Tuning of the mi-
crostructural features, such as size [26], local curvature [27] and surface structure [28]
affords the alteration of the interfacial contribution, too. While previous methods irre-
versibly change the surface state, interfaces can also be modified reversibly by exposition
to external stimulation. For instance, through the variation of the surrounding gas com-
position [29] or by electrochemical modulation [3].

Nanoporous metals attract particular interest as they appear as ideal materials for the
exploration of various interface-related phenomena. Monolithic metal bodies are formed
by homogeneous, bicontinuous nanoscale network structures that can be fabricated in
macroscopic dimensions – i.e. several mm or more in size. The small lower size limit of
the microstructural constituents – the ligaments – combined with a facile size control
between a few and several hundred nm enables a convenient way to experimentally single
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1 Introduction

Figure 1.1: Interface contributions in nanostructured materials with high surface area. (a)
Schematic illustration of broken chemical bonds at a material’s surface. (b) Fraction of surface
atoms approximated for cylindrical nanowires and ligament structures. For Au (blue), interfacial
contribution is limited to a single atomic monolayer with an estimated size of around 0.3 nm. Un-
der ambient conditions, Ni’s native surface layer (green), composed of layered NiO and Ni(OH)2,
extends to a thickness of about 1.1 nm [24] whereas Cu exhibits a CuO/Cu2O passive layer in air
of 3.3 nm [25]. Adopted from Reference [23].

out interface contributions on the materials properties. When wetted by electrolyte,
nanoporous metals can be used as hybrid systems that enable reversible modulation of
the surface state by varying an applied electrical potential [16]. Reaching high structural
definition, nanoporous metals appear as excellent model materials in the investigation
of small-scale mechanics. Moreover, they promise substantial application potential as
mechanically resilient functional materials.

1.2 Synthesis strategies for nanoporous metals

Monolithic bodies of nanoporous metals can be fabricated using a wide variety of synthe-
sizing techniques. In a multiphase alloy, porosity can be obtained by selective leaching of
a phase that is rich in less noble elements. In this scenario, the formation of nanoporous
bodies requires an interconnected phase structure with a feature size in the nm-range.
As a consequence, the morphology of nanoporous metals fabricated by selective leeching
is determined by the precursor’s microstructure. Nanoporous metals have been prepared
by selective leaching of melt-spun foils of spinodally decomposed alloys [30], fine grained
microstructures obtained by torsion compaction of metallic powders [31] and precipitates
from very large grains or single crystals [14,32,33], as shown in Figure 1.2 (a).

A straightforward yet laborious approach to synthesizing nanoporous metals is the
utilization of decorated templates. Scaffolds made from polymers [34–36], Silica [37]
or other nanoporous metals [38] serve as negative models that are coated with metals.
Subsequent selective removal of the template material constitutes the nanoporous metal
structure.

Nanoporous metals can also be fabricated by mechanical compaction of self-assembled
nanoparticles. Loosely connected particle networks are synthesized through the reduction
of metal salts in a solution at room temperature, see Figure 1.2 (b). After drying, the

2



1.2 Synthesis strategies for nanoporous metals

Figure 1.2: Nanoporous microstructures obtained from different synthesis strategies. (a) Su-
peralloy membrane fabricated by selective leeching of precipitates [14]. (b) Self-assembled Ag-
nanoparticles prior to compaction [39]. (c) Au-foam synthesized through autocombustion [43].
(d) Directionally grown Al-ligaments made by galvanic replacement [45]. (e) Hierarchical Au-
network prepared by reduction-induced decomposition. Inset shows upper hierarchy level [46].
(f) Electrochemically dealloyed nanoporous Au (this work). (a-e) Reprinted with permission.

metallic particles are pressed to from monolithic nanoporous bodies [39–41].

Another processing method for the formation of nanoporous bodies is autocombustion.
Metal complexes containing high energetic ligands are pressed into pellets and ignited in
an inert gas atmosphere. During the self-propagating reaction, metal atoms are reduced
and cluster into nm-sized grains. Agglomeration of the nanograins yield network struc-
tures whose spatial arrangement is determined by the evolving N2-gas [42–44] (Figure
1.2 (c)).

Galvanic replacement has been introduced recently as a processing method to form
sheets of nanoporous Al [45] (Figure 1.2 (d)). The replacement reaction takes place
between a sacrificial metal sheet and a surrounding salt precursor, e.g. an ionic liquid,
comprised of a less active metal. Ions are interchanged between electrolyte and massive
material as the salt is reduced by the chemically more active metal sheet. Prerequisite
for the formation of an interconnected porous body is that the deposited volume of the
inward-growing phase is lower than that of the dissolving sacrificial material [45].

Recently, Wang and Chen [46] demonstrated a method for making sheets of monolithic
nanoporous metal through reduction-induced decomposition. Precursors of bulk metal
salt are immersed in a reducing aqueous environment. During the decomposition, anions
are dissolved in the solution while a homogeneous network structure is formed by the
metal product [46]. With this method, synthesis of hierarchically structured materials is

3



1 Introduction

rendered possible as shown in Figure 1.2 (e).

Originally investigated as a source of stress-corrosion cracking [47], dealloying of single-
phased metal alloys has proven an accessible method to fabricate nanoporous metals with
a uniform bicontinuous network and a high degree of structural definition. During deal-
loying one component is selectively dissolved from an alloy while the remaining atoms
rearrange to form the network structure. Selective dissolution can be prompted by evap-
oration [48] – a recent method to prepare thin nanoporous sheets from melt spun ribbons
– and by corrosion in molten metal [49–51] and aqueous electrolytes [52–55] (Figure 1.2
(f)).

Using liquid metal as a dissolution medium requires negative enthalpies of mixing be-
tween the sacrificial alloy component and the molten metal. Consequently, the enthalpy
of mixing between the persisting component that ultimately forms the porous body and
the melt needs to be positive. After solidification, the porosity is obtained through leach-
ing of the dissolution medium. Preparation of porous niobium, titanium and stainless
steel have been demonstrated in this way [51,56–58]. However, dealloying in liquid metal
typically yields ligament sizes well above a few hundred nm, an aspect that prevents
surface-driven functionalization as well as studies on small-scale mechanics.

While many methods are suitable for fabrication of monolithic nanoporous metals,
requirements for many technology-relevant applications have yet not been met. Often,
samples are limited in size by the processing routine to merely several tens of µm in
the smallest dimension [30, 34, 35, 46, 48–50, 59, 60]. Others produce inhomogeneous mi-
crostructures [31,39,40,42–44] or exhibit cracks [39–41,45]. So far, dealloying in aqueous
media is the only technique to yield homogeneous and mechanically robust bulk sam-
ples with macroscopic dimensions – mm-sized or larger – and sufficiently small ligament
sizes [52, 61–63]. In general, two methods are used to dissolve the sacrificial component
from the precursor alloy: chemical and electrochemical dealloying. Chemical dealloying
constitutes a free corrosion process where the less noble component is selectively dis-
solved in a solution [62, 64–66]. Electrochemical dealloying allows for direct control of
the corrosion process by applying an electrical potential [52]. This is of importance as
the networks morphology depends on the dissolution rate of metal ions [67], as detailed
in Section 2.1.

Yet, good mechanical behavior of nanoporous metals with macroscopic dimensions
seems to be limited to precious metals. Plastic deformation behavior – and with that a
certain amount of damage tolerance – has been reported for nanoporous Au [61,63,68,69],
Pt [70] or Pd [71, 72] during macroscopic mechanical testing. While these materials are
highly resistant against environmental influences, they are also expensive.

Cu and Ni appear as economical alternatives for dealloying in aqueous solutions, as they
are rather electropositive, compared to other cost-efficient base metals [73]. Nanoporous
Cu has been prepared by dealloying from Cu-alloys with different sacrificial components
that include Mn [9, 64, 74], Zn [75, 76] and Al [75, 77, 78]. In view of functionalization
in various environments, Cu’s resistance against degradation strongly depends on the
specific environment. Cu is extensively used in seawater, in neutral salt solutions and in
organic environment due to its high chemical stability in these media [79]. In air Cu forms
a thick oxide layer that passivates the surface [25]. Yet, Cu as well as its oxides readily
dissolve in aqueous solutions when in the presence of dissolved oxygen [80] as well as in
strong acidic or oxidizing media [79]. Ni, on the other hand, forms a thin and resistant
passive layer in air and in numerous acidic and alkaline corrosive environments [24,81,82].
Despite this tendency for passivation, nanoporous Ni has been fabricated from Mn-Ni
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1.3 Mechanical properties at small scales

precursors by dealloying in acidic media [83–88]. When immersed in alkaline media,
Ni exhibits significant functionalization potential as demonstrated by the huge actua-
tion responses observed in nanoporous structures [87, 89, 90], nanohoneycombs [91] and
nanowire forests [92]. Furthermore, Ni is widely used as electrode material in batteries
such as Ni-metal hydride accumulators [73]. Still, the brittle deformation behavior of
nanoporous Ni [87, 88, 90] and Cu [77, 78] demonstrate that preparation of mechanically
strong bodies remains a challenge.

1.3 Mechanical properties at small scales

Plasticity

Interface phenomena determine a material’s mechanical properties on various length
scales. In polycrystalline bulk metal, grain boundaries inhibit dislocation movement
that results in a pile-up at the crystal interfaces. The corresponding strengthening effect,
σh, on the material’s strength, σ, becomes more pronounced with decreasing grain size,
as described by the Hall-Petch relation via a power-law of the type

σh = kDn. (1.1)

Here, D denotes the average grain size, k is a constant scaling parameter and n represents
the power-law exponent that takes a value of 0.5 [93].

A transition from bulk-like to small-scale behavior is observed when the spacing be-
tween dislocations in the undeformed microstructure is in the order of the sample dimen-
sion. In this size regime, deformation is carried by individual dislocations rather than
dislocation networks. For a metal with an initial dislocation density of 1012 – 1013 m−2

the transition to small-scale deformation behavior is expected at a sample diameter of
around 1 µm and below [94]. Micropillar compression experiments with samples sizes
between 0.2 µm and 8 µm find a significant impact of sample size on σ in the form of
a “smaller is stronger” relation [95–97]. Here, interfacial strengthening arises from free
surfaces rather than grain boundaries. In this size regime a similar power-law relation as
in equation 1.1 is observed, where D now indicates the sample diameter and for fcc met-
als n emerges to values between −0.6 and −1.0, see [98] and references therein. For Au,
the size-dependence of the yield strength, σy, is shown in region (I) of Figure 1.3. Here,
tensile [99, 100] (blue symbols) and compression (red) experiments [97] exhibit similar
size-related hardening with n ≈ −0.6 down to a size of D ≈ 200 nm.

Different models have been proposed for fcc metals in order to identify the underlying
mechanisms of the size-dependent strengthening effect. In the following, a brief summary
of the two most widespread conceptions is given. The concept known as dislocation
starvation suggests that, at small sample dimensions, mobile dislocations readily leave
the surface rather than multiplying and being pinned by other dislocations [95–97]. As
a consequence, the sample becomes depleted of dislocations. Thus, plastic deformation
is carried by newly nucleated dislocations, whose formation requires a high stress, rather
than by motion or interaction of existing ones. This concept is supported by in situ
compression tests on Ni micropillars using transmission electron microscopy (TEM) [101].

A competing interpretation of the size effect at small scales is given by the single-
arm source model. In this scenario, the sample is not depleted of dislocations but
double-pinned Frank-Read sources provide the basis for dislocation multiplication at

5



1 Introduction

Figure 1.3: Interface-related size effects in small-scale plasticity exemplified on Au pillars and
wires loaded in compression (red symbols) and tension (blue), respectively; yield stress, σy,
plotted versus sample diameter, D. (I) Both, compression and tensile experiments find similar
strengthening behavior down to D ≈ 200 nm [97, 99, 100]. At even smaller length scales (II)
experiments [112] and modeling [109] of nanowires loaded in tension observe continuously high
and still increasing values for σy. Yet, computational modeling suggests a weakening effect in
compression at very small scales as a consequence of surface-induced capillary forces [110].

small scales [102–104]. Due to the finite sample volume, the double-ended sources in-
teract upon loading with the free surface leaving two single-armed dislocations behind.
Plastic deformation is then sustained by repeated motion of dislocation movement around
the pinning points of the single-ended arms. The size-dependence of the yield strength is
then ascribed to the stress required to activate the single-armed sources on the dislocation
length, which increases with decreasing the sample dimension [102, 105]. TEM investi-
gations on Al [106] and Cu [107] single crystals loaded in tension support the concept of
deformation by single-arm dislocation sources, as well.

While the underlying mechanisms are a persisting subject of discussions, the “smaller
is stronger” relation has emerged as a widely accepted phenomenon [94]. Indeed, under
tensile loading, experiments [100,108] and numerical studies [109] endorse the size-related
strengthening correlation down to a few nm in size (blue symbols, region (II), Figure 1.3).
However, computational modeling of Au nanopillars in compression suggests an entirely
different mechanical behavior at sample sizes below around 100 nm. Instead of continu-
ous hardening, Marian and Knap [110] observe considerable weakening with decreasing
sample size, see red dots in Figure 1.3. Nonuniform deformation as a consequence of
capillary forces [111] is supposed to contribute to this effect [110]1. Yet, an experimental
verification of a surface-induced tension–compression asymmetry in nanoscale plasticity
has not been reported at the onset of the present work.

1The impact of capillary forces on the mechanical properties is described in more details in Section 2.2
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1.3 Mechanical properties at small scales

Figure 1.4: Elastic properties at small scales experimentally studied through tensile testing [113],
atomic force microprobing [114,117] and resonance frequency testing [116,118]. Young’s modulus
normalized with respect to the bulk value, Y/Y s, plotted versus sample diameter, D. Data yields
no conclusive support of surface-dominated elastic properties.

Elasticity

The size-dependence of the elastic properties of solids has been a controversial subject
of discussion. Experimental studies on nanometer-sized wires, whiskers and cantilevers
report contradicting results on extent and even direction of a size effect, as shown in Fig-
ure 1.4. Some studies observe size-related stiffening [113–115], others report enhanced
compliance [116,117] and even no size-dependence is observed [118], as well. Experimen-
tal challenges that emerge from fabrication and testing of individual, nanometer-sized
samples are highlighted by a study that finds both, enhanced stiffness and compliance,
for the same material [119].

Surface elasticity has been suggested as the source of size-dependency of the elastic
deformation behavior [115]. However, the recent ab initio investigation by Elsner et
al. [120] has revealed that contributions of the surface’s excess elasticity to the elastic
deformation behavior in nanoscale objects is negligible at D > 10 nm. Even at sample
sizes approaching 10 nm experimental uncertainties are currently too large to single out
the marginal effect of the surface on the elastic properties [120]. Note that the discussion
is so far related to clean metal surfaces only. Surface-related stiffening may still occur by
means of adsorbate coverage or electric charging [18].

The impact of nonlinear elastic bulk behavior has also been discussed with respect
to the elastic properties [113, 121–123]. At very small scales, the bulk of the material
can be subjected to large strains as a result of acting surface stresses. Higher-order
elastic parameters may therefore become relevant that promote stiffening or softening,
depending on the stress state or the crystallography [121]. However, analogous to the
surface elasticity, a significant contribution of this effect to the overall elastic response is
merely proposed at sample sizes well below 10 nm [122].

7
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1.4 Deformation behavior of nanoporous gold

Nanoporous metals made by dealloying constitute a unique arrangement of intercon-
nected small-scale elements and a 3D open-pore structure connected to form macroscopic
bodies. Studies exploring the mechanical characteristics of these materials have been
widely based on nanoporous gold (np Au) [67]. This is due to its outstanding resistance
against environmental influences as well as its comparatively easy synthesis procedure.

Early experimental studies on np Au were focused on indentation techniques to examine
the material’s mechanical response [124–127]. Due to its porous nature, np Au was
generally considered to fully densify in the direct vicinity of the indenter tip without
lateral deformation [124–127]. The proclaimed lack of constraint around the indenter tip
led to the assumption that the measured hardness, H, correlates with the yield strength
to σy = H. Advances in the refinement of dealloying protocols enabled production and
mechanical testing of np Au with macroscopic dimensions. Under uniaxial compression,
Jin et al. [61] observed an agreement between indentation and macroscopic testing at a
correlation of σy = H/3, which corresponds to the hardness/yield strength relation of
massive materials. These findings are supported by recent in situ indentation studies that
find extensive deformation zones around the indent with limited densification [128]. Yet,
systematic experimental studies exploring the role of lateral deformation during plastic
and elastic loading remain to be reported at the onset of this thesis’ work.

The mechanical behavior of nanoporous metals has prevalently been discussed with
respect to the scaling relations developed by Gibson and Ashby [129] for metallic foams.
Intriguingly, the model relates mechanical quantities of the foam to the properties of the
corresponding massive material, for instance, the yield stress, σy, of open-cell foams is
expressed as

σy = C1σ
s
yϕ

3/2. (1.2)

Here, C1 ≈ 0.3 represents a geometry constant, σsy denotes the yield stress of the solid
material and ϕ is the solid volume fraction – or relative density – that is the ratio between
the density of the porous and the massive material. Originally, the scaling model was
designed for conventional macroscale foams with pore spacings well above 1 µm for which
predictions agree very well with experimental findings [130,131].

For np Au, Figure 1.5 shows a collection of data and model predictions of (a) the yield
stress, σy, and (b) the Young’s modulus, Y . The displayed studies involve molecular
dynamics (MD) simulations [122,132], indentation techniques [124,125,127,133,134] and
micro-2 [62,135] and macroscale testing [18,61,68,136,137]. Graph (a) shows that np Au
exhibits significantly higher σy values than predicted by the Gibson-Ashby relation, if the
solid base material is considered as well annealed, massive gold (solid line, σsy = 17.5 MPa
[138]). Yet, since the ligament size ranges between a few tens to a few hundreds of
nm, it can be assumed that the strength of individual ligaments – and thus the whole
network structure – is severely affected by the size-dependence introduced in Section 1.3.
Interestingly, the ligament size of np Au is well in the transition regime between size-
dependent strengthening and the suggested tension–compression asymmetry, a chance
that will be expanded on later. As a proposition for a more meaningful value of the solid
material’s strength, σsy is chosen to 560 MPa (for a sample size of around 180 nm [97]), as it
is the closest available experimental value verging on the suggested tension–compression

2Indentation data is plotted as originally reported by the respective authors, i.e. σy = H.
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1.4 Deformation behavior of nanoporous gold

asymmetry transition regime, see Figure 1.3 in Section 1.3. Indeed, with size-depended
strengthening accounted for (dashed line), Gibson-Ashby scaling predictions yield decent
agreement with the reported yield strength data, especially for micro- and macroscale
experiments. The widely observed ligament size dependence of σy has also explicitly
been accounted for in the modified Gibson-Ashby scaling relation introduced by Hodge
et al. [127].

Insights into the deformation behavior of the ligament structure of np Au have been
the subject of several studies. TEM reveals the generation of dislocations within the
individual ligaments [140,141]. The studies propose that during deformation dislocations
preferentially glide towards ligament junctions. As a result, a high density of interacting
dislocations and microtwins can be found within the deformed ligament nodes. MD
simulations find similar dislocation structures in the nodes, yet, the studies also point
out the role of dislocation activity at the center of the ligaments as a source of deformation
[122,142]. A rather unusual defect feature associated with the crystal structure of the gold
ligaments has been observed in a TEM study by Parida et al. [143]. During the synthesis
of np Au, the grain structure of the precursor alloy is widely retained [61, 143] with
only minor dealloying-induced misorientations [144]. Consequently, the ligaments share
a common lattice structure as the grain size is in the range of 10 µm to 100 µm and thus
around three orders of magnitude larger than the ligament size. Electron micrographs
show that ligaments exhibit missing lattice planes of one or more lattice spacing compared
to their neighboring element on the other side of the pore [143]. From this, the concept of
pore channel dislocations has emerged that suggest that ligaments shear along common
glide planes with dislocation cores located within the pores [61]. Until recently, ligament
bending has been considered the single main deformation mode in np Au [141,145–147],
analogous to the comparatively ordered microstructures of macroporous foams [129].
However, refined numerical modeling by Jiao and Huber [148] report a mixed-mode
behavior of torsion and bending deformation for randomized np Au network structures.

Investigations of the elastic properties of np Au highlight other interesting aspects of
the deformation behavior of nanoporous metals. Similar to the yield strength, the Gibson-
Ashby model has been consulted to the prediction and interpretation of ascertained
Young’s modulus data, Y , see Figure 1.5 (b). For open-porous foams, the scaling of Y
with the solid fraction, ϕ, is predicted as [129]

Y = C2Y
sϕ2, (1.3)

with the geometry constant C2 ≈ 1 and the Young’s modulus of the solid base material,
Y s. In case of pure gold, Y s takes a value of 81 GPa [138]. Figure 1.5 (b) shows that trends
and values of the experimental data for np Au deviate significantly from the Gibson-Ashby
prediction (black, solid line). It can be seen that the model overestimates Y values for
ϕ < 0.35. This observation is attributed to topological differences between np Au and
the model structure underlying the Gibson-Ashby predictions [139]. Within the model
conceptions by Gibson and Ashby [129], variation in ϕmerely alters the cell wall thickness.
Random field generated structures by Soyarslan et al. [139] comprise a morphology that
resembles the microstructure of np Au. Topological analysis of these structures show
that the scaled genus density3 systematically decreases with ϕ, as opposed to the Gibson-
Ashby model structures. Most importantly, the study finds a loss of connectivity that

3The genus is a topological quantity that describes the number of non-redundant closed connections in
a 3D structure. If related to volume and feature size, the scaled genus density describes a network’s
specific connectivity. For details the reader is referred to [149] and references therein.
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Figure 1.5: Studies and model predictions exploring the mechanical properties of nanoporous
gold. Results for various experimental and numerical studies are plotted with respect to the solid
volume fraction, ϕ. (a) Yield stress, σy, values significantly exceed Gibson-Ashby predictions
for bulk gold (solid line) with σs

y = 17.5 MPa [138]. However, if size-dependent strengthening
is considered (dashed line, σs

y = 560 MPa [97]), the model agrees well with the reported data,
especially for micro- and macroscale testing. (b) Young’s modulus data, Y , find significantly
lower values than predicted by Gibson-Ashby scaling for ϕ < 0.35. A more suitable agreement is
found for the modified Roberts-Garboczi scaling law by Soyarslan et al. [139] that accounts for
the specific structure of nanoporous gold and its percolation-to-cluster transition at ϕ ≈ 0.16.
Data is collected from References [18,61,62,68,122,124,125,127,132–137].
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1.4 Deformation behavior of nanoporous gold

ultimately results in a percolation-to-cluster transition at ϕ ≈ 0.16 [139]. Both effects are
accounted for by a modified Roberts-Garboczi scaling relation (turquoise, dashed line)
that agrees well with experimental data.

The study by Soyarslan et al. [139] contributes to a recent discussion regarding the
role of network connectivity as a source of anomalous compliance variation in nanoporous
metals. As described earlier (see Section 1.3), for adsorbate-free metals, surface-related
size effects are regarded negligible in the context of elastic properties for sample dimen-
sions above 10 nm. Still, experimental studies on np Au report a significant dependence
of the elastic modulus on the ligament size, L [26,63,134,137,150]. In the adjustment of
L, thermal coarsening is employed, a process in which – analogous to the atypical density
progression of Y – non-self-similar topology evolution is considered to affect the network’s
connectivity [63,137,151–153]. Yet, tomographic reconstructions of annealed np Au sug-
gest conservation of connectivity during coarsening at large L (> 200 nm) [154–156]. In
this context, numerical studies by Li et al. [153] point out the decisive impact of solid
volume fraction, ϕ, on the evolution of topology during coarsening. The authors propose
that bodies with ϕ ≥ 0.30 exhibit essentially self-similar structure evolution, while np
Au with ϕ < 0.30 is subjected to a loss of connectivity [153]. The impact of topology
variation on the mechanical properties of network structures is not limited to the elastic
characteristics. Rather, plastic deformation behavior is affected by coarsening-related
loss of connectivity, as well, for instance in the form of reduced yield strength [123,157].

Insights into small-scale mechanics

When immersed in electrolyte, modulation of the electrode potential of nanoporous met-
als allows for a reversible control of the material’s surface state. Combined with in situ
mechanical testing, the role of the surface on elastic and plastic deformation can be sin-
gled out [16–20]. By utilizing this strategy, tensile tests on np Au found a significant
impact of adsorbed monolayers of hydroxide ions on the crack propagation and tough-
ness [19]. Moreover, during in situ compressive testing of macroscopic nanoporous bodies
electrochemically controlled hydroxide adsorption proves a powerful tool in the manipu-
lation of mechanical properties. Considerable enhancement of the strength [16, 20] and
stiffness [18] as well as a reduced creep rate [17] have been reported for np Au, all of
which can be repeatedly switched on and off during deformation.

Fabrication and testing of individual samples with dimensions of 100 nm and below is
challenging at best. Instead, the stochastic structure and macroscopic sample size of np
Au containing up to 1015 nanoscale ligaments [123] seem ideal to explore the previously
suggested tension–compression asymmetry during plastic deformation. Comparison of
uniaxial compression and tension tests might appear as an obvious testing scheme that
allows for a straightforward investigation routine. However, while considerable deforma-
bility in np Au has been observed in compression testing [61, 63, 68, 69], np Au exhibits
brittle failure upon tensile loading [62, 158, 159]. For the latter a weakest-link behavior
is suggested [158]. In this concept, collective ligament rupture is proposed that spreads
from a single, weakest spot. As a result, the tensile strength is linked to microstructural
heterogeneity of the network rather than the deformation mechanisms in the ligaments.
Therefore, tensile tests are not beneficial in promoting the understanding of a tension–
compression asymmetry.

At the same time, solid network structures exhibit distributions of local stress states
during deformation. These stresses may deviate in magnitude and even sign from the
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average global load. For instance, simulations of random strut networks subjected to
uniaxial compression demonstrate that struts aligned with the loading axis are prone to
be compressed, while orthogonally oriented ones tend to be stretched [160]. If trans-
ferred to np Au, the macroscopic response towards uniaxial compression should inherit
a tensile-mediated deformation signature transverse to the loading direction. With the
right measurement tools, this intriguing concept facilitates direct insights into the plastic
deformation behavior of individual nanoscale ligaments and with that exploration of a
possible tension–compression asymmetry, as supported by the results of this work.

1.5 Research objectives and experimental approaches

In the previous sections, it has been highlighted that nanoporous metals are a unique
class of materials with great potential as model systems for the exploration of small-scale
mechanics. Moreover, the presented application scenarios demonstrate that nanoporous
metals appear as promising candidates for functional materials in engineering purposes.

Although nanoscale materials have attracted considerable interest in research and in-
dustry for more than three decades, size-related effects on their deformation behavior
remain unclear. While the commonly employed concept of a “smaller is stronger” re-
lation appears to be true for specimens subjected to tensile deformation, simulations
suggest a breakdown of the strength at sizes below 100 nm during compression. It is
argued that the ensuing tension–compression asymmetry can be attributed to the in-
teraction of capillary forces. However, experimental evidence supporting this notion is
missing and individual compression tests of nanometer-sized samples prove to be highly
problematic. With their combination of small and tailorable ligament size and macro-
scopic sample dimensions, nanoporous metals appear as optimal candidates to shed light
onto this fundamental issue.

It is therefore one aim of this thesis to provide experimental insights into the defor-
mation mechanisms of individual nanoscale objects. For this, an in situ mechanical test
setup is developed to measure the elastic and plastic deformation behavior of macroscopic
nanoporous samples under uniaxial compressive loading. The analysis is based on the
previously introduced concept of local stress state distributions in individual ligaments
during deformation of the network structure. By using digital image correlation – an op-
tical full-field measurement technique – compressive- and tensile-mediated deformation
contributions may be identified during mechanical testing. In order to single out the role
of surface-induced capillary forces, two types of experimental conditions are proposed:

• Variation of the overall surface contribution by thermal tuning of the ligament size.

• Reversible modulation of the capillary forces by electrochemical control of the sur-
face state.

For these studies, mm-sized nanoporous gold samples prepared by dealloying are used
due to their high plastic deformability4 and chemical resilience.

While precious nanoporous metals are well-suited model materials for exploring funda-
mental aspects of material science, use in industrial application is severely limited due to

4Note, even though np Au exhibits significant plasticity in compression, its tensile brittleness leads to
the general denotation as brittle material. In parts of the scientific community even the notation
of ductility in compression is rejected. Hence, this work uses the term deformability during plastic
deformation under compression.
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their high price. As detailed above, no nanoporous metal combines affordability with the
technologically required high surface area and plastic deformability, so far. Therefore,
the second objective of this thesis is the development of a novel nanoporous material
solely created from low-priced base metals that meets the following requirements:

• Large and tunable surface area to benefit from surface-related effects.

• High strength and significant plastic deformability during compressive loading.

• Functionalization potential comparable to precious nanoporous metals.

A strategy is explored that aims to develop mm-sized nanoporous bodies made of
copper-nickel, a group of alloys also known as Chinese- or German Silver. Copper-Nickel
has been used in coin production for almost two millennia [82, 161], while nowadays its
field of application has been extended to modern marine applications due to its excellent
corrosion resistance [162,163]. The concept combines the comparative ease of dealloying
and the malleability of Cu with Ni’s potential for functionalization. Microstructural
analysis techniques, compressive testing and electrochemical surface modulation are used
to characterize structural features, mechanical properties and functionalization potential
of the material.

1.6 Outline of the thesis

This thesis is structured as follows.
Chapter 2 describes fundamental aspects related to this work. Conventional formation

mechanisms during electrochemical dealloying are described in more detail to provide a
basis of discussion for the unique microstructure observed in nanoporous copper-nickel.
Moreover, the chapter gives a detailed introduction into capillarity at solid surfaces and its
susceptibility towards electrochemical modulation. This information is deemed necessary
to understand the concept of surface-induced tension–compression asymmetry. Finally,
basic concepts of image correlation are presented since all mechanical measurements are
analyzed by this technique.

In Chapter 3, experimental details are given to provide insights into the characteriza-
tion and synthesis procedures. Electrochemical analysis and sample preparation schemes
are described as well as mechanical tests and evaluation procedures.

Chapter 4 is dedicated to the exploration of potential tension–compression asymmetry
by the action of capillary forces. In the first part of this chapter, results of the mi-
crostructural and the mechanical characterization of nanoporous gold are presented. In
the second part, these observations are discussed, with a particular focus on the contri-
bution of capillary forces towards the mechanical behavior. Most experimental results
and main concepts of this chapter have been published in References [164,165].

Chapter 5 is focused on the investigation of newly developed nanoporous copper-nickel.
In the first part, findings of the detailed microstructural analysis are presented as well
as mechanical characterization during compression testing and actuation measurements.
The results are discussed in the second part of this chapter with specific emphasis on
microstructural the particularities. Experimental observations of nanoporous copper-
nickel have partially been published in Reference [166]. The characterization of elemental
nanoporous nickel (published in Reference [87]) and nanoporous copper served as a basis
of comparison.
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Finally, Chapter 6 provides a conclusion of the main findings of this work as well as
an outlook on future investigation opportunities.
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2 Fundamentals

2.1 Morphology evolution during dealloying

The fundamental formation kinetics are essentially similar among different dealloying
techniques [51], regardless whether dissolution of one alloy component is caused by liquid
metal, vaporization or corrosion (see Section 1.2). Since this work is focused on electro-
chemical dealloying, morphology evolution is described with regard to this technique in
the following.

Selective dissolution of one component from a massive precursor alloy by means of
corrosion requires a difference in corrosion potentials – usually a few hundred millivolts
– between the less noble sacrificial constituent and the more noble, stable elements that
form the network. The driving force of the electrolytic dissolution process is an applied
electrical potential [53]. A single-phase alloy precursor – in the form of either a solid solu-
tion or an intermetallic compound – is deemed necessary to produce uniform nanoporous
structures [67].

Porosity evolution during dealloying emerges from two kinetic processes: electrochemi-
cal dissolution and capillary-driven interface diffusion [167]. The onset of bulk dealloying
and with that a significant rise in current occurs when the electrical potential exceeds
a composition-depended critical value EC during a Tafel scan. At potentials below EC,
atoms of the more noble component accumulate and passivate the surface [168]. Above
EC, less noble species are dissolved in a layer-by-layer mode forming growing pits with
receding step edges. Instead of remaining as thermodynamically unfavorable adatoms,
noble atoms diffuse along the interface to agglomerate into clusters while exposing “new”
precursor alloy to the environment, as depicted in Figure 2.1 (a) [53]. As corrosion pro-
ceeds inwards, the clustered islands develop into growing mounds enriched of noble el-
ements (Figure 2.1 (b)). First ligaments take on shape as simultaneous growth of pits
and mounds causes undercutting of the expanding clusters, as illustrated in Figure 2.1
(c). At these initial stages of dealloying, newly formed ligaments are a few nm in size
and still contain a high amount of sacrificial species within the bulk – in the range of a
few tens of at.% [169] – as the agglomerated more-noble atoms passivate the ligaments
surface [167].

The process that ultimately determines the final morphology and chemical compo-
sition of the emerging porous structure is capillary-driven coarsening, as illustrated in
Figure 2.2. Following the primary dealloying front, some ligaments increase in size while
others are consumed as the more-noble atoms rearrange due to curvature-induced surface
diffusion. In the process, clusters of previously screened precursor alloy in the ligament
interior are exposed to the surrounding electrolyte. Secondary dealloying further dissolves
the less-noble species leading to a significant reduction in residual content [167,169].

It becomes obvious that the structural evolution during dealloying is a result of a
variety of factors that can – to some extent – be controlled accordingly. To name a
few, dissolution and interface diffusion rate are determined by temperature [168, 170],
pH value and ionic conductivity of the electrolyte [171], alloy composition [172] and
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Figure 2.1: Porosity evolution during primary dealloying. (a) Atoms of the less noble species
(gray) are dissolved from the alloy while the more noble component (yellow) diffuses along the
interface to agglomerate. (b) Formation of mounds enriched of noble elements (yellowish re-
gion). (c) Initial evolution of the ligament structure as a result of undercutting of the otherwise
passivated mounds.

Figure 2.2: Formation of the final ligament structure by concurrent coarsening and secondary
dealloying. Atom positions are rearranged as curvature-driven surface diffusion results in a coars-
ening of the ligament structure. During this process pristine precursor material of the ligament’s
interior is exposed to the electrolyte and likewise dissolved from the alloy.
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applied electrical potential [53,143]. If these kinetic processes can be controlled properly,
dealloying can be a versatile technique in the preparation of tailor-made nanostructured
materials.

2.2 Capillary forces at solid surfaces

2.2.1 Surface stress and tension of solids – a definition

Surface atoms exhibit a higher energy compared to their underlying bulk. As a conse-
quence, the change in free excess energy, δG, during variation a physical surface area, δA,
is the principal thermodynamic quantity in the description of interfaces [173]. Similar
to the bulk of a material, extension of a solid’s surface area can occur through elastic or
plastic processes, alike. Depending on the mode of surface extension, different variations
in δG are found as explained in the following.

During plastic surface area formation, atoms are transferred from the bulk into the
surface or vice versa, a process that does not alter the atomic structure. Plastic variation
of the net area is represented by the surface tension, γ, a measure of the excess energy, per
area of surface over the bulk energy of a body. In a one-component system, i.e. constant
chemical potential µ, constant temperature, T , and constant elastic surface strain, e1, γ
is defined as [22]

γ =

(
δG

δA

)
µ,T,e

. (2.1)

The magnitude of the surface tension depends, among others, on the crystallographic
orientation of the surface [174]. As a result, solids tend to crystallize in their distinct,
faceted shape [175].

In contrast, elastic surface area alteration occurs in the form of reversible stretching
of a pre-existing surface by δe, without addition or removal of matter into or from the
surface, respectively. Here, variation of δG is related to the surface stress, s, – a second
rank tensor that denotes the in-plane stress state – by δG = Asδe [22]. According to
Shuttleworth’s equation, s is given in a laboratory frame of reference as [176,177]

sL = γLI +
δγL

δe
. (2.2)

Here, the superscript refers to the coordinate system and I = (δij)i,j∈{1,2}. The variation
of s with γ is illustrated more clearly by transformation of Equation 2.2 into Lagrangian
coordinates: [178]

s =
δγ

δe
. (2.3)

In this frame of reference s and γ are measured with respect to the unstrained (e = 0)
reference area, A0. This concise notation will be prevalently used in the course of this
work. Lagrangian and laboratory surface area are linked by AL = A0(1+εplastic)), where
εplastic refers to the plastic extension of the surface area [178]. For isotropic surface
straining, the scalar surface stress can be simplified to f = 1

2tr(s) = δγ/δεelastic, with the

1e is an in-plane strain tensor that designates tangential elastic deformation components at the surface.
In normal direction of the surface, relaxation may occur freely.
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scalar elastic strain, εelastic = 1
2tr(e). While for liquids surface stress and surface tension

are identical, values of f and γ can differ in magnitude [179] and even sign2 [181].

2.2.2 Influence of electrode polarization on capillarity

Metal electrodes in electrolytic environment can exhibit spontaneous or potential-induced
polarization of the surface. Numerous studies have demonstrated that elastic deformation
of solids can be induced through a variation in the applied electrical potential [182–185].
This effect is linked to changes in surface stress, df , as a result of interfacial charging;
denoted by variation in superficial charge density, dq. Both quantities are related by the
constant ς, generally referred as surface-stress charge density coefficient to [22,182]

ς =

(
df

dq

)
µ,T,e

. (2.4)

In the vicinity of the potential of zero charge (pzc), the surface stress varies linearly with
the superficial charge density to [22,182]

∆f = f − fpzc = ςq, (2.5)

as illustrated by cantilever-bending experiments of polarized gold in NaF in Figure 2.3.
The coupling between surface stress and superficial charging can be exploited for actu-
ation [3, 4] and sensor [6] purposes, provided the system’s solid component exhibits a
sufficiently high surface area to volume ratio.

A fundamentally different response towards charging of polarizable electrodes is ob-
served for plastic surface area formation. For a one-component system, variation in
surface tension, dγ, during alteration of an applied electrical potential, dE, is described
by Lippmann’s classical equation as [22,182,186,187]

− q =

(
dγ

dE

)
µ,S,e

. (2.6)

In case of a potential-independent double-layer capacitance c = dq/dE, capacitive charg-
ing at the solid–electrolyte interface can be estimated as [188]

∆γ = γ − γpzc = −1

2

q2

c
. (2.7)

It can be seen that γ reaches its maximum extent at the potential of zero charge, see
Figure 2.3. Accordingly, the superficial charging consistently diminishes a materials
resistance against plastic surface formation; for solids and liquids alike [22].

2.3 Surface-induced tension–compression asymmetry?

Simulations of nanoscale elements find asymmetric plastic yielding behavior that is be-
lieved to arise from the action of capillary forces, as described in Section 1.3. While the
general influence of capillarity on plasticity is not in question, a recent debate ensued on
the impact of individual contributions of surface stress, f , and surface tension, γ [20].
Several studies attribute to f a decisive role in the plastic deformation of objects at the
lower nanoscale [142, 189–192]. These considerations are based on large bulk stresses,

2Note that the value of γ is considered to remain positive in equilibrium states [180].
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Figure 2.3: Variation of the capillary forces with superficial charge density, q. Experimental
data is from cantilever-bending testing of gold during capacitive charging in 7 mM NaF. The
data shows linear dependence of the surface stress, f (red), in the vicinity of the potential of
zero charge (pzc). In contrast, the surface tension, γ (blue, ten-fold magnification for improved
visibility), exhibits an essentially different value evolution with a maximum at the pzc and a
parabolic distribution. Reprinted with permission from Reference [22].

σC, that are expected to arise for features with very small characteristic radii, r. Im-
posed stresses are in the order of σC ≈ f/r [193] and can exceed values of a few GPa for
nanoscale objects with f ≈ 2 N/m to 3 N/m [183]. However, in their study Mameka et
al. [20] argue that the imposed bulk stress is compensated for by opposite-signed stress
in the surface region.

An even more compelling argument that rejects a significant impact of f on plas-
tic yielding is derived from energy-based considerations. Mameka and coworkers illus-
trate the influence of f on the specific surface energy using the example of a cylindrical
nanowire, for which γ ensues as [20]

γ = γ0 −
3− 5νE

4Y
f2α. (2.8)

With the surface-tension in the unstrained state, γ0, the elastic Poisson ratio νE, the
Young’s modulus, Y , and the volume-specific surface area α = A/V ; for a detailed
derivation of Equation 2.8 the reader is referred to Reference [20] and its supplementary
material. For the example of a Au wire with 111-type surfaces, γ = 1.1 N/m, f = 3.3 N/m
[194], Y = 81 GPa and νE = 0.42 [138], even wire dimensions as small as r = 1 nm
yield a surface stress contribution of merely 0.12 N/m, around one order of magnitude
smaller than γ. The influence of f diminishes further with increasing feature sizes. At
dimensions of a few tens of nm – which poses the relevant size regime in this work – no
significant contribution of f towards plasticity can be expected. In their study, Mameka
and coworkers experimentally support these considerations by distinguishing between
individual contributions of f and γ on plasticity [20].

Since the impact of f on σy is found negligibly small, the surface tension can be
identified as the driving capillary force regarding small scale plasticity. During plastic
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Figure 2.4: Schematic illustration of surface excess energy contribution, δG = γδA, towards
plastic deformation of elongated, nanoscale elements. Images depict array of bulk (yellow) and
surface atoms (red) with a constant number of atoms in the undeformed state (center) and
after plastic deformation in compression (left) and tension (right). Surface tension, γ, causes
asymmetric yielding as it promotes compression and impedes tensile deformation.

flow of long objects, plastic changes in surface area entail a variation in surface excess
energy δG = γδA that results in directional strengthening or weakening, as illustrated in
Figure 2.4. In other words, the surface tension acts against the formation of new surfaces.
This in turn promotes plastic compression (δA < 0) and impedes tensile deformation
(δA > 0).

Indeed, the impact of surface tension on plasticity has been demonstrated in several
studies on creep deformation of µm-sized structures. Zero creep experiments on metal
wires at elevated temperatures – pioneered by Udin around 1950 [195, 196] and later
extended to multilayers [197] – determine γ by measuring the extra tensile traction, ∆T ,
required to suppress surface-mediated sample contraction. In these experiments, the
surface excess energy contribution exceeds the conventional dissipative forces that resist
the deformation. This in turn would lead to shortening of the sample if not compensated
for by ∆T . In a steady state, i.e. creep rate of zero, the dissipative forces vanish and for
circular wires with the radius, r, the following relation ensues: [195,196]

∆T =
γ

r
. (2.9)

It can be seen that the zero creep experiments indicate a surface-mediated tension–
compression asymmetry of the mechanical behavior at elevated temperature. The action
of the capillarity hinders creep deformation in tension but accelerates creep in compres-
sion. Similar observations have been reported for materials wetted by electrolyte. Surface
polarization has been found to distinctively promote tensile creep deformation [198–200]
and crack propagation [201], alike. Both effects can be understood from a reduction in
γ as a result of electrode polarization, as described in the previous section.

The impact of capillary forces on the plastic flow behavior may be explored similar to
the previously described concepts. Zero creep testing typically uses wires with a diameter
of a few tens of µm and very low stresses in the range of merely 0.01 MPa to 0.1 MPa.
However, according to Equation 2.9, the stresses required to compensate surface-induced
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2.4 Deformation measurement by image correlation

contraction should increase dramatically for nanoscale objects. For example, in a gold
nanowire with a diameter of 10 nm and γ ≈ 1.4 J/m2 a stress of ∆T = 240 MPa is
required to compensate contraction. Moreover, plastic variation in surface area requires
the same formation energy regardless of whether the deformation originates from creep
or plastic yielding. This implies that a 10 nm gold wire exhibits an extra increase in
strength of 240 MPa in tension, while the compressive strength is reduced by the same
extent. Thus, asymmetric yielding is suggested to result in a directional difference in
strength of 480 MPa. A decisive impact on the mechanical behavior of nanomaterials
may be expected by this huge contribution.

As described earlier, on a microscopic scale network structures exhibit signatures of
both, tensile and compressive deformation contribution, during uniaxial loading. Macro-
scopically, both deformation modes determine the transverse mechanical coupling be-
havior. This can be used to determine possible asymmetric plastic flow procured by the
surface tension, as it should, theoretically, promote deformation in one orientation – the
compression dominated direction – and restrict deformation in the other one – the tensile
dominated. A full-field measurement technique that captures the transverse mechanical
coupling during deformation is presented in the following Section.

It can be seen from Equation 2.9 that the influence of the surface tension on potential
directional strengthening or weakening can be manipulated by different methods: vari-
ation of the ligament size, e.g. by thermal annealing, and modification of γ itself, e.g.
by controlled polarization. In this work, both concepts will be explored as they offer
different characterization opportunities. For instance, ligament size control enables a
wide-ranged variation of the surface contribution, while sample polarization enables in
situ modulation of γ during mechanical testing.

So far, the impact of capillary forces has only been discussed with respect to the
plastic flow, neglecting a potential influence of the surface stress on the elastic mechanical
properties. As described in Section 1.3, for clean metal surfaces the influence of surface
stress on the Young’s modulus is considered negligible. However, instead of prematurely
ruling out a contribution of f – especially since the utilized polarization experiments are
partly based on adsorbate covered surface states – the transverse coupling behavior is
analyzed in this work during elastic deformation with varying ligament sizes and surface
polarization, as well.

2.4 Deformation measurement by image correlation

Digital image correlation (DIC) can be used as a technique to measure surface deforma-
tion of solids during mechanical testing. While classical measurement techniques such as
strain gauges, extensometers or clip gauges are typically limited to the measurement of a
single dimension, DIC affords in situ evaluation of 2D and 3D displacement fields [202].
Among others, full-field characterization offers the investigation of localized strain dis-
tribution [203], crack propagation [19] and lateral deformation behavior [204]. These are
all aspects that elude conventional testing techniques.

DIC uses gray scale images that are recorded during testing by one (2D) or multiple
(3D) digital cameras. Objective of the image correlation is the tracking of individual
pixels in subsequent images in order to determine their displacement. The basic concept
of DIC will be exemplified on the basis of Figure 2.5 in the following. For an extensive
description of DIC Reference [205] is recommended.

In the example in Figure 2.5, an in-plane translational movement of a 5×5 pixel array
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2 Fundamentals

Figure 2.5: General concept of digital image correlation exemplified on a 4 bit subset with a size
of 5×5 pixels. (a) Spatial distribution of discrete gray scale values as obtained by digital imaging.
Inset shows 2D depiction of the pixel array with corresponding intensity values. (b) Bicubic inter-
polation (rainbow colored surface) of gray scale values enables matching of the intensity profile in
subsequent images. (c) Rigid in-plane motion of the interpolated subset between reference (gray

scale coloring) and a consecutive image (rainbow colored scale) by a mean displacement~b = (u, v).
Projection on xy-plane shows interpolated intensity profiles for better comprehensibility.
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with an intensity resolution of 4 bit is depicted. Spatial distribution and gray scale values
of the individual pixels are given in Figure 2.5 (a). The inset shows a 2D view of the
same pixel array with corresponding intensity values. While individual pixels can not be
tracked due to the fact that single intensity values are not unique, an array of neighboring
pixels – a so called subset – may. Next to a sufficiently large subset size, a distinguishable
variation of intensity values between neighboring pixels is a prerequisite to the tracking
of subsets in subsequent images. In this example, the whole 5 × 5 pixel array is chosen
as the subset.

As digital images consist of pixels with discrete intensity values, it is not possible to
track the subsets. In reality pixels are not displaced exactly by an integer multiple of
the pixel size between two consecutive images. For this reason, intensity values change
with every following image, making it impossible to match a subset to its preceding
image. The solution to this dilemma is the interpolation of the intensity values within one
subset. This is illustrated in Figure 2.5 (b) by means of a bicubic interpolation approach
(rainbow colored surface). The displacement of the resulting 2D intensity profile can be
traced in consecutive images through error approximation. From this correlation a mean
displacement of the subset center point, ~b = (u, v), is calculated. In case of mere in-plane
translational movement all pixels within a subset are displaced by the same vector ~b
between reference (gray colored surface) and matched image (rainbow colored surface),
as shown in Figure 2.5 (c).

However, if deformation or rotation occurs in consecutive images the subsets are dis-
torted. In this case, the displacement of individual pixels within the subset deviates from
~b. Analog to finite element methods, shape functions ξi(xi, yi) and ηi(xi, yi) are used to
transform pixel coordinates in the reference subset, (xi, yi), into the new coordinates of
the distorted subset (x′i, y

′
i) as [206](

x′i
y′i

)
=

(
xi
yi

)
+

(
ξi(xi, yi)
ηi(xi, yi)

)
. (2.10)

An example for a subset subjected to shear deformation and translational movement
is given in Figure 2.6. Here, distortion and translation can be described using first
order affine coordinate transformation. The position of a point Q(xi, yi) in the reference
subset (gray scale coloring) can be matched to the distorted subset Q′(x′i, y

′
i) (rainbow

scale coloring) with the mean displacement ~b = (u, v), ∆x = xi − x0 and ∆y = yi − y0
via [207] (

x′i
y′i

)
=

(
xi
yi

)
+

(
u
v

)
+

(
δu
δx

δu
δy

δv
δx

δv
δy

)(
∆x
∆y

)
. (2.11)

With this set of tools the displacement of every pixel, ~s = (sx, sy), within a subset can
be calculated. In reality, oversampling is commonly applied by using overlapping subsets
to minimize correlation errors, albeit systematic studies investigating this effect have
only been reported recently [208]. Most accurate results are achieved when subset center
points are set within a step size of 20 % to 35 % of the subset size [208].

The strain can be simply computed using finite displacement differences εij ≈ ∆si/∆j.
For example, the shear strain εxy of a pixel at position (n,m) and with a distance, d,
between neighboring pixels is calculated as [209]

εxy =
sx(n,m+ 1)− sx(n,m− 1)

d
. (2.12)
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Figure 2.6: Schematic depiction of a subset before (gray scale coloring) and after deformation
(rainbow scale coloring). In contrast to rigid in-plane motion, shape functions are required to
match off-center pixel displacement during subset distortion or rotation.

While DIC is a powerful measurement technique, its complexity yields a variety of
potential error sources. Poor lighting conditions are a common problem during image
correlation. These include varying illumination intensity, lack of contrast and specular
reflection. Especially the latter proves an often underestimated issue, as specular reflected
light depends on the incident angle rather than on the displacement of the samples
surface. Diffuse reflection conditions can be accomplished by indirect lighting or use
of rough sample surfaces, e.g. base coat paint. Also, out-of-plane motion, ∆z, of the
recorded object (in 2D) produces errors during calculation of the normal strains εxx and
εyy. Depending on the distance between object and camera pinhole, z, strain errors due
to out-of-plane motion ensue to [205]

εxx = εyy ≈ −
∆z

z
; εxy ≈ 0. (2.13)

Strain errors due to out-of-plane displacement can be reduced using telecentric objectives
or large working distances between object and camera pinhole. Miscalculation of strains
by out-of-plane motion can be entirely circumvented by using 3D DIC with multiple
cameras, however, at the cost of increased system complexity [205].

In addition to physical error sources related to the test setup, the imaging and the
specimen, algorithms used during image correlation affect the measurement’s accuracy,
too. Interpolation schemes, shape functions and correlation algorithm all rely on approx-
imations to determine the surface’s displacement, thereby – by definition – introducing
errors to the analysis [206,207].
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3 Materials and Methods

3.1 Electrochemical techniques

3.1.1 Configuration of cells and electrodes

In this work, electrochemistry not only provided the basis for formation of nanoporosity
during sample fabrication, but was also employed to study the effect of surface modula-
tion on the deformation behavior of nanoporous gold (np Au) and the actuation response
of nanoporous copper-nickel (np CuNi). The electrochemical experiments used poten-
tiostats in a three-electrode configuration as schematically shown in Figure 3.1. In this
electrode setup, the working electrode (WE) designates the site where the desired reac-
tions occur. The electrical potential is controlled with respect to a reference electrode
(RE); the resulting current passes between WE and a counter electrode (CE).

To provide stable and reproducible potential control, a general requirement for a
RE [210], Ag/AgCl was chosen as reference system for all but alkaline solutions; here, a
commercial Hg/HgO electrode was employed. Preparation of np CuNi by electrochem-
ical dealloying and voltammetric sweeps of the elemental precursor constituents (see
Section 3.2.1) used a commercially available electrode. Here, a AgCl-coated silver wire is
immersed in 3 M KCl reference solution and separated from the surrounding electrolyte
by a glass frit. This system allows for stable, pH-independent measurement of the electri-
cal potential with a constant potential offset of +210 mV versus the standard hydrogen
electrode (SHE). As ions need to migrate through the separating frit into the reference
solution, ion exchange also occurs in opposite direction. For instance, Cl– ions can mi-
grate from the reference solution into the electrolyte. This effect becomes problematic
when WE and CE are susceptible to side reactions with ions from the reference solution.
In case of gold, presence of even small amounts of Cl– ions cause dissolution of Au into
AuCl–4 at dealloying potentials of np Au [211]. For this reason, pseudo Ag/AgCl reference
electrodes were employed in all studies involving np Au. In opposition to a conventional
RE, pseudo REs are directly immersed into the electrolyte. This avoids contamination
of the electrolyte due to the absence of a reference solution. A pseudo RE needs to be
calibrated in every environment since its electrical potential is not fixed but depends on
the composition of the electrolyte.

Pseudo REs were fabricated by electrolytic coating of Ag wires (99.99 % metal base
purity) with AgCl in 1 M HCl. The preparation used a constant potential of 1 V applied
versus another silver wire (configured as RE and CE). As the pseudo Ag/AgCl electrode’s
potential depends on the surrounding electrolyte, all pseudo REs were calibrated against
a reversible hydrogen electrode (Gaskatel, Hydroflex) in the respective solution.

The small installation space occupied by the flexible self-made pseudo REs is another
important aspect for their usage during electrochemical experiments. While commercial
REs are rigid and large in size, Ag/AgCl pseudo REs can be installed in the miniaturized
electrochemical cells that are used in electrochemomechanical testing (see Section 3.3.5).

Counter or auxiliary electrodes are selected to be chemically inert under the applied
electrochemical reaction conditions. Moreover, in order to balance reactions occurring at
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Figure 3.1: Schematic illustration of an electrochemical cell utilized for dealloying in aqueous
electrolytes. A three-electrode setup – composed of working (WE), reference (RE) and counter
electrode (CE) – allows for a stable, potential controlled corrosion process.

the WE, the CE requires a surface area of similar or greater size than the WE to avoid
interference with the measured reaction. Specifics on CEs and electrolytes can be found
in the respective section.

All electrochemical experiments were exposed to air and conducted at room temper-
ature. Aqueous solutions were prepared with high purity water (≥ 18.0 MΩ cm). For
comparability, electrical potential data is presented with respect to the standard hydro-
gen electrode (SHE).

3.1.2 Chronoamperometry

Electrochemical experiments were configured by the software NOVA (Metrohm, Version
1.10) and performed using potentiostats of the PGSTAT-series (Metrohm, Models 30,
100, 101, M204 and 302N). In this work, chronoamperometry was employed during ma-
terials synthesis as well as for in situ surface modulation of nanoporous metals during
mechanical testing, as detailed in Section 3.3.5 of this chapter.

Chronoamperometry produces a series of potential steps between WE and RE for
defined time intervals during which the electrical potential, E, is kept constant. The
resulting current, I, is monitored continuously during the procedure. An example for a
chronoamperometric measurement is given in Figure 3.2. The plot shows a dealloying
and polarization routine used in the synthesis of np CuNi. Two potential steps (dashed
blue line) are shown and a current (solid red line) that primarily originates from anodic
dissolution of Mn2+ ions, as detailed in Section 3.2.1.
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Figure 3.2: Two-step chronoamperometry procedure demonstrated on a dealloying process form-
ing nanoporous copper-nickel. Applied step potentials, E, (dashed blue lines) and corresponding
current, I, (solid red line) are plotted vs. time, t. The porous structure evolves at a constant
applied electrical potential, Edealloying, through the dissolution of Mn2+ ions. An additional po-
larization step, Epolarization, further reduces the residual Mn-concentration of the nanoporous
structure.

3.1.3 Voltammetry

Voltammetry involves the imposition of quasi-linear potential variations on the WE with
simultaneous recording of the current [210]. A linear potential progression is generated
from a series of discrete potential steps and applied with a mean scan rate, v = dE/dt,
between 1 mV s−1 and 20 mV s−1, depending on the measurement scenario. This “stair-
case” technique was selected as it enabled slow scan measurements (v < 10 mV s−1) as
opposed to experiments in linear, i.e. continuous, scan mode.

Note, that positive going currents are designated as anodic and negative going currents
as cathodic [210]. In this work, two types of voltammetric measurements have been
employed: linear sweep and cyclic voltammetry.

Linear sweep procedures consist of a single anodic potential progression from low,
Elow, to high potentials, Ehigh. These measurement protocols yield polarization curves
that are used to identify dissolution potentials of metals in their respective electrolytic
environment [212], as demonstrated in Section 3.2.1.

During cyclic voltammetry (CV), a series of alternating anodic and cathodic potential
sweeps is employed on the WE to produce a triangular waveform bounded by preselected
Elow and Ehigh. A measurement of nanoporous gold imposed to cyclic voltammetry in
1 M HClO4 at a scan rate of 1 mV s−1 is shown in Figure 3.3. Graph (a) demonstrates the
generated potential waveform of one cycle (solid line) plotted versus time; dashed lines
indicate following potential cycles. The current response as a result of the variation of the
electrode potential is recorded in the so-called voltammogram; see Figure 3.3 (b), scan
directions are indicated by arrows. In these measurements, every energetically different
reaction on the electrode’s surface results in a current [213].

For instance, in case of np Au two distinctive regimes can be identified from the voltam-
mogram in Figure 3.3. At low potentials of up to around 1 V versus SHE (I, light region
in graph), capacitive charging through the formation of an electrical double layer is the
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Figure 3.3: Nanoporous gold analyzed by cyclic voltammetry at a scan rate of v = 1 mV s−1

in 1 M HClO4 electrolyte. (a) Triangular waveform of a potential cycle imposed on the working
electrode between Elow and Ehigh plotted vs. time, t. (b) Resulting cyclic voltammogram with
anodic and cathodic scan direction indicated by arrows. Two distinctive current-potential regions
appear that are linked to the materials surface state: capacitive double layer charging (I, light
region in graph) and chemisorption of oxygen species (II, shaded region).

only reaction that can be observed on the gold surface [214]. At high potentials (> 1 V),
pseudocapacitive processes occur in the form of reversible oxidation (anodic scan) and
reduction reactions (cathodic). In the voltammogram, these redox reactions are indicated
by the shaded region in Figure 3.3 (II). During anodic oxidation, monolayer adsorption of
OH-species on the gold surface occurs along a potential range leading to a current plateau
rather than a sharp peak at a discrete potential value. During cathodic scanning, the en-
tire monolayer is removed in a single reduction peak leading to an adsorbate-free, metallic
gold surface [215]. The origin of the resulting hysteresis is attributed to gradual changes
in the nature of the oxide film during the formation reaction, for further details the reader
is referred to Reference [215]. Finally, electrochemical scans may also entail faradaic, i.e.
non-recoverable, reaction contributions. In this context, hydrolysis represents a typical
example of faradaic currents during CV of np Au in 1 M HClO4: if E is applied beyond
the stability range of H2O, gaseous hydrogen or oxygen form at the electrode surface
and are released into the environment. Moreover, faradaic reactions may be triggered by
impurities within the electrolyte. For this reason, electrolytes were purged with argon
gas prior to voltammetric analysis.

In this work, CV was used to reduce the residual Ag content during np Au fabrication
(Section 3.2.3), as well as to quantify the impact of electrochemical polarization on the
surface tension at any given potential as described in Section 3.3.3. Finally, actuation
measurements of np CuNi used CV to correlate electrochemical reactions to the induced
deformations (Section 3.3.6).
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Figure 3.4: Photographs of the melting furnaces used for alloying. (a) Induction furnace used
for the preparation of Cu20Ni10Mn70 alloy. Both, coil and crucible are cooled during induction
heating. (b) Arc melter employed for alloying Au25Ag75 precursors. The argon plasma is ignited
and maintained between the tungsten tip and the cooled copper ground plate.

3.2 Preparation of bulk nanoporous metal by dealloying

3.2.1 Nanoporous copper-nickel

Developing ductile nanoporous base metals has proven a problem and remains to be
solved. However, as long as requirements described in Section 1.2 are met, electrochemi-
cal dealloying is a technique that should – in principle – produce non-precious nanoporous
metals with macroscopic dimensions and plastic deformation behavior. This work’s ap-
proach to fabricate nanoporous copper-nickel is presented in the following.

Cu and Ni metal wires (99.98+ % metal-base purity, ChemPur) and electrolytic Mn
granulate (99.99 %, ChemPur) provided the basis of the Cu20Ni10Mn70 precursor alloy.
Prior to alloying, superficial oxides of Mn granulates – a residual from the manufacturer’s
electrowinning process – were dissolved using 1 M oxalic acid. Alloying of electrolytic Mn
requires carefully controlled heating conditions since Mn exhibits a high vapor pressure at
its melting point [216]. This necessitates a fast melting procedure with little overheating.
Simultaneously, the high sensitivity towards thermal shocks that is displayed by the
granulates needs a homogeneous heating process. The aforementioned alloying conditions
were met by melting the precursor materials in a cold-crucible induction furnace in argon
atmosphere at a pressure of around 0.7 atm, see Figure 3.4 (a).

At elevated temperature, alloys composed of Cu, Ni and Mn are miscible and can be
homogenized into a single-phase solid solution [217]. This is a prerequisite for uniform
morphology formation, as detailed in Section 1.2. At room temperature, multiple phases
are expected in equilibrium for ternary Cu-Ni-Mn alloys. The estimate is based on the
binary phase diagrams depicted in Figure 3.5. This is due to the fact that there are
no comprehensive ternary phase diagrams available for the Cu-Ni-Mn system at low
temperatures. In order obtain a single-phase solid solution, the precursor alloy was
annealed in argon gas at 850 ◦C for around 12 h and subsequently quenched in water.
The resulting master alloy was turned into rods with a diameter of around 1.1±0.05 mm
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Figure 3.5: Binary phase diagrams of the copper-nickel-manganese (Cu-Ni-Mn) system. The
graphs are for: (a) Cu-Mn [219], (b) Cu-Ni [220] and (c) Mn-Ni [221]. The graphs are reprinted
with permission.

using a lathe and then cut into cylinders with a length of 1.8±0.1 mm. These dimensions
were chosen in accordance with compression testing schemes derived for metallic foams
that suggest sample aspect ratios ≥ 1.5 [218].

Sufficiently large differences in corrosion potential between dissolved and remaining
species of atoms are a prerequisite for successful dealloying. In this context, a frequently
consulted parameter for the estimation of electrochemical activity in aqueous solutions
is the standard potential, E0, [222] which refers to the element’s potential in a model
electrolyte, i.e. at 25 ◦C, pH = 0 and a metal ion concentration of 1 M [73]. In case of
Cu20Ni10Mn70, a large difference in standard potentials is easily met as E0 of Cu and
Ni are significantly more positive than Mn1. However, as E0 describes the pure metal’s
activity under model conditions, corrosion potentials deviate from E0 in electrolytes with
a pH 6= 0 or with complex-forming species such as F– , Cl– or NH3 [73].

Dealloying of the Cu20Ni10Mn70 master alloy was carried out in an aqueous electrolyte
composed of 10 mM HCl (≥ 99 % purity) and 1 M KCl (≥ 99.5 %). In this solution, hy-
drochloric acid controls the pH value that is measured as 1.8 (Gaskatel, pHydrunio) and –
as a consequence – the Mn2+ activity. Addition of potassium chloride ensures a high ionic

1E0 =+340 mM, −257 mM and −1180 mM vs. standard hydrogen for Cu/Cu2+, Ni/Ni2+ and Mn/Mn2+

redox systems, respectively [73].
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Figure 3.6: Polarization curves of pure metals obtained from linear potential sweeps with a scan
rate of 20 mV s−1 in 10 mM HCl + 1 M KCl electrolyte. A difference of around 1 V in corrosion
potentials is observed between Mn and the more noble Ni and Cu.

conductivity. Polarization curves of pure Cu, Ni and Mn2 were derived from potential
sweeps at a scan rate of 20 mV s−1 which are shown in Figure 3.6. In these experiments,
carbon cloth served as CE. In contrast to their standard potentials, Cu and Ni exhibit an
essentially similar corrosion potential of around −0.1 V in the present electrolyte. These
potentials designate the upper limit for stable electrochemical dealloying of np CuNi. At
a corrosion potential of roughly −1.1 V, Mn dissolution imposes the lower limit of the
dealloying window. The large difference in dissolution potentials – around 1 V – between
sacrificial and remaining species easily meets the required electrolyte conditions.

Electrochemical dealloying was conducted in an electrolyte-filled glass cell (Figure 3.1).
In this setup, the precursor alloy was clamped and electrically connected with a gold wire
(WE), while a graphite rod served as CE. Two-step chronoamperometry was applied at
a constant electrical potential of −410 mV vs. SHE, which was stopped when the current
dropped below 10 µA. To further remove residual Mn, the material was subsequently
polarized at −310 mV until the current diminished to zero (Figure 3.2).

After dealloying, the pore space is filled with aqueous electrolyte. During drying in air
this induces a pressure, ∆p, at the drying front according to the Laplace equation for a
completely wetted material of [223]

|∆p| = 2γLV
r

, (3.1)

where γLV denotes the surface tension between liquid and vapor phase and r refers to
radius of the meniscus which is close to the radius of the pore [223]. Equation 3.1
emphasizes that capillary stresses can be considerable during drying of nanoporous metals
as ∆p takes on a value of a few tens of MPa for materials with a pore size ranging between
10 nm to 30 nm if filled with water (γLV = 72 mJ/m2 [223]).

With the aim of avoiding capillary-force-induced cracks, a drying procedure adopted
from Reference [223] was used, as follows. Subsequent to dealloying, the wet nanoporous
samples were immersed in ethanol for around 2 h followed by n-pentane for ≥ 12 h and

2For Mn, instead of granulates, a metallic rod with a purity 99.99 % was measured.
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finally dried in air. This procedure profits from the considerably lower surface tension of
n-pentane – γLV = 14 mJ/m2 as opposed to 72 mJ/m2 of water – which reduces drying-
induced stresses significantly.

Ligament sizes were controlled by annealing a fraction of the samples in purified argon
gas (O2 and H2O content < 1 ppm) at 400 ◦C for 20 min, 30 min and 45 min.

3.2.2 Elemental nanoporous copper and nickel

One objective of this work is the synthesis of np CuNi since the alloy – ideally – combines
amenities of both main constituents. In this view, fabrication and testing of elemental
nanoporous copper (np Cu) and nickel (np Ni) samples appears a suitable basis of com-
parison in the evaluation of np CuNi. Since the general fabrication scheme of np Cu and
np Ni closely resembles preparation of np CuNi, both procedures are described briefly in
the following.

Both master alloys – Cu30Mn70 and Ni30Mn70 for np Cu and np Ni, respectively –
were alloyed by induction melting. Moreover, similar heat treatment as in np CuNi
was applied to produce a solid solution. Prior to dealloying, precursors were cut into
mm-sized cuboids with a similar aspect ratio as np CuNi.

Np Cu was prepared by electrochemical dealloying in 1 M (NH)2SO4 at a constant
electrical potential of −600 mV vs. SHE.

Synthesis of np Ni was based on free corrosion in 0.2 M (NH)2SO4 at a temperature of
55 ◦C for 20 h to 38 h.

After dealloying, both materials were dried similar to np CuNi. In this work, structural
analysis and mechanical testing is limited to as-prepared np Cu and np Ni samples since
annealing either leads to immediate crumbling or, at the very least, significant weakening.
Therefore, no meaningful data was obtained from compression tests of annealed np Cu
and np Ni.

3.2.3 Nanoporous gold

Synthesizes of np Au used Au25Ag75 precursor alloys made from pure Ag and Au wires
(both 99.99+ % metal base purity, ChemPur). Alloying was carried out in an arc melting
furnace (see Figure 3.4 (b)) under argon atmosphere (0.7 to 0.9 atm). Afterwards, the
alloys were encased in evacuated quartz tubes and homogenized at 850 ◦C for around
5 days. Since Ag and Au are miscible along the whole composition and temperature
range [224], no further heat treatment of the precursor alloy was required.

Wires were drawn from the master alloy and cut into cylinders with a length of around
1.9 ± 0.1 mm and a diameter of 1.0 ± 0.1 mm. During the drawing process and after
cutting into cylinders, the material was annealed repeatedly to annihilate any effect of
work hardening. In 1 M HClO4 solution (≥ 99 % purity) with a pH value measured as
0.4, electrochemical dealloying used a potential of 1250 mV vs. SHE. To remove residual
Ag and adsorbed oxygen species [2], subsequent polarization at 1350 mV vs. SHE was
applied for 20 min followed by 20 potential cycles (0.1 V to 1.6 V at 5 mV s−1) ending at
0.8 V. This corresponds to an adsorbate-free surface state. Afterwards, the samples were
rinsed in H2O and dried in air.

One strategy of exploring the impact of capillary forces on the mechanical behavior
is controlled variation of the surface area. In this regard, thermal annealing offers a
facile routine to prepare samples with different ligament sizes. Therefore, in addition to
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as-prepared samples, np Au specimens were annealed in air at 300 ◦C for 5 min, 10 min
and 20 min prior to testing.

3.3 Sample characterization

3.3.1 Imaging, elemental composition and structural analysis

High resolution scanning electron microscopy3 (SEM) was used to characterize the sam-
ple’s morphology and elemental composition. From secondary electron images, typically
obtained by an in-lens detector, ligament sizes, i.e. the diameter of connecting elements
between nodes, were derived by measurement of more than 50 ligaments per sample.
All measurements on nanoporous metals used micrographs obtained from the sample’s
cross sections, since ligament structures from the outer few µm commonly deviate from
the internal morphology. Sample cross sections were readily prepared by cleaving the
nanoporous samples using a scalpel. Mean chemical compositions at sample center,
edge and in between were measured by SEM using energy-dispersive X-ray spectroscopy
(EDS). In addition, electron backscatter diffraction (EBSD) was employed to analyze
grain size and orientation of the Cu20Ni10Mn70 master alloy.

A detailed structural analysis of np CuNi was conducted using scanning transmission
electron microscopy (FEI Talos F200X) (TEM)4. Electron-transparent slices of polymer-
embedded np CuNi with a thickness of 70 nm were cut by using an ultramicrotome (Leica
EM UC7). High resolution recording enabled crystal orientation analysis through fast
Fourier transformation of the image panels. Local elemental distributions of np CuNi
were measured using EDS mapping. Furthermore, TEM was used to determine elemental
distributions in the heat treated Cu20Ni10Mn70 master alloy. For these samples, electron-
transparent slices were obtained by focused ion beam milling.

Phase identification of np CuNi and its precursor alloy was based on X-ray diffraction
analysis (Bruker D8 Advance) with a Cu K-α radiation source. The measurement used
crushed pieces and sample rotation for the nanoporous samples and the massive master
alloy, respectively. Misadjustment in height was corrected for by a Nelson-Riley scheme.

3.3.2 Voltammetric surface area measurement

Electrochemical surface reaction currents are measured as extensive quantities that have
to be referred to the surface area, A. For complex geometrical structures, and in partic-
ular for small-scale materials, determination of A appears as a non-trivial problem.

Formation of oxygen monolayers on certain metal surfaces, for instance on gold and
platinum, can be capitalized to estimate A using voltammetric measurement techniques.
This principle is based on the assumption that oxygen is adsorbed in a one-to-one cor-
respondence with the surface atoms [225]. This means that the number of adsorbed
oxygen species is equal to the number of surface atoms. By measurement of the charge,
QO, transferred as a result of oxygen electrosorption the surface area can be estimated
as [225]

A =
QO

qref
, (3.2)

3Zeiss Supra 55 VP, Leo Gemini 1530 and FEI Helios NanoLab G3
4TEM investigations were conducted in collaboration with Tobias Krekeler.
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where qref represents the reference charge density that takes a value of qref = 390 ±
10 µC/m2 for gold surfaces [225].

With the above concept, the surface area of nanoporous gold was determined from
cyclic voltammetry. Faradaic reaction contributions were evaluated from slow-scan
voltammograms (50 µV s−1) and subtracted before evaluation of the transferred electric
charge, Q, by current integration, Idt, to

Q =

∫
Idt. (3.3)

The integration constants are obtained through consideration of the known values at the
potential of zero charge, Epzc. In this work, Epzc for gold surfaces in perchloric acid was
used. Here, Q takes a value of 0 at Epzc ≈ 0.4 V vs. SHE [226]. Following the publication
of this work’s data in Reference [165], recent measurements on np Au in 1 M HClO4,
suggest a value of Epzc = 0.77 ± 0.19 V [20]. However, neither the determination of A
nor the estimated variation in γ (see next subsection) are quantitatively affected by this
observation. This is due to the essential invariance of Q during potential variation in the
capacitive charging regime, as demonstrated in Section 4.1.3 of the next chapter.

3.3.3 Electrochemical modulation of the surface tension

Electrode polarization offers reversible control of the capillary forces, as described in
Section 2.2.2. An estimate of the surface tension, γ, of as-dealloyed nanoporous gold was
provided by cyclic voltammetry in 1 M HClO4. Using Lippmann’s equation (Equation
2.6), γ can be estimated at a given electrode potential, E, as

γ(E) = γpzc −
∫ E

Epzc

q(Ẽ)dẼ. (3.4)

Here, γpzc denotes the surface tension at the potential of zero charge (Epzc ≈ 0.4 V) and
q represents the charge density, i.e. the charge per surface area q = Q/A. Literature data
on gold surfaces yield an average value of γpzc ≈ 1.4 J/m2 [194].

3.3.4 Mechanical characterization using digital image correlation

Nanoporous metals exhibit significant plasticity in compression but they fail in a brittle
manner during tensile loading. This fact impedes the straightforward exploration of
the tension–compression asymmetry. Therefore, the mechanical characterization in this
thesis is focused on a detailed directional analysis of elastic and plastic deformation
during compressive loading.

Uniaxial compression tests were performed on all types of nanoporous metals – np Au,
np Cu, np Ni and np CuNi – using a universal testing machine (Zwick 1474) equipped
with a DIC system as shown in Figure 3.7 (a). Full field measurements were conducted
at a constant engineering strain rate of 10−4 s−1 with a pre-load of 1 N and at ambient
conditions. Moreover, compression experiments on np Au were also performed in elec-
trolytic environment whilst applying an electrical potential. These testing parameters
are essentially similar to those of tests in air and particularities of the electrochemical
setup are described in Section 3.3.5.

Mechanical behavior was characterized under continuous and load/unload compression
up to an engineering strain of around 40 %. Testing protocols were programmed through
the machine control software testXpert II (Zwick, Version 3.2). Load/unload protocols
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use sequential un- and reload segments while progressively increasing the compressive
deformation as depicted in Figure 3.8 (a). Molecular dynamics simulations observe im-
mediate yielding upon compressive loading of np Au [122]. For this reason, only unload-
ing regimes during load/unload tests (highlighted in red) were used to evaluate elastic
properties as opposed to conventional evaluation during linear elastic loading.

In case of np Au, the analysis was focused on the transverse mechanical coupling
behavior. The material parameter that links deformation in loading direction to the
resulting perpendicular dilation is the Poisson ratio, ν. During uniaxial deformation ν
can be calculated from true strain increments in loading direction, δε‖, and perpendicular
to it δε⊥:

ν = −δε⊥
δε‖

. (3.5)

With this approach, plastic deformation5 during continuous compression testing yielded
the plastic Poisson ratio, νP. The elastic Poisson ratio, νE, was obtained from separate
load/unload compression tests as illustrated in Figure 3.8 (b). Note that the strongly de-
viating values at the reversal point of the loading direction are artifacts that are excluded
from the analysis.

Differentiation between elastic and plastic Poisson ratio may be confusing, as Poisson’s
ratio of massive materials usually describes the transverse mechanical coupling during
elastic deformation. As traditional, massive engineering materials typically exhibit vol-
ume conservation during plastic deformation – and thus νP = 0.5 – introduction of a plas-
tic Poisson ratio may appear trivial. However, in porous solids differentiation between
νP and νE is essential, since their compressibility is not limited to elastic deformation
but also occurs after yielding e.g. in the form of densification.

Specifications of the digital image correlation analysis

A 12 bit VC-Phantom M110 CCD-camera with an image resolution of 1280×800 pixel was
used to record the deformation experiments at an image rate ranging from 0.2 to 0.5 Hz.
The system was equipped with a 35 mm F/2.0 objective combined with an adjustable
zoom lens system with a maximum magnification factor of 12. This objective setup
yields a resolution of up to 1 µm while maintaining a large object-to-pinhole distance,
z ≈ 38 cm, as described in Section 2.4. An approximation of the largest possible error
due to out-of-plane motion can be made via Equation 2.13. As demonstrated in more
detail in the next chapter, plastic Poisson ratios – and with that out-of-plane deformation
∆z – exhibit maximum values for annealed np Au at large compressive deformation. For
these samples, maximum ∆z values are measured as 200 µm. From this, absolute normal
strain errors ensue to values of εabs ≤ 0.05 %. If related to the measured normal strains,
δε‖ and δε⊥, relative errors, εrel = εabs/ε, take values of around 0.1 % and 0.5 %6 for
deformation in loading direction and perpendicular to it, respectively.

Astigmatism was minimized by perpendicular alignment of the objective’s optical axis
towards the sample surface. Specular reflections were avoided using indirect lighting
conditions as shown in Figure 3.9 (a). Semi-transparent paper tissues were illuminated

5For conciseness the term plastic deformation is used in this work instead of elastic–plastic deformation.
6Worst case out-of-plane error estimation for cuboid bodies. For cylindrical sample geometries, the

maximum transverse strain error depends on the placement of the virtual strain gage markers with
respect to the longitudinal axis. If the strain gage markers approach the sample’s edge out-of-plane
motion and with that εabs converges to 0.
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Figure 3.7: Deformation experiments in different environments analyzed by digital image correla-
tion (DIC). (a) Compression test setup in air. Digital camera with objective and steel punches are
depicted. (b) Extended setup mounted in a conventional testing rig for electro-chemo-mechanical
tests in electrolyte. The glass cuvette with optical windows enables imaging during the deforma-
tion. Designation of electrodes: sample (working electrode, WE), counter- (CE) and reference
(RE) electrode. (c) Example of a transverse displacement map of annealed nanoporous gold at
20 % compressive engineering strain as calculated by DIC. (d) Depiction of the placement of vir-
tual strain gages (yellow lines) in a gray scale image with a spray-painted speckle pattern. Strains
are measured in loading direction, ε‖, and perpendicular to it, ε⊥. [164,165]
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Figure 3.8: Determination of the elastic properties using load/unload segments during com-
pressive deformation. (a) Depiction shows a single stress-strain segment as obtained from cyclic
loading of nanoporous gold. The elastic unloading regime is highlighted in red, arrows indi-
cate chronological deformation progress. (b) Time-resolved evolution of the Poisson ratio during
cyclic loading. The elastic Poisson ratio, νE, is measured in the regime of elastic unloading (yellow
shaded area).

to create diffuse lighting around the sample. A reflective screen was placed across from
the light source to achieve uniform illumination of the tissues. In the course of this work,
primer paint applied to the samples lateral surface has proven to be a good method to
avoid specular reflections, too, even when directly illuminated through a ring light as
shown in Figure 3.9 (b). This can be attributed to the very rough surface created by the
undercoat paint. By using an airbrush system, a black and white speckle pattern was
created that dried within a few seconds. With this method, significant improvement of
contrast was achieved during imaging that increased accuracy and robustness of the image
correlation analysis (see Figure 3.7 (d)). The airbrush system produces speckles with sizes
ranging from approximately 18 to 56 µm. Scanning electron microscopy validated that
no paint entered the sample interior. For this thesis, some experiments presented in
Reference [164] have been repeated on samples with applied speckle patterns to improve
the accuracy of the measured results. Still, for in-electrolyte tests application of speckle
patterns was forgone to avoid potential influences on the electrochemical analysis.

Image correlation was performed using the software DaVis (LaVision, Versions 8.20
and 8.31). The program uses bilinear interpolation schemes and first order affine shape
functions to calculate pixel displacements as explained in Section 2.4. Subset and step
size were chosen as 19 – 40 pixels and 6 – 10 pixels, respectively. The individual pixel size
ranged from 3 to 5 µm. A detailed report table of the DIC evaluation parameters can be
found in Table 3.1.
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Figure 3.9: Photographs of different lighting conditions used to avoid specular reflections during
image recording. (a) Diffuse lighting produced by illumination of semi-transparent paper tissues.
(b) Illumination via ring light in combination with spray painted base coat (as shown in Fig. 3.7
(d)).

Table 3.1: Summary of image acquisition and correlation parameters used during the strain
evaluation of uniaxial compression tests in air and electrolyte.

Parameter Value

Image acquisition rate 0.2 – 0.5 Hz
Exposure time 4000 – 8000 µs
Camera resolution 1280× 800 pixel
Pinhole-to-object distance 38 – 42 cm
Objective resolution 1 µm
Evaluated image section 130000 – 160000 pixels
Pixel-to-µm conversion 3 – 5 µm/pixel
Subset size 19 – 40 pixels
Step size 6 – 10 pixels

38
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Figure 3.10: Schematic depiction of the measurement setup used to characterize the actuation
response of nanoporous base metals in 1 M NaOH electrolyte. A potentiostat controls the applied
electrical potential; sample, carbon cloth and Hg/HgO are connected as working (WE), counter
(CE) and reference electrode (RE), respectively. Deformation in axial direction, ∆l, is measured
by a vertical dilatometer.

3.3.5 Compression testing in electrolytic environment

To experimentally verify the concept of a surface-induced tension–compression asymme-
try, the previously described testing rig was modified to enable electrochemical measure-
ments during mechanical loading. As shown in Figure 3.7 (b), the conical steel punches
used in conventional tests were replaced. On the lower side, a glass cell was glued to a flat
punch. On the other side, a quartz pushrod was clamped into a drill chuck. Both, con-
tinuous and load/unload compression experiments were conducted in 1 M HClO4 while
np Au samples – as-dealloyed and annealed for 5 min at 300 ◦C – served as the work-
ing electrode (WE), carbon tissue as counter electrode (CE) and homemade Ag/AgCl
as reference electrode (RE). During continuous compression tests the applied electrical
potential was switched in situ, whereas load/unload tests were conducted at different,
constant potential values. Measurement of a set of 20 samples provided reproducibility
of trends and values of νE and νP.

3.3.6 Actuation measurement

The functionalization potential of np CuNi was explored by characterization of the ac-
tuation response during electrochemical modulation in alkaline solution. Figure 3.10
schematically illustrates the test setup. The electrochemical setup resembles the in situ
testing described in the previous section with one exception: owing to the alkaline envi-
ronment commercial Hg/HgO is chosen as the reference electrode.

As-dealloyed samples of np CuNi, np Cu and np Ni were analyzed in 1 M NaOH by
cyclic voltammetry with a scan rate of 1 mV s−1. The onsets of gaseous hydrogen and
oxygen evolution imposed upper and lower limits of the investigated potential range,
respectively. A vertical dilatometer (Linseis L75) was used to measure the axial sample
deformation.
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tension–compression asymmetry

4.1 Results

4.1.1 Microstructure of nanoporous gold

Microstructural analysis of nanoporous gold (np Au) finds bicontinuous, crack-free net-
works composed of smooth ligaments as depicted in Figure 4.1. Scanning electron mi-
croscopy identified the mean ligament sizes, L, as 38 ± 9 nm for as-dealloyed np Au (a)
and 74±18 nm (b), 121±31 nm (c) and 174±40 nm (d) for the samples annealed in air at
300 ◦C for 5 min, 10 min and 20 min, respectively. Ligament sizes are plotted with respect
to the annealing time in graph (f). It can be seen, that thermal annealing proves a suit-
able technique for controlled tuning of the ligament size and, by extension, the surface
area to volume ratio. For the sake of conciseness, ligament sizes of np Au samples are
further denoted as 40 nm, 70 nm, 120 nm and 170 nm in the course of this work. While
it may appear tempting from images (a-d) to qualitatively suggest that the structure’s
morphology is maintained during coarsening, the present analysis techniques are not suf-
ficient to draw this conclusion. In this context, direct tomographic measurements on
np Au [154,155] synthesized in a process similar to this work find essentially self-similar
coarsening behavior. Yet, self-similarity during coarsening of np Au is still disputed a
topic, as detailed in Section 1.4 of the introductory chapter.

An overview micrograph of a representative sample cross section of np Au is given
in (e). From the smooth fractured surface – the right notch in (e) originates from the
indent of the scalpel blade – it can be seen that cracking occurs in a transgranular manner.
Identical cracking behavior is observed by Reference [63] and – in more detail – by Sun
et al. [19] in their study on fracture mechanisms of np Au.

Through measurements of specimen mass and of outer dimensions, by means of a
measurement microscope, sample densities were calculated as 4.9 ± 0.3 g/cm3, 5.3 ±
0.4 g/cm3, 5.4 ± 0.1 g/cm3 and 5.5 ± 0.1 g/cm3, for samples with L = 40 nm, 70 nm,
120 nm and 170 nm, respectively. Corresponding solid fractions ensue to 0.25 ± 0.2,
0.27± 0.3, 0.28± 0.1 and 0.28± 0.1, respectively. Energy dispersive X-ray spectroscopy
finds a residual Ag content of less than 1 at.%.

4.1.2 Deformation behavior during compression in air

In this work, experimental testing under compressive load is the primary investigation
technique to explore the mechanical properties of nanoporous metals. Before examining
the transverse coupling behavior of np Au, its stress–strain response is inspected in the
following.

Figure 4.2 shows representative data for np Au with ligament sizes of around 40 nm,
70 nm, 120 nm and 170 nm. The graph depicts engineering stress, σeng, plotted versus
engineering strain in loading direction, εeng. Common for all samples, regardless of the
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Figure 4.1: Microstructure of nanoporous gold (np Au). Images show scanning electron micro-
graphs of as-prepared (a) and annealed np Au (b-d) with ligament sizes of around 40 nm, 70 nm,
120 nm and 170 nm, respectively. (e) Representative depiction of the cross section of np Au; here
for L = 70 nm. Samples were intentionally cleaved using a scalpel. (f) Ligament size evolution
of np Au annealed at 300 ◦C plotted versus the annealing time. Error bars represent standard
deviations.
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Figure 4.2: Continuous loading compression tests of macroscopic nanoporous gold with varying
ligament size; engineering stress, σeng, plotted versus engineering strain in loading direction, εeng.
All samples show considerable deformability and significant hardening. Samples with smaller
ligament size, L, exhibit higher stresses.

ligament size, is the very high deformability. This is a prerequisite for meaningful inves-
tigation of the plastic properties. Also, significant hardening is observed during plastic
flow for all samples. During compression, hardening is dominated by densification of the
porous bodies. The severe contribution of densification on the overall mechanical response
is illustrated by the evolution of Young’s modulus data with proceeding compressive de-
formation in Figure 4.3. Conventional hardening by mere dislocation interaction leaves
the Young’s modulus essentially unaltered. Here, values can increase by a factor of more
than 30 from the onset of deformation to a strain of around 45 %. This can be attributed
to the densification of the network structure.

Distinct differences in the mechanical behavior of the variously heat treated samples
are found for the strength. With increasing ligament size, a reduction in stress is observed
for all samples of Figure 4.2. In addition, for L = 40 nm a linear progression is observed at
the beginning of deformation that – in massive materials – would be generally attributed
to purely elastic deformation. However, in np Au yielding of individual ligaments occurs
immediately after loading [122]. Thus, the linear progression of as-dealloyed np Au at
initial sample deformation may be viewed as an elastically dominated regime rather than
pure elastic compression. Conventional, uniform plastic deformation is considered to oc-
cur after transition from linear progression to the above-mentioned hardening-dominated
flow behavior.

The measurement scheme of Poisson’s ratio has been introduced in Section 3.3.4 in the
previous chapter. A requirement for this measurement scheme is a homogeneous strain
distribution during mechanical testing, devoid of localized stress concentrations. The
validity of the measurements relies on the assumption that the virtual strain gauges are
representative of the material’s response to the imposed loading. It is therefore significant
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Figure 4.3: Exemplary load–unload compression test of nanoporous gold with a ligament size
of 70 nm. (a) Engineering stress, σeng, plotted vs. engineering strain, εeng. (b) Young’s modulus
vs. εeng. Significant hardening and stiffening via densification is observed.

that full-field deformation maps of nanoporous gold find essentially uniform displacement
and strain distributions in the loading direction (Figure 4.4 (a, c)) and perpendicular to
it (b, d). This observation is found in all investigated ligament sizes and exemplified in
Figure 4.4 for np Au with L = 70 nm. Moreover, homogeneously distributed shearing is
found throughout the entire deformation for all investigated np Au samples, as well, see
Figure 4.4 (e).

Yet, at high strains (≥ 20 %) friction at the contact area between steel punch and np Au
sample causes slight barreling of the compressed bodies. Signatures of the ensuing bulges
can be identified from small gradients in the distribution of the transverse displacement,
for instance in Figure 4.4 (b). Since the evaluation of Poisson’s ratios relies on the
transverse strain measured in the sample center, barreling leads to overestimation of
values at high compressive deformation. The overall impact of barreling on the data
appears to be small, as no systematic variation in transverse straining is observed from
mapped strain distributions (Figure 4.4 (d)).

An evaluation of the transverse mechanical coupling behavior during plastic flow is
presented in Figure 4.5. The graph shows data for the plastic Poisson ratio, νP, of
np Au with different L plotted versus εeng. Contrary to previous assumptions [124–
127], all samples exhibit nonzero νP values throughout the entire deformation. A trend
towards increasing values of νP with proceeding deformation is observed that coincides
with advancing densification. Remarkably, substantially lesser νP values are measured for
np Au with L = 40 nm (initially νP ≈ 0.08) compared to the coarsened samples (≈ 0.17).
Note, that at L ≥ 70 nm no systematic size dependence of νP values can be identified.

Figure 4.6 shows the elastic Poisson ratio, νE, as obtained from unloading regimes dur-
ing cyclic compression testing of np Au. The graph depicts average values for νE in the
individual unloading segments of a single sample. Error bars represent 95 % confidence
intervals within each segment. The results are in striking contrast to the measurements
obtained for the plastic Poisson ratio, since νE is found essentially invariant of the liga-
ment size. At early deformation stages, νE of np Au exhibits a value of 0.20± 0.02 that
increases, similar to νP, with proceeding deformation. This is significantly less than what
is typically found for conventional metallic foams, for which νE = 0.31− 0.34 [218].
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Figure 4.4: Exemplary deformation maps of nanoporous gold with a ligament size of 70 nm
obtained during uniaxial compression testing. Images were taken at an average engineering strain
in loading direction of 20 %. Essentially homogeneous deformation and strain distribution is
observed in axial (a, c) and transverse direction (b, d), as well as for shearing (e). At high
strains barreling occurs at the contact area between sample and steel punch. Note, in contrast
to macroporous foams no localized deformation occurs.
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Figure 4.5: Plastic transverse coupling behavior measured during continuous compressive de-
formation of nanoporous gold (np Au) samples with varying ligament sizes, L. Plastic Poisson
ratio values, νP, are determined after yielding and plotted versus the engineering strain in loading
direction, εeng. While coarsened np Au exhibits essentially similar νP, significantly lower values
are measured for samples with L = 40 nm.

Figure 4.6: Experimental results for the elastic Poisson ratio, νE, of nanoporous gold with differ-
ent ligament sizes, L. Data is obtained from elastic unloading regimes during cyclic compression
testing. Values for νE are plotted with respect to the engineering strain in loading direction, εeng;
error bars represent 95 % confidence intervals. No systematic distinction between different L is
observed.
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4.1.3 Electrochemical characterization

The influence of electrode polarization on the surface tension, γ, of np Au in aqueous
1 M HClO4 was quantified by electrochemical analysis. Figure 4.7 shows voltammograms
of np Au with L = 40 nm at scan rates of v = 1, 5 and 10 mV s−1, the arrows indicate
the scan direction. For the example in Figure 4.7, a net charge transfer during oxidation
of 0.379± 0.015 C was measured. From Equation 3.2 in Section 3.3.2 the sample’s total
surface area was calculated as A = 970± 40 cm2.

In Figure 4.7 (a), the graph depicts voltammetric scans. Current densities, i.e. current
per surface area, j = I/A, are in good agreement with literature data for planar gold
surfaces [214, 215]. All measurements are devoid of Ag-peaks. This emphasizes that the
investigated samples are free of residual silver. The measurements also show a variation
of the position of the oxidation–reduction peaks with the applied potential scan rate, v.
An increasing peak separation is observed for faster v. This suggests that with increasing
v the pseudocapacitive reaction drifts further away from a state of equilibrium.

Panel (b) of Figure 4.7 shows the specific charge density, that is the charge transferred
per surface area, q = Q/A. Note, Q was calculated from current integration as detailed
in Section 3.3.2 of the previous chapter. Transfer of charge is primarily observed in the
regime of oxygen electrosorption.

Figure 4.7 (c) displays the estimated variation in surface tension, γ. The data was ob-
tained by integrating Equation 3.4 in Section 3.3.3 separately for positive- and negative
going branches of the cyclic voltammograms, as indicated by arrows. During capacitive
charging, γ exhibits an approximately quadratic variation around the potential of zero
charge, Epzc, see Section 2.2.2. At the scale of the figure, the quadratic variation in γ
around Epzc is not resolved. While γ remains approximately constant during capacitive
charging, a considerable reduction in γ values is measured during electrosorption of oxy-
gen species. For this reason, electrical potential values of E = 0.8 V and 1.5 V are chosen
for in situ mechanical testing which correspond to a clean, adsorbate-free surface state
and the formation of a monolayer of oxygen species, respectively.

As a consequence of the distinct hysteresis in the voltammograms of np Au, substan-
tially different values are provided by positive- and negative scans for γ(E). Strictly
speaking, Equation 2.6 is only valid in a state of equilibrium. Therefore, γ values ob-
tained from positive and negative going branches of the CV are considered to impose
upper and lower bounds for the true value of γ.

The values derived from Lippmann’s equation for the surface tension at E = 1.5 V,
γ1.5V, – that is one of the two potentials selected in this work’s mechanical tests – are
plotted versus the scan rate in Figure 4.8. It can be seen that these values slowly converge.
The mean values remain essentially constant at around 0.4 J/m2, irrespective of the scan
rate. Therefore, 0.4 J/m2 is taken as a best guess for the true value of γ1.5V. Compared
to a clean, adsorbate-free surface state (γ0.8V ≈ 1.4 J/m2), the results indicate that the
surface tension is reduced to roughly a third during oxygen electrosorption.

4.1.4 In situ mechanical testing

Elastic response

In-electrolyte experiments used load/unload compression tests at different constant elec-
trical potentials, E, to determine the elastic Poisson ratio of np Au with L = 40 nm
and 70 nm, see Figure 4.9. Part (a) of the figure shows the stress–strain behavior at
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Figure 4.7: Electrochemical characterization of nanoporous gold with a ligament size of 40 nm
measured in 1 M HClO4 electrolyte. (a) Cyclic voltammograms at scan rates of 1, 5 and 10 mV s−1;
electrode current density, j, plotted versus applied electrical potential, ESHE. Arrows indicate
scan direction. (b) Charge density, q, determined from cyclic voltammograms via integration of
j(E) after subtraction of the Faraday current. (c) Variation of the surface tension, γ, estimated
from Lippmann’s equation. Positive and negative going branches of the voltammogram are inte-
grated separately, as indicated by arrows. Potential values selected for in situ mechanical testing
are highlighted by yellow bars. [165]
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Figure 4.8: Estimated values for the surface tension of nanoporous gold during electrosorption,
γ1.5V, at an electrode potential of 1.5 V plotted vs. the potential scan rate. Data is obtained
from positive- and negative-going branches of the cyclic voltammograms depicted in Figure 4.7 (c).
Mean values appear approximately constant and are found considerably lower than the surface
tension at the potential of zero charge, γzc. [165]

the example of a sample with L = 40 nm and E = 0.8 V. The graph illustrates that
despite challenging lighting conditions and without the applied speckle pattern, the mea-
surements in electrolyte are in good agreement with trends and values obtained with
conventional compression tests in air.

Values of νE are given in Figure 4.9 (b) for samples with adsorbate-free (E = 0.8 V,
full symbols) and oxygen-covered (1.5 V, open symbols) surfaces; error bars represent
confidence intervals with 95 % confidence level. The data reveals that E has no significant
influence on νE. Moreover, initial values of νE = 0.20±0.02 agree well with data obtained
for measurements in air, see Figure 4.6. In addition, values of νE also appear to be
invariant with respect to L. Note, samples with L = 40 nm at E = 1.5 V failed at low
strain. This is due to the electrosorption of oxygen species which significantly decrease
the deformability of np Au with small ligament size, see for instance Reference [16].

Electrochemically modulated plastic flow

In situ experiments exploring the plastic flow behavior of np Au used continuous compres-
sion tests in electrolyte. During these tests, the applied electrical potential was switched
between capacitive charging and oxygen electrosorption regime. Figure 4.10 depicts re-
sults for σeng and νP of np Au samples with L = 40 nm (a, b) and 70 nm (c, d), all plotted
versus εeng. Stress–strain graphs (top row) show that the material’s strength increases
substantially when the surface is modified from an adsorbate-free (E = 0.8 V, light region
in graph) to an oxygen covered state (E = 1.5 V, yellow shaded region). This effect is
fully reversible and consistent with earlier studies on np Au [16]. At low potential, the
stress–strain behavior of both samples resembles values and trends obtained for np Au in
air. This finding can be attributed to the similar surface states of dry np Au and samples
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Figure 4.9: In-electrolyte load/unload compression tests of nanoporous gold with a ligament
size of L = 40 nm and 70 nm. Experiments were conducted at constant electrical potential values
of E = 0.8 V and 1.5 V vs. the standard hydrogen electrode in 1 M HClO4. (a) Stress–strain
graph of a sample with L = 40 nm and E = 0.8 V. (b) Elastic Poisson ratio, νE, as measured
from unload segments vs. engineering strain in loading direction, εeng. Error bars represent 95 %
confidence intervals. [165]

immersed in electrolyte at low potential – a clean Au surface without adsorbates. The
influence of wetting on the mechanical properties appears to be negligibly small. This
observation is supported by a comparable study on np Au [16].

Measurements of νP (bottom row, Figure 4.10) show considerable deflections immedi-
ately after potential switching for both ligament sizes. This effect is attributed to elastic
strains as a result of potential-induced variation in surface stress (see Section 2.2.2). This
results in excursions of the derivatives in Equation 3.5 and cannot be linked to plastic
transverse flow. Yet, within intervals of constant potential the data assumes roughly
uniform values that do represent the plastic transverse coupling behavior and thus the
plastic Poisson ratio νP. The most striking finding is that νP systematically jumps to
higher values during adsorption of oxygen species and back to lower ones during des-
orption. Similar to the stress–strain behavior, electrochemical modulation of νP is fully
reversible. A variation in νP of roughly 0.05 is observed for L = 40 nm. This corresponds
to more than 40 % of the absolute value.

The experimental data for νP is summarized in Figure 4.11. The depicted bars rep-
resent successive average values of νP during consecutive potential steps that alternate
between 0.8 V and 1.5 V. The graph illustrates the reproducibility of the jumps in the
plastic transverse coupling response.

4.2 Discussion

4.2.1 Deformation behavior of nanoporous gold – general remarks

Full-field measurements find uniformly distributed strains during compression testing of
np Au (Figure 4.4). These findings are in distinct contrast to the localized deforma-
tion that is found in macroporous metallic foams. Here, plastic yielding is carried by
a collective collapse of cell walls that leads to formation of highly compressed “crush
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Figure 4.10: In situ compression tests of nanoporous gold with a ligament size of 40 nm (left
column) and 70 nm (right column) during modulation of the applied electrical potential, E, in
1 M HClO4. Engineering stress (σeng, top row) and plastic Poisson ratio (νP, bottom row) plotted
versus axial engineering strain, εeng. E was switched between the regime of oxygen electrosorption
(1.5 V vs. standard hydrogen electrode, yellow shaded regions in graph) and an adsorbate-free
metal surface (0.8 V, light regions). [165]

Figure 4.11: Plastic Poisson ratio, νP, of nanoporous gold with ligament sizes of 40 nm (gray,
striped bars) and 70 nm (blue bars). The data is obtained from continuous loading compression
tests in electrolytic environment during step-wise potential modulation. The bars represent av-
erage values in regimes of constant electrical potential of ESHE = 0.8 V (light region in graph)
and 1.5 V (yellow shaded region). The black arrow indicates advancing deformation, ε, while
red arrows emphasize trends during potential jumps. Error bars represent 95 % confidence inter-
vals. [165]
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4 Signature of surface-induced tension–compression asymmetry

bands” [203, 218]. This can be ascribed to microstructural differences, for instance, the
aspect ratio of the load-bearing structural elements. Cell geometries of conventional
metallic foams typically exhibit very high aspect ratios with a cell wall length to thick-
ness ratio ranging between around 10 and 15 [227]. In these materials, plastic deformation
is considered to occur mainly in highly deformed “plastic hinges” localized around the
nodes [129]. In contrast, np Au exhibits a distance between nodes of only roughly two
to three times the ligament diameter, as estimated from electron micrographs, such as
Figure 4.1 (a-d). The low aspect ratios in np Au networks prevent buckling-related fail-
ure and, with this, the sudden plastic breakdown of conventional metallic foams [129].
Furthermore, mass agglomeration in nodes of np Au promotes essentially different defor-
mation behavior compared to metallic foams, since every part of the network structure –
nodes as well as ligaments – exhibits plastic deformation (see Section 1.4). Also, essen-
tially common glide planes between adjoining ligaments enable little obstructed disloca-
tion motion away from initial centers of stress accumulation that promotes distribution
of stresses into the surrounding.

Although no collective structural collapse is observed, it should be emphasized that
localized stress concentrations still govern the initial macroscopic mechanical response of
np Au. Local yielding of individual ligaments occurs immediately after loading [122] and
manifests in the form of a mixed elastic–plastic deformation regime (Figure 4.2). This
may be attributed to relatively broad distributions of ligament diameters, shapes and
orientation (Figure 4.1 (a-d, f)) that lead to plastic flow of single, weak ligaments while
neighboring elements sustain the imposed load. Since the imaging setup cannot resolve
these local yielding events, it can be assumed that localized flow is indeed limited to very
small volumes, i.e. less than the image correlation’s resolution of around 5 µm.

4.2.2 Transverse mechanical coupling response during elastic deformation

In this work, the mechanical characterization of np Au is focused on the transverse re-
sponse towards uniaxial compressive loading, as parameterized by the elastic and the
plastic Poisson ratios, νE and νP. As detailed in the Section 1.4 of the introductory
chapter, the uniaxial deformation of randomized network structures, such as np Au,
entails contributions of both, axial tension and axial compression. In these networks,
the deformation state of the individual struts depends on their orientation towards the
global principal loading direction. In case of uniaxial compression, struts aligned with
the loading axis are preferentially compressed whereas those oriented perpendicular tend
to be stretched [160]. Therefore, the macroscopic Poisson ratios yield insights into vari-
ations in the local mechanical response of differently oriented ligaments. This enables
the exploration of a possible tension–compression asymmetry on the scale of individual
ligaments.

During elastic unloading, νE is found independent of the ligament size (Figure 4.6)
and the applied electrical potential (Figure 4.9 (b)). To begin with, the size invariance
of νE will be discussed in the following. As described in Section 1.3 of the introductory
chapter, experimental studies of nanoscale objects yield no conclusive support of a size-
related effect on the elastic properties. Contradictory results are reported that may
simply reflect the experimental difficulties at specimen sizes below 100 nm. However,
simulations find that the impact of nonlinear elastic bulk behavior and surface excess
elasticity – at least for clean metal surfaces – is negligible at specimen sizes exceeding
10 nm [120–122]. From this it can be readily understood that the elastic Poisson ratio
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of np Au samples remains essentially invariant during coarsening as the ligament size is
well above the threshold below which size-related effects become relevant.

While the surface excess parameters may be negligible for samples with clean metal
surfaces, a study of np Au with experimental conditions similar to this work finds an
increase of up to 8 % in Young’s modulus by electrosorption of oxygen species [18]. These
findings are fully consistent with this work’s observation that νE is independent of the
surface state, because the stiffening acts symmetrically, irrespective of the deformation
direction. Symmetric variation of the mechanical behavior leaves the lateral mechanical
coupling unchanged.

Let us now turn away from local mechanics of individual ligaments to the macroscopic
elastic response of np Au. Experiments find an average value of νE = 0.20 ± 0.02 for
samples with a solid fraction, ϕ, – or relative density – between 0.25 and 0.28. Figure 4.12
summarizes this work’s results and compares it to literature data on np Au. Early
mechanical studies were focused on microscale specimens (black, open symbols) that
were characterized by compression [62, 136], tension [19, 62] and ultrasonic testing [228].
Following the publication of this thesis’ data [164], νE of macroscopic np Au samples
has been investigated by Bürckert et al. [68]. Considering the very large deviations
between micro- and macroscale testing typically reported for Young’s modulus and yield
strength data of np Au (see Section 1.4), it is astonishing that νE values agree well
among the various studies. The importance of this finding is emphasized by Roschning
and Huber [229], whose numerical study of np Au profits from the small dispersion of
νE as it is chosen as the principal calibration quantity of their model. In this light, it
appears appropriate to discuss the origin of the elastic Poisson ratio in the following.

The elastic Poisson ratio of massive materials is determined by the atomistic nature
of its constituents. For instance, a positive correlation of νE with the atomic packing
density has been recognized [231, 232]. In porous bodies, another key factor arises that
can considerably affect the transverse elastic response: the structural morphology [232].
In case of np Au, bulk gold exhibits a comparatively high value of νE = 0.42 [138]. It is
within reason to assume that in case of severe densification νE of np Au will approach this
value. However, with decreasing solid fraction structural characteristics gain importance.
Two examples that illustrate the structure’s role are conventional open-porous foams and
auxetic materials.

Commercial foams with open cell walls typically exhibit uniform, but complex mi-
crostructural morphologies. Often, these microstructures resemble polyhedral geome-
tries, such as the tetrakaidecahedron (Figure 4.13 (c)). In addition, they are composed
of high aspect ratio struts and negligible mass agglomeration in the nodes [233]. Two
examples of commercial Al- and Ni-foam are given in Figures 4.13 (a) and (b). In
their pioneering work on cellular solids, Gibson and Ashby [129] introduce a cubic model
structure whose dominant deformation mode is assumed to be bending of the cell walls.
In combination with empirically determined scaling constants, the approach has proven
outstanding prediction qualities with regard to mechanical behavior of commercial metal-
lic [218, 234] or polymeric foams [235]. This shows that, despite its simplified cell geom-
etry, the model captures the essential deformation mechanisms of these materials. For
open-porous foams, Gibson and Ashby [129] conclude on constant elastic Poisson ratio
values of around 0.33, irrespective of solid fraction and material. This seemingly contra-
dicts the previous statement of νE = 0.42 for ϕ→ 1. Yet, within the applicability of the
Gibson-Ashby model – low-density foams with comparatively regular microstructure –
experimental studies support the model predictions [129,218,234].
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Figure 4.12: Elastic Poisson ratio data, νE, of nanoporous gold summarized with respect to
the solid fraction, ϕ. Experimental investigation of microscaled samples (black, open symbols)
used compression [62, 136], tensile [19, 62] and ultrasonic testing techniques [228]. Red symbols
represent data from compression testing of mm-sized specimen reported in Reference [68] and the
results obtained during this work (data published in References [164,165]). Modeling approaches
suggest constant values of νE = 0.33 (green, dashed line) [129] and density depended behavior
(orange, dashed [139] and blue, solid [230]).

Figure 4.13: Microstructures of commercial open-porous Al- (a) [130] and Ni-foams (b) [234]
with trade names ERG and Inco foam, respectively. Note that despite different structural length
scales similar polyhedral morphologies can be observed. (c) Schematic of an idealized unit cell of
conventional foams with tetrakaidecahedron geometry [236]. Images are reprinted with permis-
sion.
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Another example highlighting the impact of structural morphology on the transverse
elastic behavior of porous materials are auxetic foams. These re-entrant foams exhibit
negative elastic Poisson ratios, which means they contract laterally upon compressive
loading [232, 236]. The origin of this unusual deformation behavior is a specifically de-
signed cell geometry. Rather than protruding outward, cell walls deflect into the in-
terior of the structure during elastic compression [236]. Both examples illustrate that
microstructural characteristics can dominate the transverse elastic response by such an
extent that the atomistic nature of the material becomes irrelevant.

In case of np Au, the microstructure differs considerably from conventional foams
inasmuch as ligaments vary in thickness and are randomly oriented. Numerical studies
mimicking the structure of np Au by diamondoid strut arrangements find that increased
structural disorder coincides with a decrease in νE [229]. Compared to fairly well-ordered
commercial foams that provided the basis for the Gibson-Ashby model, the considerably
lower νE values measured for np Au can be readily understood as a result of higher
structural disorder.

The discussion of the mechanical behavior of np Au is often connected to model con-
ceptions developed for metallic foams with a significantly lower density, see for instance
Section 1.4. While it may be adequate to the assume density-invariant νE values of 0.33
for porous materials with small solid fractions, this assumption fails for material systems
that are close to full densification. With a solid fraction ranging between 25 % and 40 %
np Au is located between both bounding scenarios. In their numerical study on random
field generated structures, that resemble np Au, Soyarslan et al. [139] observe a distinct
dependence of νE with ϕ. While their empirical fit (orange, dashed line in Figure 4.12)
coincides well with experimental data, it should be noted that the fitted curve is not
significant in a physical sense. In this context, modeling concepts of sintered metals and
ceramics may prove a suitable basis of comparison, since this class of porous solids covers
a very large range of solid fractions from around 50 % up to nearly fully dense material.
In these material systems, considerable variations of the elastic properties are observed
with respect to ϕ. The modeling is based on the percolation theory, a concept that is
used to describe various properties of connected networks, for details see Reference [237].
With this method, Young’s modulus, Y , and the shear modulus, G, of porous materials
can be modeled by [230]

Y = Y0

(
ϕ− ϕp

1− ϕp

)fY
, (4.1)

and

G = G0

(
ϕ− ϕp

1− ϕp

)fG
. (4.2)

Here, Y0 and G0 designate Young’s modulus and the shear modulus of the solid mate-
rial, respectively. The parameters fY and fG represent characteristic exponents and ϕp

denotes the percolation limit. Note, the model is only valid for ϕ > ϕp. For isotropic
materials, Poisson’s ratio can be expressed as [93]

νE =

(
Y

2G

)
− 1. (4.3)

Substituting Equation 4.3 with Equations 4.1 and 4.2 yields the elastic Poisson’s ratio of
isotropic porous solids: [230]
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νE = (νE0 + 1)

(
ϕ− ϕp

1− ϕp

)f
− 1. (4.4)

With the elastic Poisson ratio of the solid material, νE0 , and the characteristic exponent,
f = fY − fG. In case of np Au, the value of ϕp is taken from Reference [139] as 0.159
and νE0 = 0.42 [138]. The νE data displayed in Figure 4.12 was fitted according to
Equation 4.4 to estimate the value of the characteristic exponent. A value of f = 0.086
was obtained, the ensuing fit curve is displayed by the solid blue line. Incidentally, f of np
Au is identical to sintered iron with ϕ ranging from 0.78 up to full densification, despite
entirely different microstructural morphology [230,238]. Since f takes on a positive value
in np Au – i.e. fY > fG –, it can be seen that Y is more sensitive to variations in ϕ than
G. This is a nontrivial observation as porous solids may also exhibit constant νE values,
regardless of variations in ϕ [129,230]. Moreover, with this modeling approach this work
provides the opportunity to estimate G from existing Y data.

With the exception of νE reported by Balk et al. [62] the fitted curve agrees well with
this work’s data and literature values. Note, the lower values reported in the study by
Balk et al. [62] may be attributed to the applied measurement technique: νE values were
determined from loading rather than elastic unloading regimes. Early yielding results
in a mixed elastic-plastic behavior that may reduce the apparent ν, especially given the
very small ligament size of L ≈ 20 to 35 nm where νP << νE.

It might be argued that error bars of νE data with different ϕ overlap for some studies
presented in Figure 4.12. It is therefore significant that the general notion of increasing
νE with ϕ is also supported by this work’s finding that νE increases with advancing
compressive deformation, i.e. densification (Figure 4.6).

4.2.3 Asymmetric yielding at small scales by the action of capillary forces

Preliminary to the discussion of the transverse deformation response during plastic flow,
let us recall the central notions regarding the exploration scheme of small-scale tension–
compression asymmetry in the following order:

• In elongated objects, plastic flow and surface tension, γ, are linked because defor-
mation creates and removes surface area, A, for plastic elongation and compression,
respectively. Thus, the corresponding change in energy (γδA) promotes compres-
sive shortening but impedes tensile elongation. At small scales, i.e. below an object
size of roughly 100 nm, the working hypothesis is that γ causes distinct asymmetric
yielding.

• Considering that the feature size of interest is very small, compressive testing of
individual nanowires or -columns appears extremely difficult. Yet, exploration of
randomized network structures, such as np Au, may circumvent this issue since
the axial deformation state of individual struts depends on the orientation towards
the principal loading direction [160]. For instance, during uniaxial compression of
macroscopic np Au the deformation entails local compression of ligaments aligned
with the load axis, as well as tensile-mediated deformation in orthogonally orien-
tated ligaments.

• The value of the plastic Poisson ratio, νP, diminishes as a response to the interaction
of capillary forces during macroscopic compression testing. This is a direct conse-
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quence of asymmetric yielding, since the plastic tensile elongation perpendicular to
the loading axis is suppressed by γ.

• Since γ determines the extent of tension–compression asymmetry, and by extension
feeds into νP, control of γ allows for direct modulation of the transverse plastic
deformation response.

The impact of γ on the transverse mechanical response during plastic, compressive
flow has been explored by two different testing scenarios: in situ modulation of γ and ex
situ variation of L. To begin with, the results of the in-electrolyte experiments displayed
in Figure 4.7 will be the subject of discussion. The present experiments find a strong
sensitivity of νP towards the electrode potential, E. When E is switched to more positive
values, oxygen species adsorb on the surface and significantly reduce the value of γ.
During compression testing, the reduction in γ is accompanied by a substantial increase
in νP (Figure 4.10). This confirms the link between γ and νP.

This work’s experimental in situ study was complemented by finite element simulations
by Prof. Dr. Norbert Huber. In the following, a brief description of the implementation
of the finite element modeling (FEM) will be given, for further details the reader is re-
ferred to References [165,229]. The numerical study used a network structure composed
of Timoshenko beam elements that where connected in randomly displaced nodes. The
extent of structural disorder was calibrated on the basis of νE, as described in the previ-
ous section. In order to reproduce the solid fraction of the experiments (ϕ ≈ 0.26), the
ratio of strut radius to length was adjusted to 0.303. This ratio also accounts for the
correction of the strengthening effect by nodal mass agglomeration, as proposed in Ref-
erence [147]. Each strut is represented by a chain of 20 beam elements that incorporate
axial, bending, torsion and shear deformation modes. Uniaxial loading was implemented
by a homogeneous displacement of the nodes on the top side of the randomized beam net-
work. On the lateral faces, free displacement of the nodes was permitted. The network’s
deformation response was embodied in a constitutive law with linear work hardening.

In order to incorporate the extra stress required to compensate for the action of sur-
face tension (see Section 2.3), a pipe/core configuration was chosen. This pipe element
imposed an extra tensile stress on the underlying beam, as depicted Figure 4.14 (a). As
a result, asymmetric yielding was introduced as seen Figure 4.14 (b) on the example of
a single, axially deformed pipe/core element.

The simulations of the randomized networks confirm the anisotropic distribution of
local axial strain states with respect to the loading direction (Figure 4.14 (d)) similar to
Reference [160]. Moreover, the model reproduces the mechanical stress–strain response
of the experiments (Figure 4.14 (e)). Most importantly, the simulations show decisive
upward jumps in νP when γ is switched from high to low values, analogous to the exper-
iments (Figure 4.14 (f)). Besides the influence of densification, namely the increase in
νP with proceeding deformation (Figure 4.5), the model captures the essential physics.
Therefore, the simulations support the experimental findings that the surface tension
induces asymmetric yielding between tensile and compressive deformation.

In contrast to the transverse response, the deformation behavior in loading direction,
that is the stress–strain response (Figure 4.10 (a, c)), can not entirely be referred to
changes in surface tension. Even though a decrease in γ during electrosorption of oxygen
species results in an increase in the compressive flow stress, a reduction in γ does not
account for the increase in magnitude of the flow stress jumps with increasing strain.
Indeed, the enhanced flow stress of np Au has been attributed to pinning of adsorbates
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Figure 4.14: Finite element simulations of nanoporous network structures. Randomized beam
elements with pipe/core configurations are used to mimic impact of the surface tension, γ, on
the mechanical properties of nanoporous gold. (a) Schematic depiction of beam element modeled
with two stress components. The pipe stress, σP, imposes a tensile stress irrespective of sign
and magnitude of the bulk stress, σB. This concept emulates the work done against γ during
plastic deformation. (b) Stress–strain behavior of a single beam element subjected to tensile
and compressive loading. Results for γ switched “on” (red, solid line) and “off” (blue, dashed)
show asymmetric yielding induced by capillary forces, γ promotes strengthening of the beam in
tension and weakening in compression. (c) Randomized beam network underlying the numerical
investigation. (d) Local strain state distribution for γ switched “on” (red squares) and “off” (blue
dots) derived at 25 % macroscopic compression. Mean axial strain of beam elements plotted versus
the beam’s orientation towards the principal loading direction. Bold line illustrates the projected
strain in an isotropic material with a plastic Poisson ratio of νP = 0.08. Engineering stress, σeng,
(e) and νP (f) plotted versus engineering strain in loading direction, εeng. During compressive
deformation of structures representing ligament sizes of 40 nm (blue lines) and 70 nm (red lines),
capillary forces are switched “on” (white regions in graph) and “off” (yellow shaded). [165]

to dislocation endpoints for oxygen covered surface states [16]. Contrary to the influence
of surface tension, this effect is of dissipative nature and not connected to stored energy
of surfaces. Moreover, this “adsorption locking” acts symmetrically, i.e. for tension and
compression alike. Therefore, this effect does not contribute to the variation of νP. The
increasing magnitude of the strengthening effect is then linked to dislocation accumu-
lation and interaction at the pinning points [16]. In the finite element simulation, this
feature is emulated by enhanced, symmetric work hardening during electrosorption.

Let us now turn to the compression tests of np Au in air. It is the key observation
that samples with L = 40 nm exhibit considerably lower νP values than specimens with
larger feature size, i.e. L = 70 nm, 120 nm and 170 nm (Figure 4.5). A summary of the
experimental results and a comparison to literature data with comparable solid fraction
is given in Figure 4.15. Note, this work’s data represents mean values of νP as determined
for the first 5 % plastic strain. The bold, yellow line in Figure 4.15 serves as a guide to the
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Figure 4.15: Plastic Poisson ratio data of nanoporous gold, νP, summarized with respect to
the ligament size, L. Molecular dynamic simulations [122,142] find near zero νP values at low L
that increase for structures with larger feature size [61, 164]. Data points illustrating this work’s
findings represent mean values up to 5 % plastic strain; error bars with a confidence level of 95 %
lie within data points (vertical axis). Horizontal error bars represent the standard deviation of
the ligament size distribution. The bold, yellow curve illustrates a guide to the eye.

eye. The trend of diminishing νP values at small L is confirmed by another experimental
study [61] and becomes even more significant when – near zero νP – values from molecular
dynamics studies [122,142] are included.

While the compression experiments in air approach the issue of local tension–
compression asymmetry from a different perspective, the findings are in excellent agree-
ment with in-electrolyte tests. Rather than varying γ itself, the general contribution of
capillary forces is controlled by L. The decrease in νP can be understood as a result
of pronounced surface effects at small characteristic structure size. From near constant
νP at large L, it can be argued that the contribution of γ towards plastic deformation
becomes negligibly small when feature sizes exceed 40 nm to 70 nm. Without external
surface modulation, this may be considered a critical limit below which nanoscale ob-
jects exhibit significant asymmetric yielding behavior. Interestingly, at a feature size of
around 40 nm surface atoms constitute merely 3 % of the total volume, as estimated in
Figure 1.1. This highlights the considerable effect of the surfaces on the overall material
properties. It should be emphasized that the investigation presented in this work is the
first experimental confirmation of asymmetric yielding as a result of interaction of surface
tension.

One aspect in the mechanical response of np Au that may seem to oppose the idea of
surface-induced weakening in compression is the increase in compressive strength with
decreasing L (Figure 4.2). This observation may be readily understood from the general
deformation mode of np Au. While axial deformation components have been the focus
of this work, their overall contribution to general deformation is small compared to
bending and torsion modes [148], both of which exhibit symmetric tensile and compressive
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contributions. Thus, size-related strengthening (see Section 1.3) of bend and twisted
ligaments outweighs axial weakening in compression.

In addition to its susceptibility to capillary forces, νP generally entails similar mor-
phological contributions towards the lateral deformation response as its elastic pendant.
Regarding the apparent density dependence of the transverse deformation response dur-
ing plastic flow, it can be argued that a νP value of 0.5, the general value of isotropic,
incompressible matter, poses an upper limit for this trend. To the authors knowledge,
there are no model conceptions reported for νP with regard to ϕ, or any other struc-
tural quantity for that matter, that enable systematic interpretation or prediction of νP
of interconnected porous solids. The importance of νP with regard to full mechanical
description of metallic foams and the need for a comprehensive model has also been
acknowledged in the recent literature [239].

Investigation of νP also touches upon the discussion on the ratio between indentation
hardness, H, and macroscopic yield strength, σy, of np Au. While fully dense solids
exhibit H/σy = 3, materials with diminishing plastic lateral expansion – such as some
low-density foams – reveal H/σy ratios of around 1 [240]. It is often considered that np
Au densifies without lateral expansion during plastic deformation [124–127], for details
see Section 1.4 in the introductory chapter. The observations of this work – νP > 0 – serve
to correct this assumption of the absence of lateral deformation in np Au. In their study
on polymeric and metallic foams, Shaw and Sata [240] find a correlation between H and
νP. Following the proposed trends, H/σy ratios emerge for np Au to a value of around 2
for samples with L = 40 nm to roughly 2.6 for specimens with larger feature size. Still,
the overall concept of a fixed relation between hardness and yield strength for pristine
np Au is at least problematic. This is best illustrated by the difficulties of defining σy
and will be addressed in the next chapter in more detail. It has been pointed out that no
transition from purely elastic to elastic-plastic deformation occurs but rather immediate
local yielding. Therefore, any new definitions of σy are to some extent arbitrary – and
by extension any ratio with H – since they do not link directly to physical processes.

In the course of this discussion, it has become obvious that the widely recognized
“smaller is stronger” relation does not account for the variation in strength of specimens
that are loaded in compression. In this context, it appears appropriate to propose a con-
cept that incorporates the tension–compression asymmetry. To start out, Equation 1.1
in Section 1.3 may serve as a basis to describe the size-dependence of the strength, σy,
without consideration of the capillary forces. The additional traction stress, ∆T , required
to compensate for the surface tension is described by Equation 2.9 in Section 2.3. The
equation shows, that the surface-induced traction depends on the specimen size, D, by
∆T ∝ D−1. Thus, σy may be expressed as

|σy| = kDn + bD−1 (4.5)

for specimens loaded in tension and

|σy| = kDn − bD−1 (4.6)

for specimens loaded in compression. Analog to Equation 1.1, k and b represent constant
scaling parameters and n is a power-law exponent. For gold, the values of these param-
eters can be estimated from Figure 1.3 in Section 1.3 and Equation 2.9 in Section 2.3
as: n = −0.6, k = 9 · 103 MPa nm0.6 and b = 5.5 · 103 MPa nm. Figure 4.16 shows
the estimated variation of σy of gold with regard to D. It can be seen that the concept
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Figure 4.16: Estimated variation of the strength, σy, of gold with regard to the specimen size,
D. The graph accounts for the surface-induced weakening in compression (red line) as well as
for the strengthening effect in tension (blue line). The black dashed line represents mean values
for σy, i.e. without consideration of asymmetric yielding. The value of the theoretical shear
strength in tension, τ tc , (dashed blue line) and in compression, τ cc , (dashed red line) is adopted
from Reference [241].

captures the essential notion of weakening in compression (red line) and strengthening
in tension (blue line). Moreover, the observations are in distinct contrast to findings
reported by Marian and Knap [110]. In their numerical study, the authors propose a
breakdown in compressive strength at around 30 nm due to the impact of the surface
stress. In opposition, Figure 4.16 finds a monotonous increase of σy with decreasing D
down to a size of 1 nm. While no breakdown in compressive strength is found here, the
onset of a transition from strengthening to weakening can be surmised at low D. It
is conceivable that for material systems with higher values of γ or lower values of n, a
breakdown in compressive strength may be observed at larger D. It should be noted, that
at small specimen sizes σy approaches the theoretical shear strength, τc. This quantity
represents the upper limit of σy. Numerical ab initio calculations for uniaxial deforma-
tion of gold along the [100]-axis suggest τc values of 1.6 GPa in compression and 4.2 GPa
in tension [241]. These critical limits correspond to specimen sizes of 10 nm and 5 nm for
samples loaded in compression and in tension, respectively. It should be kept in mind
that the value of τc is still a subject of discussion as pointed out by the authors of the
study.
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5 Macroscopic bodies of a strong and
deformable nanoporous base metal

5.1 Results

5.1.1 Structural characterization

Nanoporous copper-nickel

The geometry and the optical appearance of nanoporous copper-nickel (np CuNi) are
illustrated in Figure 5.1 (a). The photograph shows a precursor sample machined from
a Cu20Ni10Mn70 master alloy (left) and a fully dealloyed np CuNi sample (right). The
preparation technique yields macroscopic bodies that are, by optical appraisal, free of
apparent macroscopic cracks.

Electron backscatter diffraction (EBSD) was used to visualize the grain structure of the
precursor alloy. In Figure 5.1 (b), the image uses inverse pole figure coloring to illustrate
the microstructure. Grain boundaries are highlighted by black lines. A single-phase face-
centered cubic (fcc) crystal structure is found throughout the whole precursor. Within
the limit of resolution, no significant lattice distortion is found inside the grains, with
the exception of preparation-induced scratches. With an average grain size measured to
roughly 500 µm, the grains are comparatively large. The EBSD characterization indicates
texture from the shape of the grains which – considering the sample’s orientation within
the ingot – coincides with the direction of solidification from the walls of the cold crucible
into the melt.

The master alloy was investigated in more details by transmission electron microscopy
(TEM). Figure 5.2 (a) shows the image section that was investigated with respect to its
chemical composition (b-d) by energy dispersive X-ray spectroscopy (EDS). The EDS
maps show that Cu, Ni and Mn are homogeneously distributed. Furthermore, TEM
was also employed to investigate the crystal structure of the precursor alloy by low
magnification diffraction analysis. In image panel (e) of Figure 5.2, the investigated area
is indicated by the beam spot (bright region). The corresponding diffraction pattern is
given in Figure 5.2 (f). The analysis finds an essentially perfect fcc structure without
local lattice distortion at small scales. These observations support the low-resolution
EBSD findings. Both techniques thereby confirm that the homogenization and quenching
of the master alloy yields a single-phase homogeneous solid solution. As described in
Sections 2.1 and 3.2.1, this is considered a prerequisite for the formation of homogeneous
nanoporous bodies.

The scanning electron micrographs in Figure 5.3 illustrate the microstructure of np
CuNi samples in as-dealloyed condition (a,ḃ) and annealed at 400 ◦C in argon gas for
45 min (c,ḋ). It can be seen that np CuNi exhibits a homogeneous, bicontinuous net-
work structure that resembles other nanoporous metals made by dealloying [61, 64, 72].
However, the ligaments of np CuNi take on a significantly different shape than in other
dealloyed materials, see for instance the micrographs of np Au in Figure 4.1. Polyhedral
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Figure 5.1: Structural analysis of nanoporous copper-nickel (np CuNi) and its precursor alloy. (a)
Photographs show a machined Cu20Ni10Mn70 precursor (left) and as-dealloyed np CuNi (right).
(b) Electron backscatter diffraction map, depicted in conventional inverse pole figure coloring.
The image illustrates the grain structure of the master alloy; grain boundaries are highlighted by
black lines. Panel (b) published in Reference [166].

Figure 5.2: Transmission electron microscopy of the Cu20Ni10Mn70 precursor alloy. (a-d) Energy
dispersive X-ray spectroscopy characterization: microscopy image (a) and elemental distributions
maps for Cu (b), Ni (c) and Mn (d). Note, elements are distributed homogeneously. (e, f) Low
magnification diffraction analysis of the precursor alloy: (e) beam spot indicating the investigated
region of interest. (f) Diffraction pattern of (e). The analysis confirms a perfect fcc lattice
structure in the master alloy.
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Figure 5.3: Microstructural characterization of as-dealloyed (a, b) and annealed (c, d)
nanoporous copper-nickel with a ligament size of 13 ± 4 nm and 40 ± 14 nm, respectively. Im-
ages show electron micrographs of cross-sectional areas at low (top row) and high (bottom row)
magnification. Note, the differently shaped ligaments compared to nanoporous gold. [166]

shaped ligaments are observed in np CuNi that point towards different mechanisms of
formation. This observation will be explored in more detail further on in this section.
In contrast to other studies on nanoporous base metals [64,87], np CuNi appears free of
dealloying-induced cracks down to the microscale.

In the as-prepared state, np CuNi exhibits a very small ligament size, L, of 13 ±
4 nm. Analog to nanoporous gold (np Au), L can be controlled by thermal coarsening.
Annealing at 400 ◦C in argon gas for 20 min, 30 min and 45 min leads to feature sizes of
L = 22 ± 6 nm, 32 ± 8 nm and 40 ± 14 nm, respectively. As with np Au, the density
and solid fraction of the nanoporous samples were determined from the sample volume
and the mass. Regardless of thermal annealing conditions, np CuNi exhibits constant
density and solid fraction of 2.75±0.11 g/cm3 and 0.31±0.01, respectively. Compared to
other macroscopic nanoporous metals [72,87,143], np CuNi exhibits hardly any shrinkage
during dealloying and – even more significantly – during thermal annealing.

EDS analysis by scanning electron microscopy was used to identify the elemental com-
position of np CuNi. By measurement of eight samples – each with at least three differ-
ently located areas of interest (see Section 3.3.1) – the elemental composition of Cu, Ni
and Mn was identified as 60 ± 6 at.%, 32 ± 4 at.% and 8 ± 2 at.%, respectively. Note,
no systematic variations in the chemical composition are observed between the different
measurement spots, i.e. at the sample center, edge and in between.

In order to investigate the ligament structure of np CuNi in more detail, TEM imaging
was consulted. Figure 5.4 shows exemplary results. White squares within the central
overview image refer to different regions of interest (a-d) that have been examined with
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5 Macroscopic bodies of a strong and deformable nanoporous base metal

respect to their crystallographic orientation. Fast Fourier transforms (FFT) of the mi-
crograph are displayed adjacent to the respective image sections. The FFT contain
information on local structure, similar to conventional diffraction patterns. It can be
seen that peak positions vary between image sections. This corresponds to different local
crystallographic orientations. These findings therefore suggest that the ligaments of np
CuNi are made of nanocrystallites with a grain size that agrees with the ligament size.
In this respect, np CuNi differs considerably from np Au, where grains are orders of
magnitude larger than the ligament size [61].

Grain boundaries may provide attractive sites for pinch-off and loss of connectivity
during coarsening. However, Figure 5.3 qualitatively suggests that np CuNi seems to
retain its morphology during coarsening, in the sense that no abnormal loss of connections
is observed.

Figure 5.5 displays local element distributions in as-dealloyed np CuNi, as measured by
EDS during TEM analysis. Intensities refer to the maximum concentration measured for
the respective element. The average elemental contributions agree well with EDS data
measured by scanning electron microscopy. The most striking finding can be identified
from an overlay of Cu (red) and Ni (green) distributions as depicted in (d). The image
clearly shows inhomogeneous elemental distribution with separated clusters of Ni and
Cu-rich regions whose dimensions coincide with the ligament size, i.e. the grain size.
These observations are particularly noteworthy since elements in the master alloy are
evenly distributed, as shown in Figure 5.2 (a-d).

Moreover, Figure 5.5 (e) shows that residual Mn (red) is exclusively concentrated
within the Ni-rich (green) regions. The mixed yellow color also suggest that Mn is evenly
distributed among the Ni clusters.

X-ray diffraction was used to identify the crystallographic structure of the master
alloy (Figure 5.6 (a)) as well as as-dealloyed (b) and annealed (c) np CuNi. Identifica-
tion of phases was based on reference patterns by References [242, 243]. The analysis
finds a single-phase solid solution with fcc symmetry (red diamonds) in the homogenized
Cu20Ni10Mn70 master alloy, which further supports the EBSD and TEM findings. As
shown in Figure 5.6 (b), the diffraction pattern of as-dealloyed np CuNi likewise reveals
fcc crystal orientation. Furthermore, the signature of a second phase is observed that can
be ascribed to Cu2O (blue dots). Similar phases are found in annealed np CuNi (Fig-
ure 5.6 (c)). It can be seen that the phase fraction of Cu2O diminishes during annealing
as indicated by the loss of intensity compared to metallic fcc.

The lattice parameters were estimated from fcc peak positions as 374.9±0.4 pm, 360.9±
0.2 pm and 360.3 ± 0.3 pm for the precursor alloy, as-dealloyed and annealed np CuNi,
respectively.

Elemental nanoporous copper and nickel

As a comparison to np CuNi, the microstructures of macroscopic samples of elemental
nanoporous copper (np Cu) and elemental nanoporous nickel (np Ni) have been inves-
tigated by electron microscopy, as illustrated by images (a, b) and (c, d) of Figure 5.7,
respectively. Images (a) and (b) show that np Cu exhibits a homogeneous network struc-
ture with smooth ligaments that appears very similar to np Au. With a ligament size
measured as L = 30 ± 6 nm, the microstructure of np Cu is significantly coarser than
as-dealloyed np CuNi. Most notably, the large cracks observed in the micrographs are not
a result of intentional sample cleaving but rather proprietary to the dealloyed structure,
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5 Macroscopic bodies of a strong and deformable nanoporous base metal

Figure 5.5: Energy dispersive X-ray spectroscopy characterization of nanoporous as-dealloyed
copper-nickel by transmission electron microscopy. (a) Dark-field image of the selected area.
Elemental distribution maps are for: Ni (b), Cu (c), Cu (red) and Ni (green) (d), Mn (red) and
Ni (green) (e) and Mn (turquoise), Ni (green) and Cu (red) (f). The intensity is scaled to the
respective maximum concentration. Significant clustering of Cu and Ni is observed (d). Residual
Mn is found exclusively in Ni-rich clusters (e, f).
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Figure 5.6: X-ray diffraction analysis of nanoporous copper-nickel (np CuNi) and its precursor
alloy. Linearly scaled intensity profiles with subtracted background noise are plotted vs. 2-theta.
The graph shows diffraction patterns for: (a) the precursor alloy, (b) as-dealloyed np CuNi and (c)
np CuNi annealed for 45 min at 400 ◦C in purified argon gas. Symbols refer to the corresponding
phases: face-centered cubic metallic Cu-Ni-Mn (red diamonds) and Cu2O (blue dots). Reference
patterns are based on References [242,243].
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5 Macroscopic bodies of a strong and deformable nanoporous base metal

Figure 5.7: Microstructure of elemental nanoporous copper (np Cu, (a, b)) and nanoporous
nickel (np Ni, (c, d)); images are taken from the sample’s interior. Np-Cu exhibits a homogeneous
network structure with large cracks and smooth ligaments with an average diameter of L =
30 ± 6 nm. (c) Low magnification micrographs of np Ni show a tubular microstructure with
distinct gaps between them. (d) At small scales, transmission electron images find a nanoporous
structure with a ligament size of around 10± 3 nm and common crystal orientation (see inset in
(d)). Images (c) and (d) are published in Reference [87].

as observed from surface micrographs and optical inspection. Density and solid fraction
of as-prepared np Cu are determined as 2.73± 0.16 g/cm3 and 0.31± 0.02, respectively.

While np Cu exhibits a microstructure similar to np Au, low magnification micrographs
of np Ni (Figure 5.7 (c)) show a tubular structure. The dealloying-induced channels are
aligned with the corrosion front that is orientated normal to the outer sample surface.
Distinct gaps can be observed around the channels that severely reduce the toughness
of the material and lead to brittle failure. At smaller scales, TEM imaging finds a
nanoporous structure with L of around 10± 3 nm, as depicted in Figure 5.7 part (d). A
common crystallographic orientation within the ligament structure is observed by TEM
diffraction analysis, see inset in Figure 5.7 (d). Lattice parameters have been identified
by X-ray diffraction as 369.8 pm and 352.4 pm for the Ni30Mn70 precursor alloy and as-
dealloyed np Ni, respectively. This corresponds to a volume reduction of around 15.6 %
which is substantial. Thus, the tubular microstructure of np Ni may be understood as
result of large shrinkage-induced stresses that are relieved by ordered cracking. Indeed,
similar crack patterns are found in shrinkage related processes, such as cooling of basalt
columns or mud crack formation during drying [244,245].

In the as-dealloyed state, np Ni exhibits a density of around 2.90 ± 0.10 g/cm3 which
corresponds to a solid volume fraction of around 0.33± 0.01.
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Figure 5.8: Uniaxial compression tests of nanoporous copper-nickel (np CuNi) with different
ligament sizes, L; engineering stress, σeng, plotted vs. engineering strain, εeng. Brittle deformation
behavior is observed for as-dealloyed np CuNi (black line), whereas annealed structures (colored
lines) exhibit significant deformability in compression. [166]

5.1.2 Uniaxial compression of macroscopic samples

Nanoporous copper-nickel

Results of uniaxial compression tests on np CuNi are shown in Figure 5.8. In the plot
of engineering stress, σeng versus engineering strain, εeng, graphs are depicted for as-
dealloyed np CuNi (black line) and samples annealed for 20 min, 30 min and 45 min at
400 ◦C with corresponding ligament sizes (colored lines). The experiments show that
upon compression as-dealloyed np CuNi exhibits brittle deformation behavior similar to
other studies on nanoporous base metals [64,75,77,78,87,88,90]. Still, np CuNi exhibits
a fracture stress of more than 50 MPa. This exceeds the strength values reported for
other nanoporous metals, such as those in References [61,62,68,75,78].

In the case of annealed np CuNi, considerable deformability is observed during com-
pression testing. The effect becomes more pronounced with increasing L. To the author’s
knowledge, this work provides the first proof of significant plasticity ever reported for a
nanoporous base metal with feature sizes relevant for surface-induced functionalization.

Figure 5.9 shows strain maps obtained by digital image correlation for annealed np
CuNi. Samples with ligament sizes L = 22 nm, 32 nm and 40 nm are depicted at an
average compressive engineering strain in loading direction of 4.4 %, which is well in
the regime of plastic flow. Color maps display distributions of axial strain (top row)
and the maximum two-dimensional shear strain (bottom row). Strain concentrations are
observed in the axial strain maps (a-c), i.e. in deformation in loading direction. It can
be seen that the strain concentrations exhibit significantly higher deformation than the
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5 Macroscopic bodies of a strong and deformable nanoporous base metal

Figure 5.9: Strain distributions in annealed nanoporous copper-nickel (np CuNi) with different
ligament sizes, L, under compressive loading. Deformation state captured at an average axial
engineering strain of 4.4 %. Axial (top row) and maximum shear strain maps (bottom row)
depicted for np CuNi with L = 22 nm, 32 nm and 40 nm reveal distinct localized deformation
behavior. [166]

surrounding material. Magnitude of the measured maximum shear values (d-f) suggest
that shearing contributes significantly towards the deformation of np CuNi. Also, the
maximum shear is inhomogeneously distributed and concentrated in the same regions
as the axial deformation. The ultimate failure is observed along the shear deformation
bands.

Elemental nanoporous copper and nickel

Figure 5.10 shows exemplary compressive stress-strain curves of elemental np Cu (red)
and np Ni (green). It can be seen, that both materials exhibit brittle deformation behav-
ior similar to as-dealloyed np CuNi and other studies on np Cu [77,78] and np Ni [88,90].
Yet, the fracture stresses of np Cu and np Ni are considerably lower than in np CuNi. A
detailed collection of strength data for np Cu, np Ni and np CuNi is presented further on
in this chapter. Moreover, in contrast to np CuNi, elemental np Cu and np Ni samples
show brittle deformation regardless of any annealing procedure.

5.1.3 Actuation behavior

Nanoporous copper-nickel

Figure 5.11 illustrates the actuation behavior of as-dealloyed np CuNi. As described in
Section 3.3.6, the samples were measured in alkaline environment while imposed to cyclic
voltammetry. The current density (blue line) shows that np CuNi exhibits a significantly
more complex reaction signature than nanoporous gold. Studies of planar Cu [246] and Ni
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Figure 5.10: Exemplary compression tests of elemental nanoporous copper and nanoporous
nickel with a solid fraction of 0.33. Both materials exhibit brittle deformation behavior indepen-
dent of any coarsening treatment.

electrodes [247] suggest that the electrochemical response of np CuNi can be understood
as a result of superimposed reactions at the individual Cu and Ni-rich phases. Note
that the current response in this graph is referred to the sample mass rather than to the
surface area. This is due to the complex reactions that occur in many base metals which
renders conventional assessment approaches of the surface area – such as the method
applied for np Au in this work – useless [225]. The red line depicts the actuation strain.
Arrows indicate scan directions for both quantities.

The experiments find a variation in strain of around 0.9 %. A monotonous decrease
of the strain is observed during positive potential scanning. The actuation response is
large compared to pure np Au that typically exhibits maximum electrochemical actuation
strains up to around 0.1 % [2,6]. Yet, when alloyed with other elements – such as platinum
– the actuation response of np Au can extent up 1.3 % [3, 4]. Moreover, studies on
nanoporous palladium find huge actuation strains of up to around 4 % as a result of
hydrogen absorption into the metallic lattice [71].

Elemental nanoporous copper and nickel

The actuation response of elemental np Cu differs significantly from np CuNi. When
subjected to the same electrochemical conditions as np CuNi in Figure 5.11, no noticeable
actuation strain is measured.

Quite the opposite behavior is found for elemental np Ni. In alkaline solution large
actuation strains of up to 1.6 % are measured, as depicted in Figure 5.12. A similar
trend for monotonous contraction (red line) during positive scanning as in np CuNi is
observed. Still, for np Ni, pronounced variation in strain is found at high potentials.
The current density response (blue line) indicates full surface coverage with β-Ni(OH)2
without remaining α-Ni(OH)2 [247]. A detailed analysis of the electrochemical reactions
of np Ni in alkaline solutions – and their impact on the actuation response – will be given
in Section 5.2.3 further on in this chapter.

73



5 Macroscopic bodies of a strong and deformable nanoporous base metal

Figure 5.11: Actuation response of as-dealloyed nanoporous copper-nickel during potential cy-
cling in 1 M NaOH electrolyte. Current density (blue line) and actuation strain (red line) are
plotted vs. the applied electrical potential, ESHE. Data shows two successive scans with a scan
rate of 1 mV s−1. The arrows indicate scan directions.

Figure 5.12: Actuation response of elemental nanoporous nickel during potential cycling in 1 M
NaOH electrolyte. Current density (blue line) and actuation strain (red line) are plotted vs. the
applied electrical potential, ESHE. A maximum actuation amplitude of around 1.6 % is measured.
Data shows two successive scans with a scan rate of 1 mV s−1. The arrows indicate scan directions.
Data published in Reference [87].
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5.2 Discussion

5.2.1 Structural evolution during dealloying

The structural characterization of np CuNi has revealed several interesting aspects that
have not been observed in other dealloyed nanoporous base metals, so far:

• The synthesis scheme produced macroscopic bodies devoid of macro- and micro-
scopic cracks alike.

• Ligaments are composed of nanocrystallites with a grain size that agrees with the
ligament diameter.

• Inhomogeneous elemental distribution is observed on the scale of the grain size with
separate Cu and Mn-rich Ni clusters.

• The dealloyed bodies appear to exhibit a single metallic face-centered cubic lattice
structure.

Let us start the discussion on the origin of the nanoporous composite formation right
before dealloying of the Cu20Ni10Mn70 master alloy. Investigations of the precursor alloy
find an undistorted single-phase metallic fcc structure composed of very large grains.
This emphasizes that nanocrystallinity forms during the dealloying process. Along with
nanocrystal formation, local elemental separation can also be considered to occur during
dealloying. This is due to the observation that all constituents are evenly distributed
in the master alloy. X-ray diffraction analysis measures a significant amount of oxides
in np CuNi. Yet, Pourbaix diagrams of Cu [248] and Ni [249], see Figure 5.13, suggest
that during electrochemical dealloying no formation of Cu- or Ni-oxides may occur. In
this respect, it can be assumed that the oxides are native layers that form after the
dealloying, when exposed to air. Thus, the microstructure formation during dealloying
can be considered free of any influences that might accompany the formation of oxygen
species.

After dealloying, Mn is homogeneously distributed in the Ni clusters with a roughly
constant Ni to Mn ratio of 4 : 1, as determined by EDS. At this composition, binary phase
diagrams suggest a single-phase intermetallic Ni3Mn structure with a wide solubility
range of Mn (15 at.% to 29 at.%) [221]. X-ray diffraction analysis finds a single metallic
fcc crystal structure. This gives rise to the assumption that metallic Cu and intermetallic
Ni3Mn share a coherent fcc lattice structure. Indeed, with lattice parameters, a, of around
360.9 ± 0.2 pm and 360.3 ± 0.3 pm for as-dealloyed and annealed np CuNi, respectively,
the measured values range between the larger sized Cu (a = 361.5 pm [242]) and the
smaller lattice structure of Ni3Mn (a = 358.9 pm [250]). It should be emphasized that no
signatures of a metallic Ni phase are found. The very small a of 352.4 pm [242] should
ether lead to strong distortions of a potentially coherent lattice or to the formation of a
second fcc structure. Neither of these scenarios is observed. Note, a of Ni3Mn is reported
for a pure and well-annealed ordered material. Yet, small quantities of Cu are soluble in
Ni3Mn – up to around 9 % [251] – which are found to entirely inhibit long-range ordering
in Ni3Mn [251,252]. The absence of long-range order in Ni3Mn is supported by the X-ray
diffraction analysis which finds no order-related diffraction signatures. It can be assumed
that a of disordered Ni3Mn is larger than the literature value since disordering increases
the lattice constant by up to 1 % [253]1.

1In Cu3Au, the reference system for the cP4 crystal structure of Ni3Mn, disordering leads to an increase
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Figure 5.13: Pourbaix diagrams of (a) copper [248] and (b) nickel [249] in H2O at 25 ◦C and a
concentration of dissolved species of 10−6 mol kg−1. Blue shaded regions indicate regimes of oxide
and hydroxide formation. Dealloying conditions of nanoporous copper-nickel are highlighted in
red. Note, no formation of oxides is expected to occur during electrochemical dealloying. Graphs
modified and reprinted with permission.

The formation of coherent Cu and Ni3Mn phases during dealloying accounts for all of
the above observations. In the following, a concept is derived that interprets the forma-
tion mechanisms during electrochemical dealloying of np CuNi. A schematic illustration
of the proposed mechanism is displayed in Figure 5.14. At the onset of dealloying, Cu,
Ni and Mn atoms are statistically distributed within a single-phased solid solution (a).
During the corrosion process, Mn-ions are removed from the surface until local concen-
trations reach composition ranges required to form Ni3Mn nucleation centers along the
corrosion front (b). Surface diffusion leads to redistribution and agglomeration of atoms,
as described in Section 2.1. In this process, Ni and – to some extent Mn – preferentially
alloy into the intermetallic Ni3Mn nuclei due to the strongly negative enthalpy of solution.
As previously noted, limited solubility of Cu in any intermetallic NiMn phase including
Ni3Mn is found in the Cu-Ni-Mn system [251, 254]. Moreover, simple cohesion energy
estimates based on Miedema’s model [255] lead to similar conclusions, since alloying of
Mn into Ni is energetically more favorable than in to Cu [255].

At this stage, ligaments form that consist of numerous Ni3Mn nuclei within a Mn-
depleted Cu-Ni-Mn solid solution. As dealloying proceeds, Ni and Mn atoms are depleted
from the solid solution into growing coherent Ni3Mn precipitates. Eventually, only Cu
remains in the erstwhile solid solution, as coherent Ni3Mn precipitates reach their final
volume fraction, as depicted by Figure 5.14 (c, left side). Finally, during the concurrent
redistribution processes, Cu and Ni3Mn precipitates consolidate within the ligament into
separate grains with different chemical composition but coherent lattice structure (c, right
side). Transmission electron imaging finds a distribution of crystal orientations between
ligaments. This suggest that coherency may be limited to individual ligaments only.

Crack formation has been observed during preparation of elemental np Cu and np Ni
(Figure 5.7). In both material systems, the evolution of cracks has been attributed to
lattice shrinkage during dealloying [64,87]. It is argued that, due to a mismatch in lattice

in a of around 0.2 % [253].

76



5.2 Discussion

Figure 5.14: Schematic illustration of the proposed formation mechanism of the nanocrystalline
composite microstructure of nanoporous copper-nickel. (a) Prior to dealloying, elements are
homogeneously distributed in the Cu20Ni10Mn70 master alloy. (b) Onset of dealloying: Mn2+ ions
(grey) are dissolved into the electrolyte, unfavorable Cu (red) and Ni adatoms (green) diffuse along
the surface. Ni3Mn nucleation sites form during local variation of the elemental composition. (c)
Within a single ligament Ni and Mn atoms are depleted from the solid solution as Ni3Mn grows
into coherent precipitates, as indicated by the white grid (left side). While only Cu remains in
the erstwhile solid solution, concurrent redistribution of Cu and Ni3Mn forms separated grains.
During this process a coherent lattice structure is maintained (right side).
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5 Macroscopic bodies of a strong and deformable nanoporous base metal

parameters at the corrosion front, shrinkage-induced stresses arise during preparation and
are relieved by cracking. As discussed above, np CuNi exhibits similar lattice shrinkage
during dealloying as elemental np Cu (around 4 %). Yet, no cracks are found in the
microstructure. This observation may be attributed to different formation mechanisms
during sample preparation. Ligament shapes and TEM diffraction analysis suggest that
np Cu and np Ni retain their precursor grain structure during dealloying, similar to np
Au. In np CuNi, however, formation of nanocrystals can readily relieve the shrinkage-
induced stresses since the crystallites constitute a new and less distorted crystal lattice
as opposed to the imposed precursor grain structure in np Cu and np Ni.

5.2.2 Deformation behavior of nanoporous copper-nickel

In order to assess the mechanical performance of np CuNi, a compilation of strength
values is given in Figure 5.15. Next to this work’s mechanical results on elemental np
Cu and np Ni2, the graph contains literature data of macroporous copper [256–258] and
nickel foams [259, 260] and additional studies on np Cu [75, 77, 78]. As described in
the discussion on np Au, defining a meaningful yield stress, σy, of nanoporous metals
– especially for those with significant plasticity – is not trivial. In Figure 5.15, σy of
nanoporous metals was taken as the fracture stress for entirely brittle materials such
as np Cu , np Ni, as-dealloyed np CuNi and References [77, 78]. In case of the single
indentation study [75], σy was estimated by a hardness, H, to yield strength ratio of
σy = H/3. For annealed np CuNi, typical methods of determining σy fail, since the
stress–strain response (Figure 5.8) shows no linear elastic regime as well as no peak
stress that merges into a constant plateau region. For this reason, σy of annealed np
CuNi is taken as the stress value at an axial engineering strain of 2 %, that is close to the
fracture strain of as-dealloyed np CuNi. The same evaluation scheme has been applied
to macroporous foams with stress–strain responses similar to annealed np CuNi such as
those reported in Reference [256].

Figure 5.15 shows than np CuNi is strong compared to the compiled data. The basis of
the exceptional mechanical performance of np CuNi is the absence of dealloying-induced
cracks. Moreover, the very small ligament size may also contribute to the high strength
in the form of a “smaller is stronger” relation, as discussed in the previous chapter on np
Au. The trend is confirmed by the decrease in strength during coarsening, as indicated
by the blue arrow.

Moreover, due to the high ratio of surface area to volume of np CuNi, the nature of
the surface may affect the mechanical behavior. X-ray diffraction confirms significant
contributions of native oxides that form after dealloying. As can be seen from Figure 1.1
in the introductory chapter, the total volume fraction of the oxide layer can be substantial,
especially in as-dealloyed np CuNi. In this respect, a layer of hard oxides around the
metallic ligament core may substantially strengthen the network structure similar to
reinforced composite materials. It becomes apparent that this strengthening mechanism
considerably exceeds the contributions which are typically associated with oxide layer
formation – such as “adsorption locking” which has been discussed for np Au – however,
at the expense of plasticity as discussed further on in this section.

Solid solution strengthening may be another conceivable effect that contributes to the
high strength of np CuNi compared to elemental np Cu and np Ni3. In their study on

2Unpublished data for np Ni by Dr. Chuan Cheng and the present author.
3Note, np Ni samples with ϕ > 0.3 need to be considered as alloyed materials since significant amounts
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np Au alloyed with minor amounts of Pt, Ye and Jin [69] demonstrated that even small
amounts of alloying elements can result in a significant increase in strength of nanoporous
metals. Similar strengthening behavior may be expected from alloying of minor amounts
of Cu in the Ni-rich phase and vice versa.

The nanocrystalline microstructure is arguably the most decisive feature that distin-
guishes the mechanical response of np CuNi from other nanoporous metals. It can be
expected, that dislocation motion can be severely hindered by the additional grain bound-
aries [261]. It has also been pointed out in Section 1.4, that ligaments of nanoporous
metals such as np Au are considered to share common glide planes within considerably
larger grains. In these materials, dislocations can move between adjacent ligaments in
the form of pore channel dislocations [143]. However, in np CuNi different crystal orien-
tations between neighboring ligaments will severely obstruct the formation of this type of
dislocation, thus motion of dislocations might be limited to the ligament interior. In this
respect, the deformation behavior of np CuNi may be dominantly carried by sliding of
grain boundaries rather than conventional dislocation motion [261]. This has been pro-
posed as a principle deformation mechanism in massive nanocrystalline materials with a
grain size below 50 nm [262].

While the origin of brittle deformation in np Cu and np Ni can be clearly attributed to
crack formation, plasticity of np CuNi is reduced – and even inexistent for as-dealloyed
samples – compared to np Au, despite the crack-free microstructure of np CuNi. One
reason for this may again be the nanocrystalline nature of np CuNi. In the discussion
on the deformation behavior of np Au (Section 4.2.1) it was argued that local stress con-
centrations can be dissipated by the formation of pore channel dislocations. Referring to
this argument, it can be assumed that obstruction of long-range dislocation motion favors
inhomogeneous stress distributions and thereby provides crack formation sites. Another
origin of the pronounced brittleness in np CuNi may be related to surface oxidation. In
contrast to monolayer adsorbates of np Au, native surface oxides of Cu and Ni extent to
3.3 nm [25] and 1.1 nm [24] in thickness, respectively. In this context, the small ligament
size of as-dealloyed np CuNi (L = 13± 4 nm) may turn out to be problematic since the
share of brittle oxides to the overall volume becomes considerable, especially in Cu-rich
nanocrystals (Figure 1.1 (b)). From this line of argument, the increase in plasticity with
L can be readily understood as the ratio of brittle surface oxides to ductile metal core
decreases with increasing L, as demonstrated by X-ray diffraction analysis of as-dealloyed
and annealed np CuNi (Figure 5.6). In this context, future compression experiments on
np CuNi under electrical potential control in electrolyte, similar to those conducted on
np Au, may provide insights regarding the impact of surface oxides on plasticity and
strength.

Plastically deformed np CuNi reveals localized deformation zones that are in distinct
contrast to strain distributions observed during compression of np Au (see Figure 4.4). In
fact, the axial deformation behavior of np CuNi resembles the “crush bands” that appear
during compression of macroporous foams [129,203]. As described earlier, the formation
of crush bands is carried by the collective collapse of adjacent cell walls. This results in
a characteristic stress drop, followed by an extended plateau regime of nearly constant
stress. Yet, compression tests of annealed np CuNi (Figure 5.8) find no signs of stress
maxima at early loading stages. On the contrary, they show continuous hardening during
plastic deformation – similar to np Au. Moreover, inhomogeneous maximum shear strain
maps suggest that strain concentrations during plastic deformation of annealed np CuNi

of residual Mn remain within the structure during synthesis.
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5 Macroscopic bodies of a strong and deformable nanoporous base metal

Figure 5.15: Compressive strength data of nanoporous metals (filled symbols) and macroporous
foams (open symbols) plotted with respect to the solid fraction. The colors of the data points
refer to the sample’s elemental composition: copper [75, 77, 78, 256–258], nickel [259, 260] and
copper-nickel are depicted in red, green and blue, respectively. It can be seen that nanoporous
copper-nickel is significantly stronger than porous materials composed of elemental copper or
nickel with comparable solid fraction. The blue arrow indicates the reduction in strength as a
consequence of coarsening.

can be attributed to shearing, which ultimately leads to failure.

The inhomogeneous shearing during compression of np CuNi resembles observations
reported for massive nanocrystalline metals, where distinct shear bands are formed im-
mediately after yielding at grain sizes below a few hundred nm [262, 263]. Next to
microstructural parameters and elemental composition, inhomogeneous shearing is con-
sidered a result of the lack of work hardening. This is a consequence of the constant
dislocation density in nanocrystalline metals [263] – in these materials dislocations are
assumed to annihilate at grain boundaries in a rate similar to their formation [262]. Al-
though np CuNi exhibits noticeable strain hardening in compression – in contrast to bulk
nanocrystalline materials – hardening is not limited to dislocation interaction but also
entails contributions of densification. Hence, similar underlying mechanisms for shear
band formation can not be ruled out.

5.2.3 Functionalization potential

Considerable functionalization potential has been demonstrated for np CuNi by the large
actuation response during potential cycling (Figure 5.11). While no potential-induced
length change is measured for np Cu, experiments on np Ni find significant actuation
strains during cyclic voltammetry (Figure 5.12). This suggest that the reversible electro-
chemical elongation of np CuNi in alkaline solution can be attributed to length changes
of the Ni-rich regions. In agreement with References [87, 92], three additive processes
emerge:

• Ab- and desorption of hydrogen into the Ni-lattice at low electrical potential
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(−1.0 V < ESHE < −0.6 V) causes volume expansion and contraction, respectively.

• Capacitive double-layer charging induces surface strain that varies linearly with the
applied electrical potential (−0.6 V < ESHE < 0.05 V) [1].

• The reversible redox reaction β-Ni(OH)2 + OH– ←−→ β-NiOOH + H2O + e– that
occurs at high potentials (0.05 V < ESHE < 0.8 V) induces a surface strain as a
result of a lattice mismatch between β-Ni(OH)2 and β-NiOOH.

Especially the last process differs from length changes observed during oxidation of
noble metals, such as Pd [71], Pt [1] and Au-Pt [3]. In these materials, surface oxidation
causes expansion of the underlying bulk. In contrast, the described redox reaction leads
to shrinkage of the Ni lattice [92]. This effect adds to the continuous contraction caused
by the first two mechanisms during positive potential scanning.

While the continuous contraction is observed for both, np CuNi as well as np Ni,
the curve progression of np Ni suggests a stronger variation of the actuation strain at
high potentials. In np Ni, the three proposed actuation mechanisms can be clearly
distinguished from the voltammogram and the strain response (Figure 5.12). In contrast,
the voltammogram and the actuation strain of np CuNi suggest no clear distinction
between the capacitive charging and the reversible redox reaction of the Ni-rich regions
(Figure 5.11). In alloys, the electrochemical gradient between the different species can
alter the onset and reactivity of electrochemical reactions [264, 265]. It is conceivable
that in a three-species system, such as np CuNi, this effect may be responsible for the
deviation of the actuation response of np CuNi from elemental np Ni.

Naturally, actuation strains of np CuNi are smaller compared to pure np Ni due to
the reduced fraction of contributing elements, yet actuators are by definition mechani-
cally loaded devices and as such profit from increased strength and plasticity. A similar
argument holds for the conceivable use of np CuNi as mechanical sensor material. In
this scenario, the sensor relies on the same electro-chemo-mechanical coupling principles
as the presented actuator. A selection of functionalization opportunities of np CuNi is
given in the outlook section of the next chapter.
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6.1 Insights into nanoscale mechanics by macroscopic testing

At small scales, the literature reports distinct strengthening behavior in the form of a
“smaller is stronger” relation. Yet, at specimen sizes below around 100 nm numerical
studies and theoretical considerations predict a reduction in compressive strength. It
is argued that this tension–compression asymmetry is a result of the action of capillary
forces – namely the surface tension, γ – at the surface of the material. Experimental
proof supporting this notion has been missing so far, since experimental investigation of
the compression behavior of single nanowires or -columns is challenging.

This thesis picks up on the above-mentioned contradiction by experimental investiga-
tion of nanoporous gold (np Au), a well-established model material for the exploration
of surface-induced variations of the mechanical behavior. The material is fabricated in
macroscopic dimensions by electrochemical dealloying. Macroscale testing of np Au sam-
ples appears as a suitable technique to explore asymmetries during plastic flow. This
is so because uniaxial deformation of randomly orientated networks – such as np Au –
contains signatures of both, tensile- and compressive-mediated contributions. These can
be identified from the transverse plastic response of the nanoporous network structure.

In this work, elastic and plastic Poisson ratios, νE and νP, respectively, of mm-sized np
Au samples are determined through full-field analysis of compression tests in air and in
electrolytic environment. Surface contributions are systematically varied by thermal tun-
ing of the ligament size and electrochemical modulation. The experiments find νE values
independent of the applied electrical potential and the overall surface contribution. It is
argued that variations in surface excess elasticity do not influence the material’s elastic
transverse response on a macroscopic level. Compared to other mechanical character-
istics of np Au, the measurements of νE reveal considerable robustness of this material
parameter towards different characterization techniques. Values and trends of νE are
discussed with respect to other porous systems and it is emphasized that conventional
foam models do not apply to nanoporous metals. The measurement of νP finds distinct
non-zero values. In contrast to the elastic transverse deformation, νP exhibits significant
susceptibility towards both, electrochemical modulation and surface area variation alike.
A distinct increase in νP values with decreasing contribution of γ is observed, an effect
that is fully reversible for electrochemically modulated surface states. These observa-
tions prove that γ promotes weakening in compression and strengthening in tension and
confirm the decisive contribution of the surface to small-scale plasticity. Thus, this work
provides the first experimental proof of asymmetric yielding at small scales through the
interaction of capillary forces.
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6.2 Synthesis and mechanical behavior of a novel nanoporous
base metal

Numerous application scenarios have been proposed for nanoporous metals. Yet, for
technological relevance three key properties are required: significant functionalization
potential, mechanical robustness and low preparation costs. While many studies prove
substantial material performance in individual fields, no nanoporous metal combines all
three aspects, so far.

In this work, a novel synthesizes scheme is developed to prepare mm-sized nanoporous
copper-nickel (np CuNi) by dealloying in aqueous media. Single-phased Cu20Ni10Mn70

master alloys are prepared and electrochemically dealloyed in 1 M KCl + 10 mM HCl
solution. The microstructural characterization finds crack-free nanoporous networks. In
distinct contrast to other nanoporous metals, these are composed of nanocrystalline liga-
ments with an average size of 13 nm. Moreover, an inhomogeneous elemental distribution
suggests a two-phase nanocomposite structure. A concept is derived that accounts for
the unique microstructural observations. It is argued that elemental segregation occurs
during dealloying into intermetallic Ni3Mn and pure metallic Cu nanocrystals.

Uniaxial compression tests show that np CuNi is strong compared to other nano- and
macroporous materials with similar constituents and solid fraction. Most importantly,
annealed np CuNi exhibits significant plasticity during compression testing, a unique
deformation response for nanoporous base metals with substantial surface area to volume
ratio. The underlying deformation mechanisms are discussed with respect to ligament
size, composition, grain structure and oxide formation.

Finally, dilatometer analysis was employed to identify the actuation response of np
CuNi during potential cycling in alkaline solution. The measurement finds considerable
actuation strains of around 0.9 %. These experiments provide a proof of principle which
suggests that np CuNi exhibits significant surface functionalization potential.

In summary, this thesis introduces the first synthesis concept that accounts for the
required material properties that are listed in the first paragraph. Specifically, the prepa-
ration from low-cost base metals yields macroscopic np CuNi, a nanocrystalline porous
network structure that proves considerable mechanical stability and functionalization
opportunities.

6.3 Outlook

Experiments presented in this work found a reduction in νP with decreasing values of the
ligament size, L. Trends that suggest diminishing νP values at very small L are based
on molecular dynamics simulations using embedded atom potentials. It has been argued
that this simulation approach might not capture the essential physics at surfaces [120].
Experimental investigation of νP at this small length scale proves problematic as np Au,
in its elemental form, exhibits a lower feature size limit of a few tens of nm. However,
ligament sizes of np Au can decrease to values as low as 6 nm when alloyed with Pt [3,69].
This material system offers mechanical investigation opportunities at very small scales
and may help to clarify the predicted diminishing value of νP.

The development of np CuNi provides the basis for the exploration of a variety of
technological opportunities. A small selection will be proposed in the following.

Nanoporous metals covered with electrically conductive polymer layers promise sig-
nificant improvement in the actuation response, especially with regard to the actuation

84



6.3 Outlook

rate [266, 267]. While np CuNi might merely serve as an electrically conductive scaffold
in this scenario – since the functionality is provided by the polymeric layer – its good me-
chanical properties, low density, high surface area to volume ratio and low-cost precursor
materials makes np CuNi a superior choice compared to noble nanoporous metals.

Nanoporous alloys of copper-nickel exhibit interesting magnetic properties. This has
recently been demonstrated on thin films of np CuNi that were fabricated by templat-
ing [268]. The study finds a variation in the Kerr signal at different electrical poten-
tials [268] which suggests that the magnetization of np CuNi can be modified by elec-
trochemistry. Indeed, preliminary tests on this work’s macroscopic np CuNi samples
observe reversible modulation of the magnetization by electrochemical cycling as demon-
strated in Figure 6.1. In these measurements, only the Ni-rich regions are considered
to contribute to this effect as pure Cu is diamagnetic [73]. A similar finding has been
pointed out in the discussion of the actuation response of np CuNi. Here, functionality
is also solely provided by the Ni containing phase. Therefore, future works may focus on
the homogeneous distribution of Ni on the surface of np CuNi. In this context, different
coating techniques might be suitable such as chemical or electrochemical plating as well
as atomic layer deposition. Another conceivable approach may be transformation of the
nanoporous Cu-Ni3Mn composite into a single-phase Cu-Ni solid solution. After deal-
loying, Mn may be further depleted electrochemically from the Ni3Mn phase by careful
control of the dissolution rate to reduce imposed shrinkage stresses to a minimum. Even-
tually, this post-treatment may turn Ni3Mn into metallic Ni. Alloying of metallic Cu
and Ni phases into a solid solution may then be initiated by annealing.

Rather than using np CuNi directly, fully dense nanocrystalline composites may be
obtained by compaction of the porous body. Numerous studies have demonstrated a
variety of methods to prepared metallic nanocrystalline composites, such as gas phase
condensation [269] or severe mechanical deformation [270]. While these methods produce
nanocomposites with grain size down to around 10 nm [270], they are laborious and
limited to very small geometries. Electrolytic co-deposition of immiscible constituents is
a more resourceful method but appears to be limited to grain sizes of around 30 nm to
50 nm [271]. In this respect, np CuNi may be a useful composite system as large amounts
may be fabricated at a grain size of around 13 nm.

Finally, the developed preparation scheme may not be limited to copper-nickel but
might be extended to other base metal systems. Single-phased binary solutions with a
high concentration of sacrificial Mn can be fabricated by alloying with Fe [272], Co [273]
and V [274]. Another requirement is met as polarization experiments in 1 M KCl + 10 mM
HCl electrolyte confirm a sufficiently large difference in corrosion potential of more than
0.8 V between Mn and the proposed alloying candidates, as demonstrated in Figure 6.2.
Furthermore, phase diagrams of Fe, Ni and Mn [221,272,275] as well as cohesion energy
considerations [255] suggest that formation of nanoporous nanocomposites composed of
Fe and Ni3Mn may form analogous to np CuNi during dealloying of ternary Fe-Ni-Mn
solid solutions.
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6 Conclusion

Figure 6.1: Magnetic characterization of annealed nanoporous copper-nickel by SQUID mag-
netometry during potential cycling in 0.1 M NaOH electrolyte. Change in magnetization (black
line), charge (red) and applied electrical potential (blue) are plotted vs. the time. Unpublished
data by Markus Gößler, Prof. Dr. Roland Würschum and the present author.

Figure 6.2: Polarization curves of pure metals obtained from linear potential sweeps with a
scan rate of 20 mV s−1 in 10 mM HCl + 1 M KCl electrolyte. A significant difference in corrosion
potentials is observed between Mn and Fe, Co and V.

86



Bibliography

[1] J. Weissmüller, R. N. Viswanath, D. Kramer, P. Zimmer, R. Würschum, and
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Phys., 5:494–549, 1875.

[187] D. C. Grahame. The Electrical Double Layer and the Theory of Electrocapillarity.
Chem. Rev., 41(3):441–501, 1947.

[188] D. Kramer. Dependence of surface stress, surface energy and surface tension on
potential and charge. Phys. Chem. Chem. Phys., 10(1):168–177, 2008.

[189] J. Diao, K. Gall, and M. L. Dunn. Yield Strength Asymmetry in Metal Nanowires.
Nano Lett., 4(10):1863–1867, 2004.

[190] J. Diao, K. Gall, M. L. Dunn, and J. A. Zimmerman. Atomistic simulations of the
yielding of gold nanowires. Acta Mater., 54(3):643–653, 2006.

[191] W. Zhang, T. Wang, and X. Chen. Effect of surface stress on the asymmetric yield
strength of nanowires. J. Appl. Phys., 103(12):123527, 2008.

[192] C. R. Weinberger and W. Cai. Plasticity of metal nanowires. J. Mater. Chem.,
22(8):3277, 2012.

[193] J. Weissmüller and J. W. Cahn. Mean stresses in microstructures due to inter-
face stresses: A generalization of a capillary equation for solids. Acta Mater.,
45(5):1899–1906, 1997.
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