Formation of bicontinuous structures through liquid film
migration

Vom Promotionsausschuss der
Technischen Universitat Hamburg

zur Erlangung des akademischen Grades

Doktor-Ingenieur (Dr.-Ing.)

genehmigte Dissertation (Monografie)

von

Zhongyang Li

aus

Shenyang, China

2026



Erstgutachter: Prof. Dr.-Ing. Jorg Weissmiiller
Zweitgutachter: Prof. Carl E. Krill III, Ph.D.
Vorsitzender: Prof. Dr. rer. nat. Alexander Schlaich

Tag der miindlichen Priifung: Mirz 24, 2026

DOI: https://doi.org/10.15480/882.16950
ORCID iD: https://orcid.org/0009-0001-9796-9269

Creative Commons License Agreement

Unless otherwise indicated, this text is licensed under the Creative
Commons Attribution 4.0 International License (CC BY 4.0). This means
that it may be reproduced, distributed, and made publicly available, even
commercially, provided that the author, the source of the text, and the
license are always cited. The exact wording of the license can be found at
https://creativecommons.org/licenses/by/4.0/legalcode.debe called up.



Acknowledgements

I would like to express my gratitude to my supervisor, Prof. Jorg WeiBmiiller, for his
patient guidance, enlightening discussions and invaluable support. I am impressed by his
profound knowledge and enthusiasm for scientific research. I feel privileged to have the
opportunity to learn from him, whom I regard as a role model as a scientist.

I would also like to thank Dr. Lukas Liihrs for the inspiring discussions and practical
laboratory guidance he provided. With his help, I was able to have a smooth start and a
satisfying completion of my PhD studiy.

My gratitude also goes to Prof. Carl Krill, my second reviewer, for his constructive
feedback and for dedicating his valuable time to reviewing my thesis, and to Prof. Alexander
Schlaich for chairing the examination.

Over the years, | have received countless help from my friends and colleagues, including
Dr. Marine Bossert, Nina Petersen, Haonan Sun, Prof. Shan Shi, Dr. Yong Li, Haide
Alfort-Springer, Dr. Xinyan Wu, Weiche Chang, Yizhou Huang, Dr. Seoyun Sohn, Dr.
Jiirgen Markmann, Ulrike Dette, Dr. Tim Fischer, Dr. Ying Zhang, Dr. Nadiia Mameka,
Dr. Olga Matts, Celina Passig, Gideon Henkelmann, Dr. Robert Giinther, Irene Bauer,
Claudia Plaumann, Dr. Lukas Riedel, Dr. Tobias Krekeler, Dr. Gunnar Schaan, Jens
Timmermann, Lida Wang, Andrea Bluhm. Their warm welcome and unwavering support
really make not just my work, but also my life here a truly memorable experience.

Finally, I would like to thank my parents for their unconditional love. Their care and
encouragement have made the many challenges along my journey far less daunting.

I gratefully acknowledge the financial support I received during my studies, including
Deutsche Forschungsgemeinschaft (DFG), Germany within the Collaborative Research
Centre CRC 986 “Tailor-Made Multi-Scale Materials Systems” (Project No. 192346071),
Cluster of Excellence EXC 3120/1 BlueMat: Water-Driven Materials — 533771286, and
China Scholarship Council.






Abstract

Bicontinuous structures, characterized by two interpenetrating and contiguous phases, ex-
hibit unique properties in various metallic materials. Peritectic melting has been proposed
as a novel dealloying method of fabricating bicontinuous structures, yet the underlying
microstructure formation mechanism is still not fully understood.

In this work, we successfully obtained interpenetrating Ti and Ag phases after peri-
tectic melting of TiAg. Further observation of partially decomposed samples, along with
compositional and crystallography orientation studies suggest a fundamentally distinct mi-
crostructure formation mechanism from typical dealloying processes. The decomposition
of TiAg during peritectic melting follows the liquid film migration mechanism, meaning
that both Ti and Ag atoms dissolve into the melt, then deposit on the opposite grain as the
equilibrium phase at the annealing temperature. The connectivity of the solid Ti phase
comes from incompletely wetted grain boundaries.

Another example of bicontinuous structure formation via liquid film migration is peri-
tectic melting of NizsSngs. A unique structure containing clusters of NizSny cells are
obtained. Different from the Ti phase, which forms through heterogeneous nucleation at
wetted TiAg grain boundaries, Ni3Sn, phase nucleates homogeneously within the melt.
Subsequently, these nuclei experience cellular growth driven by the compositional gra-
dient across the liquid layer. This finding indicates that different nucleation and growth
mechanisms of the solid phase during peritectic melting result in diverse microstructures.

Partial melting may serve as an alternative to peritectic melting, without the strict
requirement of a peritectic reaction. By heating a single-phase CugsIn; solid solution to a
solid-melt coexistence state, a bicontinuous structure consisting of Cu solid solution and
solidified melt can be obtained. Here, the generalized method of initiating the melting
process from pre-melting sites within the interior regions of the alloy is termed distributed
internal melting (DIM).

In this thesis, the potential of DIM as a novel method of fabricating bicontinuous
structures is demonstrated. The formation mechanism of bicontinuous structures during
DIM of alloys is explained, which provides a basis for exploring other capable alloy systems.
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Chapter 1

Introduction

1.1 Synthesis of bicontinuous structures

1.1.1 Bicontinuous structures

Bicontinuous structures refer to two interpenetrating and contiguous phases, each of them
having a distinct composition or state of matter [1]. This kind of structure is found in
various materials, including metal composites with two interpenetrating solid phases [2—
5], as well as porous metals consisting of an interconnected metal network and open pores
[6-9]. Examples of bicontinuous metal composites and porous metals are shown in Fig
1.1 below.

For some metal composites, bicontinuous structures are highly desirable, as they show
enhanced mechanical properties including plasticity [10, 11], fracture resistance [12],
yield strength [2, 13], and lower Young’s modulus [4, 14]. Moreover, in porous metals,
the presence of open pore channels reduces the density of the material and increases the
surface area significantly. As a result, porous metals show better performance than dense
metal materials in catalysis [15, 16], sound absorption [17], energy absorption [18], charge
capacity [19], and electrochemical activities [20, 21].

Given the huge application potential of bicontinuous metal composites and porous

(a) Bicontinuous Dealloying Inverted dealloying
structure structure structure

Figure 1.1: Bicontinuous structure of (a) a metal composite (reprinted from Ref [22] with permis-
sion) and (b) porous Ta (reprinted from Ref [3] with permission).
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metals, the key challenge lies in developing effective synthesis strategies. According to
percolation theories [23-25], volume fraction of each component can be an important factor
in determining the connectivity of each phase. For instance, connectivity of both phases can
be expected in spinodal decomposition, when the volume fraction of each phase is above
15% [23]. As a result, a bicontinuous structure can be a natural result of spontaneous
processes, for example, interpenetrating o-Ti and Ti;Cu phases after eutectoid reaction in
Ti-25Cu (wt.%) alloy [26]. However, for the practical application of these materials, a
tunable structure is an essential requirement. Here, various dealloying methods will be
introduced as controllable approaches to fabricating bicontinuous structures.

1.1.2 Dealloying methods

Dealloying has long been studied as a form of corrosion [27, 28], before its potential
in producing porous metals was discovered. The basic principle of different dealloying
processes is similar. The pore channels are generated by selective removal of the sacrificial
component, and the solid network forms through surface reorganization of the remaining
component [29].

The most extensively studied dealloying process is electrochemical dealloying (ECD),
in which the less noble component dissolves into aqueous electrolyte, driven by its above-
equilibrium electrochemical potential. The dissolution and surface reorganization rates can
be controlled experimentally, which allows the production of porous metals with tunable
microstructures [8]. This can be achieved by altering the composition of the master alloy
[30], dealloying time, temperature and potential [31, 32], as well as the concentration and
nature of the electrolyte [33]. ECD is mainly applied to the manufacture of porous noble
metals, due to the requirement of a significant difference in corrosion potential between
different components.

Recent studies have shown that in addition to ECD, dealloying can also occur using
molten or solid metal as the dealloying medium, respectively known as liquid metal dealloy-
ing (LMD) [34] and solid-state interfacial dealloying (SSID) [35]. Both processes generate
bicontinuous structures through dissolution and surface reorganization mechanisms similar
to those of ECD. However, the driving force differs. Instead of electrochemical potential,
LMD and SSID rely on the difference in mixing enthalpy between the sacrificial element
and the remaining component with the dealloying medium (metal melt or solid alloy) [35—
37]. The distinct driving force enables the application of LMD and SSID on manufacturing
porous metals with less noble elements, for example, Ti [34], Fe [35], Nb [38], Pb [39],
Mo [40] and Mg [41].

Another novel dealloying method is vapor phase dealloying (VPD), which utilizes
the difference in vapor pressure between the sacrificial component and the remaining
component [42—44]. Like other dealloying techniques mentioned above, VPD also follows
the dissolution and reorganization mechanism. The sacrificial phase is here the more
volatile component, which evaporates from the master alloy to the atmosphere. This new
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Figure 1.2: Bicontinuous structure consists of Ti and Ag phase obtained after peritectic melting of
intermetallic compound TiAg and subsequent quenching. Image taken with promission from Ref
[45].

method enables the fabrication of novel porous metals, such as porous Mn [44].

A peculiar case worth mentioning is the newly discovered dealloying method, namely
peritectic melting [45]. It has been found that, after reverse peritectic reaction of inter-
metallic compound TiAg, a bicontinuous structure containing Ti and Ag networks can be
obtained. The structure, shown in Fig 1.2, closely resembles that formed through LMD,
which is a counterintuitive outcome after just simple heat treatment of the sample in the
semi-solid state. This finding introduces a novel approach to fabricating bicontinuous
structures. However, by far the TiAg remains the only successful master alloy for this
method, and it is still unclear whether this qualifies as a true dealloying process. The main
goal of this study is to discover the formation mechanism of bicontinuous structures during
peritectic melting and potentially other types of phase transformation processes similar to
peritectic melting.

1.1.3 Coarsening of dealloyed structures

Coarsening has an important effect on the microstructural evolution of the dealloyed
structure, as it is ubiquitous in all dealloying processes. For nanoporous metals produced
by dealloying, due to the large surface area, the dealloyed structure is thermodynamically
unstable and prone to coarsening at elevated or even room temperature [8, 42, 46—48]. The
coarsening of the nanoporous metal is governed by the pinch-off effect, caused by Rayleigh
instability of the ligaments [49, 50]. This could be a self-similar (same morphology
regardless of the length scale) coarsening process [51-54], associated with a decrease in
local genus [49]. The coarsening of nanoporous gold is shown in Fig 1.3 as an example.
Coarsening of the dealloyed structure can have a detrimental effect on practical ap-
plication of nanoporous materials, since the total surface area decreases with increasing
ligament size, resulting in deterioration of physical properties [55, 56]. For low solid
volume fraction nanoporous networks, coarsening further compromises connectivity and
stiffness [57, 58]. For deposited samples, the detachment of the dealloyed nanoporous gold
layer from the pure gold substrate [59] is also caused by coarsening during the dealloying
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Figure 1.3: Scanning electron microscopy image and focus ion beam volume reconstruction of
nanoporous gold at different coarsening stages. Image taken from Ref [53] with permission.

process. The negative effects of coarsening can be mitigated by suppressing surface diffu-
sion. This can be achieved by adding noble components with low surface mobility [60, 61],
or by maximizing configurational entropy in high-entropy nanoporous alloys [56].

On the other hand, a well controlled coarsening process can be used to tune the physical
and mechanical properties of nanoporous materials, by adjusting the ligament size [11, 62—
64]. Fabrication of hierarchical nanoporous metals also utilizes the coarsening process to
develop the upper level of structural hierarchy [65, 66]. A hierarchical structure can be
obtained through sequential processes including the first-step dealloying, coarsening, and
the second-step dealloying. Schematic showing the preparation of hierarchical nanoporous
gold is shown in Fig 1.4.

(i) dealloying 48 (ii) coarsening ) i) dealloyin o
in 0.01M H,SO, 4 in vacuum in 1M HCIO,
upper

hierarchy level hierarchy level
defined inserted

Figure 1.4: Schematic of the two-step dealloying process during fabrication of hierarchical
nanoporous gold. Image taken from Ref [66].
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1.2 Melting of metal alloys

1.2.1 Differences between melting and solidification

Melting and solidification of alloys play critical roles in various metal processing tech-
niques, including casting [67], joining [68], semi-solid processing [69], surface remelting
[70] and additive manufacturing [71]. Despite having significant effects on microstructural
evolution, research on melting is relatively scarce compared to its counterpart, the solidi-
fication process [72]. Since both processes involve phase transformation between a solid
phase and a liquid phase, it is natural to consider applying the relatively well established
theories of solidification to the melting process. However, the assumption of solidification
and melting as symmetrical processes is incorrect, due to the different behaviors of the
solute atoms [72]. The asymmetry of the two processes can be found in many aspects.

A X< xt B A X9 Xi xL B

Figure 1.5: Molar Gibbs energy diagram of (a) solidification process and (b) melting process. x“
and z! are the compositions of the solid and the liquid phase, and ! is the intermediate composition
during melting. ] refers to the chemical potential of atom i in phase j. AG™ and AG" are the
driving forces for interface migration and trans-interface diffusion respectively. Displacements of
free energy curves of o and L between (a) and (b) are the results of different temperatures chosen
for the solidification and melting processes. Schematic redrawn from Ref [73] with permission.

For the solidification process, consider a layer of melt L containing A and B atoms with
a composition z" that transforms into solid phase o with a composition 2®. The energy
change of this process is illustrated in Fig 1.5 (a), the total change in Gibbs energy, AG®©t,
is given as

AGR™ = (1 — ) (uy — 1) + 2 (g — 1) (1.1)

Here, /ﬂ; represents the chemical potential of atom i in phase j [74]. Based on the work of
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Hillert [75], the equation can be rewritten into the following form:
AGE™ = (1= 2") (g — pR) + 2" (up — p3) + (& — ) (pk — 4 — pp + 13) (1.2)

The first two terms are the Gibbs energy change of 1 mol L with composition " dissolving
into the solid phase «, which will be denoted as AG™. The last term, denoted as AG®,
describes the loss of Gibbs energy caused by composition adjustment from z% to 2,
achieved by diffusion of A and B atoms between the two phases. Hence, the two terms can
be written as:
AG™ = (1 —ab)(ux — pi) + 2" (pg — p3) (1.3)
AG" = (¢ — ) (g — pi — pp + 13) (1.4)
Here, it is assumed that the growing phase (« in the case of solidification) does not
exist initially, and the change in composition from z" to 2® is accomplished entirely by
diffusion inside the parent phase. In this condition, solidification and melting can be
a symmetrical process in thermodynamic aspects. The analysis is still correct for the
solidification process when the product phase («) already exists, under the assumption that
diffusion in « is considerably slow, or « precipitates with a constant composition. In that
case, no diffusion is expected in the product phase. However, this may not be true for the
melting process when the liquid phase already exists. The diffusion rate of atoms in the
liquid phase is too fast to be neglected, and the composition gradient in the liquid phase
can modify the interface composition. As a result, the composition change from 2 to "
should also take into account diffusion in the product phase (L). This is shown by the molar
Gibbs energy diagram in Fig 1.5 (b). To calculate the driving force in this scenario, an
intermediate composition ' is introduced and Equation 1.2 can be rewritten as:

AGER™ = (1= 2*)(pf — ) + 2 (1 — pg) + (2% — @) (& — px — 1 + pg) (1.5

and x' is decided by the flux of solute atoms (B atoms) toward the interface in both phases
[73].

Apart from the thermodynamic aspect, another difference between the two processes
is solute partitioning. During solidification, solute rejection is expected to happen. This
leads to solute enrichment at the solidification front. For the melting process, solute
concentration at the interface is usually the lowest, as diffusion in the solid phase is not fast
enough to transport solute atoms toward the interface [72].

Asymmetry may also arise due to the difference in atomic accommodation at the
interface: solid metal usually has a crystal structure, whereas metal melt does not display
a long-range order. During solidification, deposition of atoms on an atomically smooth
faceted surface is less favorable than on a rough surface, which leads to faceted growth of
the crystal. For melting, the atoms can be accommodated at any location at the interface,
which usually results in a rough melting front [76].
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1.2.2 Pre-melting

Pre-melting refers to melting of solids below the equilibrium melting temperature. The
notion was initially postulated by Faraday [77], who observed surface melting of ice, and
then was found in metal systems including Pb [78], Al [79], Cu [80], and Ni [81]. Surface
melting of metals is closely related to the surface orientation, for example, surface melting
of Pb occurs at various crystal faces, but not for a zone around (111) orientation [82].
Additionally, surface strain can also affect the melting behavior at the surface. Although a
lower melting point is expected for a strained (both positive and negative) solid, the effect
on the onset temperature of surface melting is different [83]. Positive strain will always
lower the surface melting temperature, while negative strain will lead to incomplete or even
non-melting at the surface.

It is a natural thought to compare the pre-melting behavior at the surface with that
at the interface in polycrystalline materials. Indeed, grain boundary pre-melting in pure
Al has been found 4 °C below the equilibrium melting temperature and a similar effect
has been observed for several other materials [84—86]. For alloys, pre-melting can also be
induced by solute segregation at grain boundaries [87]. Apart from surfaces and interfaces,
pre-melting is also expected to occur at dislocations [88] and vacancies [89]. Based on the
experimental evidence mentioned above, together with various simulation studies [90-92],
it can be concluded that pre-melting happens at loosely packed areas of the crystal structure
[72].

It is common for melting to happen below equilibrium melting point for bulk metals due
to various pre-melting behaviors. As a result, superheating of metal solid is hard to achieve
in experiments. However, it is still observable if the pre-melting process is suppressed.
This can be achieved by coating or embedding the single crystal metal particle with high
melting point materials [93, 94]. In contrast, solidification of metals is never observed
above the melting point. Certain degrees of supercooling are required, since the additional
interfacial energy acts as a barrier to the nucleation process [95].

1.2.3 Partial melting and peritectic melting

Partial melting refers to the heat treatment of materials within the two-phase region,
where both the solid and liquid phases coexist. This technique is widely employed in
fundamental studies, for example, on grain boundary wetting [96-98], as well as metal
forming technologies, such as semisolid metal processing [99, 100].

Partial melting is an important method to tune the microstructure of the materials. It can
induce the separation of grains by wetting the grain boundaries with the melt. This process
is particularly relevant in semisolid metal processing, where a non-dendritic semisolid
slurry is the desired microstructure. The structural evolution of inclusions during partial
remelting has been extensively studied in many alloy systems [101-103], showing that fine
globular structure can emerge from initially dendritic or rosette-like structures [104]. This
is attributed to the combination effect of Ostwald ripening and coalescence [104].



1.3. Liquid film migration

L &

Figure 1.6: Phase field simulation of the peritectic melting process of v phase decomposes into
¢ phase and the melt. The black arrow indicates the reaction direction, the § phase grows at the
expense of -y phase, with a liquid layer in between. Schematic taken from Ref [107] with permission.

Peritectic melting refers to the decomposition of one solid phase through a reverse
peritectic reaction. This process shares similarity with partial melting, as both processes
result in a solid-liquid two phase coexistence state. However, compared to partial melting,
peritectic melting has been significantly less studied. One study on peritectic melting of a
Fe-Cr-Ni alloy observed spherical ferrites after decomposition of dendritic austenite at an
elevated temperature [ 105]. Based on that observation, the study concluded that the reverse
peritectic reaction always results in spherical structures, under the assumption that the newly
formed phase should be completely wetted by the melt. However, a counterexample of
that will be peritectic melting of TiAg introduced in the previous section. Certainly more
experiments are required to verify that conclusion.

The peritectic melting process is also studied using phase field simulations [106—-109].
These simulations suggest that peritectic melting follows a liquid film migration (LFM)
mechanism, which means complete dissolution of the parent phase and simultaneous
precipitation of the new solid phase, as shown in Fig 1.6. This mechanism is indirectly
supported by the observation of dendrite fragmentation in Ti-Al alloy [110], however,
direct evidence of LFM during peritectic melting has not yet been found. In this thesis,
experimental results supporting the LFM mechanism will be given.

1.3 Liquid film migration

1.3.1 Liquid film migration processes

Diffusion induced grain boundary migration (DIGM) refers to chemically induced mi-
gration of different types of boundaries, including grain boundaries, liquid films, and
solid/liquid interfaces. The moving boundary, as a reaction front, usually results in com-
position or orientation changes between the product phase and the matrix [111-113]. One
special case of DIGM is liquid film migration, which refers to the movement of a liquid layer



1.3. Liquid film migration

in a predominantly solid structure. LFM is distinguished from other types of DIGM by the
presence of the liquid layer, which offers a fast mass transportation pathway compared to
bulk or interface diffusion. LFM has been observed in various materials including metals
and ceramics, and in different processing methods, such as sintering, brazing, welding,
partial melting, and also solidification. The occurrence of LFM during different processes
is listed in table 1.1 below.

As mentioned above, the LFM process can be described as simultaneous melting and
solidification at different liquid/solid interfaces. The solidification process on one side of
the liquid film provides the latent heat required for melting on the opposite side. Since
enthalpic effects are not involved in this process, the liquid film is highly mobile [72].

Melting/resolidification mechanisms similar to LFM has been observed as well. Tem-
perature gradient zone melting is one example of such mechanisms: under an imposed
steep temperature gradient, liquid droplet migrates through the solid phase in order to
adjust the equilibrium composition [114]. However, a temperature gradient is not required
during LFM, as it can happen during isothermal heat treatments. LFM also shares similar-
ity with the already discounted dissolution/deposition mechanism for the electrochemical
dealloying of non-noble alloys [115]. The major difference between the two mechanisms
lies in the direction of atom diffusion. According to the dissolution/deposition mechanism,
atoms diffuse to the nearest ligaments, whereas in LFM, atoms diffuse across the liquid
layer.

1.3.2 Structures formation through liquid film migration

The unique microstructure formed through LFM during different materials processing
techniques have been extensively studied. Figure 1.7 (a) [122] shows the microstructure
of a sintered Mo-Ni alloy reheated above the sintering temperature. The temperature
change alters the equilibrium composition, causing the Mo-Ni grains to move towards a
new equilibrium through diffusion. The arrows in Fig 1.7 (a) indicate the original grain
boundaries, and a clear contrast can be found between two sides of the interface. The
brighter contrast corresponds to a higher Ni content, which is the newly formed phase at
equilibrium at the reheating temperature. A convex solid/liquid interface is visible at the
growth front of the new phase, while a concave interface is found at the opposite matrix
grain, with a liquid layer separating the two phases. The characteristic microstructure here
suggests that the growth of the new phase is at the expense of the matrix grain.

In addition to smoothly curved interfaces, highly faceted interfaces were also observed
during LFM, as demonstrated in Fig 1.7 (b) [151]. The liquid film is sectioned perpendicular
to the (100) axis of the dissolving Co-Cu grain, indicating that the shape of the newly formed
phase is determined by the orientation of the receding grain. This is further supported
by the observation of two nearly parallel liquid films migrating into the same grain [151].
A similar faceted structure is also found during isothermal heat treatment of a sintered
Fe-Cr-Mo alloy [120]. The special C-shaped TiC particles in commercial TiC-Fe alloys
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Table 1.1: Liquid film migration in different material systems

system process reference system process reference

Al-Cu-Mg- sintering [116] Ni-Cr-Co welding [117]

Fe

Co-Cu sintering [118] Ni-Cr-Fe welding [119]

Fe-Cr-C sintering [120] Ni-Co-Nb welding [121]

Mo-Ni sintering [122, 123] | Fe-Ni-Cr welding [124]

Mo-Ni-W sintering [125] Al-Si partial [126, 127]
melting

Mo-Ni-Fe sintering [128] Al-Cu partial [129-131]
melting

Mo-Ni-Co- sintering [132,133] | Al-Cu-Mg partial [134]

Sn melting

NbyOs5- sintering [135] Co-Cu partial [118]

SrTiOs- melting

CuO

Nd-Fe-B-Tb sintering [136] Cu-In partial [137, 138]
melting

W-Ni-Fe sintering [139] CoCrCuFeNi partial [140]
melting

Z1r05-Y ;03 sintering [141] Fe-Al-Zn partial [142]
melting

Zr0,-CaO- sintering [143] Mg-Al partial [144]

MgO melting

Z105-CeOs- sintering [145] Mo-Ni partial [122]

Lay0O3 melting

Al-Fe-Mn- brazing [146, 147] | Ni-Sn solidification [148, 149]

Si

Al-Mn-Cu- brazing [150] Ti-Al solidification [110]

Mg

10
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dissolving grain

newly formed grain

Figure 1.7: Structure obtained after liquid film migration. (a) Microstructure of Mo-Ni sintered
at 1400 °C for 20 h and annealed at 1510°C for 1 h. The contrast difference comes from the
composition-sensitive etching process. Arrows indicate original grain boundaries. Figure taken
from Ref [122] with permission. (b) Microstrcuture of a Co-Cu alloy sintered at 1300 °C for 20 h
then reheated at 1150 °C for 3 h. A faceted structure can be observed. Figure adapted from Ref
[151] with permission.

is another example [152]. These findings suggest that LFM, like other DIGM processes
[153-155], is also dependent on the crystal orientation.

1.4 Outline of the thesis

This thesis will be structured as described below.

Theoretical background for the discussion of this thesis is presented in detail in Chapter
2. The concept of grain boundary wetting and its dependence on boundary orientation is
introduced, as it is essential for analyzing the connectivity of the newly formed solid phase
during partial melting. Afterward, the mechanism of bicontinuous structure formation
during LMD is explained, for comparison with our LFM mechanism proposed for peritectic
melting. The interface instability is introduced for later analysis on the morphology of
the newly formed solid phase. Finally, the thermodynamic basis of the parallel tangent
construction is given for composition analysis of Ti nuclei.

Chapter 3 provides experimental details including information on sample preparation,
experimental setup, and characterization techniques.

Chapter 4 focuses on peritectic melting of TiAg. The experimental results presented
in the previous paper are first verified, then a more detailed study on structural evolution
and the coarsening effect is performed. Based on both structural and compositional studies

11



1.4. Outline of the thesis

of the partially decomposed samples, contradictions between the previously proposed
dealloying-like mechanism and our observations are pointed out. A new structure formation
mechanism compatible with our experimental findings is given.

Chapter 5 studies the peritectic melting of NigSny intermetallic compound. The peculiar
structure obtained after peritectic melting and quenching is observed and analyzed. The
different nucleation and growth mechanisms between peritectic melting of NizSny and
TiAg are investigated and explained in detail.

Chapter 6 examines the structural evolution of a Cu-In alloy during partial melting. The
connectivity of both phases is verified through a dealloying test, and the coarsening effect
is analyzed with prolonged annealing durations. The discussion in this chapter focuses on
the microstructure formation through LFM during partial melting and the extension of the
fabrication method from peritectic melting to distributed internal melting.

Chapter 7 as the last chapter summarizes the experimental results and the proposed
structure formation mechanism in this thesis. An outlook on the potential application of
this novel method for fabricating bicontinuous structures is also given.

12



Chapter 2

Fundamentals

2.1 Grain boundary wetting

Grain boundary wetting typically occurs at the initial stage of melting in a polycrystalline
material. The wetting behavior at the grain boundary is characterized by the dihedral angle
0 as shown in Fig 2.1. Given the value of 6, the grain boundary is either completely (6 =
0) or incompletely wetted (f > 0). The equilibrium condition for wetting is described by
the following equation:

COS(Q) _ JeB
2 2781
where ygp and ~gp, represent the excess free energies of the grain boundary and the
solid/liquid interface respectively [156].

2.1)

(a) liquid [ | (b) 0 liquid
YsL 6 Vs _’E Eh
ﬁ%_ a | a
grain | Lo grain
boundary boundary

Figure 2.1: Schematic of different types of grain boundary wetting. (a) Incompletely wetted grain
boundary, with a contact angle 6 > 0. (b) Completely wetted grain boundary, 8 = 0.

A transition from the incomplete wetting state to complete wetting may occur above a
critical temperature, 7y, [157-159], which depends on the grain boundary energy and the
liquid/solid interfacial energy [96, 160, 161].

13
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Figure 2.2: Fraction of completely wetted grain boundaries of Cu-In alloys with various In contents

at different annealing temperatures. The Cu-In alloy studied in this work (see Chapter 6) has the
same composition as ’Cu-12 wt.In’ in this figure. Image taken from Ref [96] with permission.

T

In polycrystalline materials, different grain boundaries exhibit distinct wetting behav-
iors, and the relationship between grain boundary energy and crystallography orientation
of the boundaries has been studied for a long time [162-164]. For example, boundaries
with special orientation relationships, such as >3 coincident site lattices, usually have
lower boundary energies compared to randomly oriented boundaries [165].

In the case of Cu-In alloys, various types of boundary can be observed in the Cu
solid solution phase, resulting in different wetting behaviors [96, 166]. When heated
from the single-phase region (Cu solid solution) to the solid-liquid coexistence region
in the phase diagram, only a fraction of the boundaries experience complete wetting.
Figure 2.2 illustrates the relationship between the annealing temperature and the fraction
of completely wetted grain boundaries. It is evident that both completely and incompletely
wetted boundaries exist after annealing.

2.2 Structural evolution during LMD

LMD is able to generate a porous solid network similar to an electrochemically dealloyed
structure, despite having a different driving force [34, 167]. A schematic of the LMD
process is illustrated in Fig 2.3. During LMD, driven by the negative enthalpy of mixing
between the dissolving component A and the metal melt, the sacrificial element (A) atoms

14
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dissolve into the liquid metal. The remaining component B reorganizes through surface
diffusion at the dealloying front, resulting in a porous network. Meanwhile, the clustering
of the B atoms by lateral diffusion along the interface exposes fresh surfaces, allowing the
dealloying process to proceed further into the master alloy.

%%

dissolution dissolution

interface y
diffusion ‘

@ Aatom @ Batom

Figure 2.3: Schematic of the liquid metal dealloying (LMD) process. Master alloy contains A
(sacrificial component) and B (remaining component) atoms. During LMD, A atoms dissolve into
the liquid metal, and B atoms form clusters through interface diffusion. The resulting structure is
the porous solid network of B.

A major drawback of dealloying methods is the limitation on the sample size. During
ECD, the dealloying velocity is sufficiently low compared to the diffusion rate of metal ions
in the electrolyte to maintain a constant dealloying velocity [168, 169]. The rate-limiting
step during LMD is different from that of electrochemical dealloying, since LMD operates
in liquid metal instead of electrolyte. During LMD, the dealloying velocity is expected
to be orders of magnitude faster than in ECD, with the mass transportation of sacrificial
elements in the melt being the rate-controlling process [37, 167, 170]. As LMD proceeds
into the master alloy, mass transport in the melt becomes increasingly difficult, leading to
a reduction in the dealloying velocity.

2.3 Morphological instability of solid/liquid interfaces

2.3.1 Solute concentration at a moving solid/liquid planar interface

The alloy microstructure after solidification can be greatly affected by the growth mech-
anism of the solid phase, which is closely related to the stability of the solidification
front. During solidification, solute atoms will generally be rejected into the melt at the
solid/liquid interface, due to their lower solubility in the solid phase. These solute atoms
will accumulate ahead of the interface, resulting in a solute-enriched boundary layer in the
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melt. The solute concentration at the solidification front is shown in the schematic in Fig
2.4.

(a) liquid | (b)

Xo/k _____________________________

solid

XO Xo/k 7 —

Figure 2.4: Schematic of solute concentration during solidification of an alloy, with the composition
Xo. (a) Simplified phase diagram showing the solidus and liquidus line. (b) Steady-state boundary
layer in front of the planar solid/liquid interface. The schematics were redrawn from Ref [171].

Consider the solidification of an alloy melt with an initial solute concentration x(, with
the corresponding phase diagram illustrated in Fig 2.4 (a). Assuming local equilibrium at
the interface, the difference in composition between the solid and liquid phases is described
using the distribution coeflicient k, given by the following equation:

L= T (2.2)

mS

where m, and mg represent the slope of the liquidus and solidus line, respectively. For
simplicity, both liquidus and solidus lines are drawn as straight lines. The formation of a
solid phase with the composition x, leads to a local change in solute concentration. The
liquid composition at the interface, x/k is determined by the liquidus line. The steady-
state solute concentration during solidification is shown in Fig 2.4 (b). Within the solid
phase, the solute concentration is expected to be constant at z,. However, inside the liquid
phase, the solute concentration decrease from x/k at the interface to x, away from the
interface.

According to Ref [172], the solute concentration decreases exponentially in front of the
solid/liquid interface. The liquid concentration x, in the boundary layer is calculated as:

T Vz
Ty = To + (?0 — xo)exp(—F) (2.3)

where V' represents the rate of interface movement in z direction, and D is the solute
diffusion coefficient in liquid. At the solid/liquid interface, z equals 0.
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2.3. Morphological instability of solid/liquid interfaces

2.3.2 Interface instability and constitutional supercooling

During solidification, the solid/liquid interface can be affected by random disturbances,
such as temperature fluctuations. If the perturbation promotes further development of
itself, the interface is considered unstable; otherwise, a stable interface is expected. For
solidification of pure metals, a simple criterion exists. A stable interface can be obtained
when the temperature gradient in front of the interface is positive, and a negative tempera-
ture gradient leads to an unstable interface. However, such a simple criterion is not enough
to characterize the interface of alloys during solidification. The solute concentration at the
interface should also be considered, as it affects the local equilibrium solidification point.
Based on Fig 2.4 (a), the local equilibrium liquidus temperature 7 is decided by the

liquid composition as :
Ty(xo) — Ty(we) = me(xo — 24) (2.4)

here, Ty(x() refers to the liquidus temperature of the initial composition zy. At the
interface (z=0), the imposed temperature 7y, is equal to the liquidus temperature. Based
on the discussion in the above section (see Fig 2.4), the composition of the melt at the
interface is equal to xo/k.

The stability of the interface is affected by the actual temperature imposed by the
external heat flux, and the liquidus temperature 7, decided by the solute composition in
the liquid phase. If the actual temperature 7, is lower than the local liquidus temperature
Ty, the melt is in the supercooling state, resulting in an unstable solidification front. Both
stable and unstable interfaces during solidification are illustrated in Fig 2.5.

The stability of the interface can be predicted by the temperature gradient G at the
interface, which is defined as

dT.
Gy = (d—;‘)z:o (2.5)
The gradient of liquidus temperature (G, at the interface is defined as
dT
Ge = ("1, )e=0 = meG (2.6)

Gy represents the concentration gradient at the interface. A stable interface is expected
if Ty, is always higher than 7} in the melt, in which case, the actual temperature gradient
should always be larger than the liquidus temperature gradient at the interface (z=0). As a
result, the criterion for morphological instability is :

Gy < myGx 2.7

When Gy > m,G,, as shown in Fig 2.5 (a), the actual temperature is always higher
than the solidification temperature of the melt. The resulting microstructure is a planar
solid/liquid interface during solidification. The situation of constitutional supercooling is
drawn in Fig 2.5 (b), where G; < m,G. As aresult, a region exists in front of the interface
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Figure 2.5: Morphological evolution of a solid/liquid interface during solidification. (a) planar
growth of the interface. The actual temperature 7 in front of the interface is larger than the
liquidus temperature of the melt, no constitutional supercooling zone exists, thus a planar interface
is maintained during growth of the solid phase. (b) 7, is lower than T} in certain region (shaded
area), forming a constitutional supercooling zone ahead of the interface, which favors the cellular
or dendritic growth of the solid phase. Schematic redrawn from Ref [171].

where the actual temperature 7, is lower than the local liquidus temperature (1), as indi-
cated by the shaded area between the 7} line and the 7, line. If any perturbation advances
the solidification and forms a tip at the interface, the tip will encounter supercooling, which
provides a driving force for the tip to grow. This means that the instability of the interface
will increase, resulting in cellular or dendritic growth of the solid phase.

2.4 Parallel tangent construction

Gibbs free energy diagrams can be a useful tool to determine the driving force of phase
transformation, and the composition of newly formed phases [74, 173, 174]. In this section,
the parallel tangent method will be introduced, which is commonly employed to analyze the
precipitation process in a supersaturated melt [175, 176]. The parallel tangent construction
of the precipitation process of the 3 phase from a supersaturated « phase is illustrated in
Fig 2.6.

Consider the equilibrium between the o phase with an initial composition x,, (super-
saturated with B atoms), and the precipitated [ phase. Equilibrium between the two phases
(o and p) is achieved if the chemical potentials of atoms A and B (14 and pp) are equal in
both phases. This condition can be easily illustrated by drawing the common tangent line
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Figure 2.6: Molar Gibbs free energy diagram of 3 phase precipitation process from supersaturated «
phase. The blue dashed line is the common tangent line which indicates the equilibrium composition
of both phases. For early precipitation of S phase, a parallel tangent construction is shown as the
two red lines, which marks the highest chemical driving force for 5 formation. Schematic based on
Ref [174].

(blue dashed line in Fig 2.6) of the two Gibbs free energy curves. The two intersecting
points, marked in blue, represent the equilibrium composition of the two phases, denoted
as 21 and x%q. The total change in Gibbs energy during the process, AG,,, is given by:

AGh = G — G2 (2.8)

here, G is the Gibbs energy of the final state (equilibrium), and G, is the Gibbs energy
of the initial stage (o phase with the composition z,).

Now consider the early stage of phase transformation, when the  phase precipitates
directly from the supersaturated o phase with the composition xz. In this case, the
molar Gibbs free energy of 3 phase is now G, and the Gibbs free energy of the initial
state is calculated by taking out atoms with the composition x5 from the o phase as
xppyy + (1 — x5)ps. Thus the Gibbs free energy change of the phase transformation is

AGE = GE — (zapg + (1 — z5)p%) (2.9)
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The chemical driving force Dy, is
Da, = AG?, (2.10)

At this point, it is important to know the composition of the 3 precipitates, . This can
be calculated under the assumption that x5 gives the maximum chemical driving force Dyy,.
The value of x 3 satisfying this condition can be easily obtained through the parallel tangent
construction of the Gibbs energy diagram, as shown in Fig 2.6. The initial Gibbs free
energy is obtained by the o curve tangent line (leading tangent line) at the composition z,,.
The maximum driving force can be obtained by drawing the 3 phase tangent line (secondary
tangent line) parallel to the o phase tangent line. The composition x 3 is determined by the
intersecting point of the Gibbs free energy curve of the 3 phase and the secondary tangent
line.
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Chapter 3

Materials and methods

3.1 Sample preparation

3.1.1 Preparation and peritectic melting of TiAg

Due to the significant difference in the melting temperature of Ti (1668 °C) and Ag
(961.78 °C), cold-crucible induction melting proves to be an efficient method of produc-
ing bulk intermetallic compound TiAg, since the fast heating speed leads to simultaneous
melting of different components. Ti (>99.99%, ChemPur) pellets and Ag (>99.99%,
ChemPur) wires (1 mm in diameter) were melted in a cold copper crucible in an argon
atmosphere. The chamber was evacuated and subsequently refilled with argon multiple
times to reduce the remaining oxygen. The melting process was also repeated several times
to ensure complete melting of all components, particularly the Ti pellets. The sample
solidified inside the water-cooled crucible and was then taken out for further processing.
The layout of the cold-crucible induction furnace is shown in Fig 3.1 (a).

After melting, the sample was homogenized to obtain a uniform single-phase structure.
The homogenization temperature was carefully selected. A high annealing temperature
can speed up the homogenization process by increasing the diffusion rate, but the potential
risk of remelting due to overshooting of the furnace temperature should also be considered.
Taking this into account, the homogenization temperature was set at 630 °C. The sample
was heated in a tube furnace under an argon flow for 7 days, then cooled within the furnace.
Subsequently, the sample was cut into small cuboids with the size of 1 mmXx 1 mmx2 mm.

Peritectic melting was performed on the cut samples. The samples were placed in
a cylindrical stainless steel crucible (internal diameter 1.5 mm) and inserted into the
preheated tube furnace set at 1050 °C. After annealing for various durations, the samples
were immediately pulled out and quenched directly in room-temperature water to preserve
the microstructure obtained at high temperature.

Porous Ti and Ag samples can be produced through chemical corrosion of the peritectic
melted samples. To obtain porous Ti, the samples were immersed in 4 M HNOj inside
a beaker at room temperature, which was then covered with ductile film to minimize
evaporation. For porous Ag, the solution was changed to concentrated HCI. The samples
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Figure 3.1: Devices used for producing bulk alloys. (a) Cold-crucible induction furnace used to
produce TiAg intermetallic compound. Raw materials were melted in argon atmosphere in the
copper crucible. (b) Arc melter used for alloys containing low melting point elements. Melting
happens on the water cooled copper crucible plate.

were taken out after 5 days to ensure complete removal of the other phase. Then these
porous samples were cleaned with ethanol. Throughout the entire corrosion and cleaning
processes, these porous samples remain coherent and load-bearing. The fracture surfaces
of the porous samples were obtained by breaking the samples with a scalpel.

3.1.2 Preparation and peritectic melting of Ni;Sn,

Difficulties were encountered in attempts to produce intermetallic compound NizSny with
the cold-crucible induction furnace. Due to the extremely low melting point (231.9 °C),
liquid Sn tends to leak from the copper crucible during solidification. As a result, the
samples were produced via arc melting, with raw materials chosen as Ni (>99.99%,
ChemPur) wire and Sn (>99.999%, ChemPur) granules. All materials were thoroughly
cleaned with acetone and ethanol prior to melting. Similar to induction melting, multiple
pumping and venting cycles were conducted to achieve an argon atmosphere with minimal
oxygen remain. Figure 3.1 (b) shows the chamber of the arc melter, the melting was done by
the electric arc between the tungsten tip and the copper plate. The samples were remelted
several times to ensure complete mixing.

Due to equipment limitations, the samples were small in size, with a weight of approx-
imately 2 g. As a result, it was possible to seal the samples in quartz tubes to conduct the
homogenization process under vacuum. For intermetallic compound NisSny, the sample
was annealed at 700 °C for 7 days, then cooled inside the furnace chamber. Subsequently,
these samples were cut into cuboids of the same dimensions as the TiAg samples. Then
the NizSn, samples were exposed to conditions of peritectic melting by applying the same
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potentiostat
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Figure 3.2: Schematic of the three-electrode configuration. Working electrode (WE), reference
electrode (RE) and counter electrode (CE) is illustrated in red, blue and black respectively. The
potential E of the WE is controlled by the potentiostat and the current / through the CE is measured.

protocol described in the previous section, but at a different annealing temperature at
820°C.

Obtaining porous Ni3Sn, has been found to be more challenging than producing porous
Tior Ag, as NizSns has arelatively high Sn content, making it difficult to separate it from the
Sn solid solution. As a result, electrochemical etching was employed instead of chemical
etching when producing porous NizgSny samples, using a typical three-electrode configu-
ration, as illustrated in Fig. 3.2. The corrosion process can be precisely controlled through
the potentiostat by adjusting the applied electric potential on the working electrode (WE).
In this study, electrochemical etching was performed in a beaker sealed with laboratory
film. The sample was fixed to a homemade gold clamp, which serves as the WE. A self-
made Ag/AgCl electrode served as the reference electrode, which is made according to the
protocol described in detail in Ref [177]. A carbon rod was used as the counter electrode.
For porous NizSny, the sample was electrochemically etched in 0.5 M Hy,SO,4 at -0.6 V.
After corrosion, these samples went through the same cleaning protocol as for porous Ti
and Ag samples.

3.1.3 Preparation and partial melting of CuysIn;

Cu solid solution with In atoms was selected for partial melting. Cu (>99.995%, ChemPur)
plate and In (>99.999%, ChemPur) granules were arc-melted following the same process
described above. For homogenization, these samples were annealed in evacuated quartz
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Figure 3.3: Polarization curves of as-homogenized CugzIn7, Cu solid solution phase after partial
melting (Cugg 5Ins 5) and the solidified melt after partial melting (Cugy 5Iny55) in 0.5 M H2SOy
against a homemade Ag/AgCl electrode.

tubes at 630 °C for 7 days, then quenched in room temperature water. Cuboids with the
same dimensions as mentioned before were cut from these samples for partial melting.

The partial melting process is similar to that of peritectic melting, as both involve
annealing at high temperature and subsequent quenching. According to the Cu-In phase
diagram, the Cu solid solution and the solidified melt have a similar composition, which
requires careful control of the corrosion process to selectively remove one phase without
etching the other. For that reason, porous Cu solid solution was also produced through
electrochemical corrosion, using the same three-electrode configuration as illustrated in
Fig 3.2.

Polarization curves were obtained for different phases inside the partial melted sam-
ples. After partial melting, the master alloy Cugsln; decomposed into two phases with
the composition Cugy 5Iny5 5 (solidified melt) and Cugg 5Ins 5 (Cu solid solution). Cu-In
samples with corresponding compositions were obtained under the same melting and ho-
mogenization protocol as described earlier in this section. Their polarization curves were
tested to determine the appropriate etching potential. The Tafel plots are shown in Fig 3.3.
The goal is to obtain a porous Cu solid solution by etching out the solidified melt. Based
on the polarization curves, the etching was performed in 0.5 M H,SO, at -0.26 V.
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3.2 Sample characterization

3.2.1 Microstructure observation

Scanning electron microscopy (SEM, Zeiss Supra VP55) was used to obtain microstructural
information of the samples. The microstructure of the cross section and the fracture surface
are the primary focuses in this study. For cross-sectional observation, samples were first
cold embedded in epoxy, then ground with abrasive papers, following the sequence 320,
600, 1200, 2500, up to 4000 grits. After that, these samples were polished in colloidal silica
suspension on a polishing cloth using an automatic polishing machine. After polishing,
the surfaces were cleaned first with water, then with ethanol to remove residual silica
particles, and then dried with hot air from a hair dryer to prevent watermarks formation on
the surface. Since epoxy is not conductive, silver glue and conductive tapes were used to
attach the embedded sample to the aluminum SEM holder prior to SEM tests. For fracture
surface observation, the sample was fixed to a small SEM holder using conductive tapes
and silver glue.

Backscattered electron (BSE) mode was selected for phase distribution observation, as
contrast differences arising from variations in chemical composition are more obvious under
this mode. Phases containing atoms with higher atomic numbers usually exhibit brighter
contrast in BSE images. For observation of the fracture surface, secondary electron (SE)
mode is chosen, as it is more sensitive to surface morphology and topography.

3.2.2 Phase identification

X-ray diffraction tests were performed to identify different phases inside the samples. The
samples were cut into flat pieces, then ground with sand paper to expose the cross section.
The tests were based on Bragg-Brentano X-ray diffraction with Ni-filtered Cu K, radiation
(Bruker D8 Advance), on a rotating sample holder. The diffraction results were analyzed
using DIFFRAC.EVA software (BRUKER).

The composition of different areas within the samples can be measured using energy
dispersive spectroscopy (EDS) in both SEM and transmission electron microscopy (TEM),
then analyzed in AzTec software (Oxford instruments).

3.2.3 Crystallographic orientation

Electron backscatter diffraction (EBSD) provides useful information, including phase dis-
tribution, crystallographic orientation, and grain boundary types, all of which contain cru-
cial information for this work. For EBSD tests, cut samples were embedded and polished
following the same protocol described previously. After that, the samples were polished
again using ion milling to reduce the residual stress induced by mechanical polishing.
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_Kikuchi pattern

Figure 3.4: Standard electron backscatter diffraction configuration.

Figure 3.5: Lamella for transmission electron microscopy study, prepared with gallium focus ion
beam. The plate was cut from a partially decomposed TiAg sample. The area of interest is indicated
by the red rectangle, which contains both TiAg and Ti grains, and Ti/TiAg interfaces.

The standard EBSD configuration is illustrated in Fig 3.4. The electron beam hit the
pre-tilted (70 degree) sample, and the backscattered electrons are gather by the detector,
forming Kikuchi patterns which contain orientation information of the material. In this
work, the beam voltage was set to 15 kV, and the beam current to 1.5 nA. The obtained
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patterns were then analyzed using AzTec HKL (Oxford instruments) and Channel 5 (HKL
Technology, Co.) software.

For an in-depth study of the orientation relationship between the Ti phase and the TiAg
phase, a thin lamella was cut from the partially melted TiAg sample using a gallium focus
ion beam (FIB, installed in Helios Nanolab G3 UC). The cut plate (10 gm in width, 100
nm thick) is shown in Fig 3.5. After FIB cutting, the sample was transferred to a TEM
instrument for further analysis. The red rectangle with dashed lines indicates the area
examined by TEM, which contains Ti/TiAg interfaces.

TEM tests were conducted in a Thermo Scientific Talos F200X, equipped with an
energy-dispersive X-ray unit. Crystal orientations of both TiAg and Ti grains were studied
using selected area electron diffraction (SAED), the obtained patterns from these two grains
were indexed and labeled according to standard indexed diffraction patterns. Both the FIB
cutting and the TEM observations are conducted by Dr. Tobias Krekeler.
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Chapter 4

Peritectic melting of TiAg

In one earlier study [45], a bicontinuous structure containing porous Ti and porous Ag was
obtained after peritectic melting of TiAg and was explained as a process similar to liquid
metal dealloying. In this chapter, those previous results are verified. Then experiments
focusing on the microstructure of the partially decomposed TiAg sample, as well as the
orientation relationship between the Ti phase and the TiAg phase, are conducted. Based
on the experimental results in this work, a new explanation based on LFM is proposed,
which is fundamentally different from the previously suggested dealloying mechanism.
The experimental results and images in this chapter have been published in Ref [178].

4.1 Results

4.1.1 Microstructure after peritectic melting

The phase diagram of the Ti-Ag system is shown in Fig 4.1 (a). As indicated by the green
dot, the homogenized TiAg sample falls within the single-phase TiAg region. This is
further confirmed by the microstructure of the as-homogenized sample given in Fig 4.1
(c), as well as the X-ray diffraction result (black line in Fig 4.2), which shows only the
intermetallic compound TiAg peaks [180].

Microstructure of the sample after annealing at 1050 °C for 4 min is shown in Fig 4.1
(b), where two phases can be clearly observed. The two phases were further identified as
«-Ti solid solution (denoted as «-Ti only, for simplicity) and Ag solid solution, see the blue
line in Fig 4.2. It should be stated here that an overlap exists between diffraction peaks at
26 =38.1° for (111) Ag and 26 =38.4° for (002) a-Ti. The peak is labeled as Ag, as it has a
larger contribution to the peak intensity. Similarly, the presence of a-Ti will be indicated
by its strongest diffraction peak (101) at 40.2°.

Since the element with a higher atomic number shows a brighter contrast under the BSE
mode in SEM images, the dark phase in Fig 4.1 (b) is identified as «-Ti and the bright phase
corresponds to Ag solid solution. The TiAg phase is not present in the microstructure,
indicating that the decomposition of TiAg (reverse peritectic reaction) is complete, and
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Figure 4.1: Phase diagram of Ti-Ag system and microstructure of samples before and after peritectic
melting. (a) Ti-Ag phase diagram, redrawn after [179]. (b) Backscattered electron (BSE) image of
a sample heated at 1050 °C for 4 min, with a zoomed in image at the top right corner, which shows
clearly a two phase structure. (c) BSE image of an as-homogenized sample, where only one phase
can be detected.

the quenching process is fast enough to suppress the peritectic reaction and prevent the
formation of TiAg during solidification.

It is important to note that, at the annealing temperature (1050 °C), the equilibrium
phases are 5-Ti and liquid silver. However, the diffraction results suggest that the quenching
process is not fast enough to prevent the phase transformation from 5-Ti to o-Ti.

X-ray diffraction results of samples after various heating durations are shown in Fig
4.2. Notably, peritectic melting was not complete after 2 min of annealing at 1050 °C,
as the TiAg phase can still be detected (see the red line in Fig 4.2). The decomposition
was finished after annealing for 4 min and no new phases were detected after a prolonged
heating time for 1 h.

Microstructure of the sample after 60 min of annealing is shown in Fig 4.3, revealing a
two-phase structure consisting of a-T1, which is the solid phase at the annealing temperature,
and the Ag solid solution phase, which is the melt at the annealing temperature. While
attempts to obtain crystal orientation were unsuccessful, areas exhibiting characteristic
features of incompletely wetted grain boundaries are observed (see yellow arrows). This
indicates that the Ag melt at the annealing temperature cannot wet all of the o-Ti boundaries.

After peritectic melting, porous Ti and Ag samples can be produced by selective etching
in 4 M HNOs/concentrated HCI respectively. As shown in Fig 4.4 (a) and (b), a porous
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Figure 4.2: X-ray diffraction results of the as-homogenized sample and samples after annealing at
1050 °C for 2, 4 and 60 minutes. Reference peak positions are labeled in different colors. Diffraction
peaks of TiAg in the 2 min heated sample suggests that the decomposition is not finished, while the
absence of TiAg peaks in 4 min and 60 min samples indicates that the peritectic melting is complete
and the two phases remain stable with prolonged heating time.

network of Ti ligaments is left after removal of the Ag phase. Conversely, by removing
the Ti phase, porous Ag with an inverted dealloying structure is obtained, see Fig 4.4 (c)
and (d). These structures show similarities with samples after LMD [22]. Both porous

Figure 4.3: Backscattered electron image of the sample after annealing at 1050 °C for 60 min.
Areas representing incompletely wetted grain boundaries are indicated by yellow arrows.
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Figure 4.4: Secondary electron images of porous samples. (a,b) Porous Ti obtained after chemical
etching in 4 M HNOj3 for 5 days. A network structure with Ti ligaments can be found, which
is similar to the typical dealloying structure. (c,d) Porous Ag obtained after chemical etching in
concentrated HCI for 5 days, showing an inverted dealloying structure.

samples remain physically stable after etching, showing excellent physical connectivity
within the phases. This means that a bicontinuous structure forms after peritectic melting
and quenching, supporting the findings reported in Ref [45].

The coarsening effect was also investigated by prolonging the heating duration at the
annealing temperature. As shown in Fig 4.5, Ti ligament size increased from around 4 m
after 4 min of heating to approximately 10 ym after 60 min of annealing. The complete
removal of the Ag phase in all samples suggests that despite the obvious coarsening, both
the Ti and Ag phases remain contiguous and the bicontinuous structure is preserved.

4.1.2 Microstructure of partially decomposed samples

To study the formation mechanism of the bicontinuous microstructure, we annealed the
sample at 1050 °C for 2 min to obtain the partially melted microstructure. BSE images of
partially decomposed samples are given in Fig 4.6, where three phases can be detected.
These phases are identified as Ti (the dark phase), TiAg (the grey phase) and Ag solid
solution (the bright phase).

The Ag phase was chemically etched and replaced with epoxy to provide a clearer view
of the microstructure, the embedded sample is shown in Fig 4.6 (b). A hemispherical Ti
phase is observed to be attached to a TiAg grain by a planar interface. At the opposite
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Figure 4.5: Secondary electron images of porous Ti after annealing at 1050 °C for (a) 4 min, (b)
10 min, (c) 20 min, (d) 60 min. The TiAg samples were first heated for various durations, then
quenched and chemically removed the Ag phase. Coarsening of Ti ligaments can be observed with
prolonged heating time.

TiAg grain, a concave surface is found, and an Ag layer (replaced with epoxy) separates
the TiAg grain and the Ti phase.

After chemical etching, the fracture surface of the partially decomposed sample was
obtained by breaking the sample with a scalpel. Secondary electron images of the fracture
surface are shown in Fig 4.7, containing both the TiAg phase and the Ti phase. SEM-
EDX results are listed in Table 4.1, with the identified phases. Structure containing a
hemispherical Ti attached to a flat TiAg surface can be observed in areas indicated by yellow
arrows, suggesting that it is a general structure during peritectic melting. This observation
agrees well with the microstructure of the cross section of the partially decomposed samples
shown in Fig 4.6.

Another interesting feature found at the fracture surface is the mushroom-like structure
(see Fig 4.7 (b)). It contains several Ti grains attached to a TiAg grain by a narrowed neck
of the Ti phase and a trench in the TiAg phase. This peculiar structure usually appears at
the triple point during peritectic melting where three phases (Ti, TiAg and liquid Ag) meet.

4.1.3 Structure of the Ti/TiAg interface

As mentioned in the previous section, a newly formed Ti phase attached to a planar TiAg
surface can be seen as a general feature during peritectic melting. Therefore, studies on
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Figure 4.6: Microstructure of partially decomposed samples. (a) Backscattered electron (BSE)
image of sample after 2 min annealing. (b) BSE image of the embedded partially decomposed
sample, the black area is epoxy which replaces the Ag phase.

Figure 4.7: Fracture surface of a partially decomposed sample. (a) Secondary electron image of
the fracture surface. Yellow arrows point to areas where Ti phase is attached to a planar TiAg
surface. (b) Mushroom-like structure observed at the fracture surface. The structure agrees well
with backscattered electron images of the cross section.

such Ti/TiAg interfaces can provide valuable insights into the formation mechanism of the
Ti phase. For better observation of the interface, we obtained a 100 nm thick lamella (Fig
3.5) with FIB cutting. The selected area is illustrated in Fig 4.8 (a) by the red rectangle.
The high-angle annular dark-field image of the lamella is shown on Fig 4.8 (b), where
the interface can be clearly observed. TEM-EDX was performed in area 1 and 2, and the
mapping shows that the dark phase on the right (Ti: 80.8 at.%, Ag: 19.2 at.%) is Ti, while
the grey phase on the left (Ti: 50.4 at.%, Ag: 49.6 at.%) corresponds to TiAg. These
findings are further supported by the element mapping results presented in Fig 4.8 (c,d).
EDX line scan was also conducted on the lamella, which started from the TiAg side,
proceeded into the Ti phase, and crossed the interface perpendicularly. From the results
shown in Fig 4.8 (e), no obvious composition change is found within the TiAg phase.
However, in the Ti phase, the Ag content gradually increases from 9 at.% to 19 at.%, as
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Table 4.1: Energy dispersive X-ray spectroscopy results of selected areas in Fig 4.7 (b).

position Ti (at.%) Ag (at.%) phase

1 575 425  TiAg
2 55.2 448  TiAg
3 84.3 157  oTi
4 84.2 158  oTi

moving away from the interface.

Crystallographic orientations of the Ti and TiAg phases were also investigated with
TEM. In the bright field image of the FIB lamella (see Fig 4.9 (a)), bend contours without
disruption can be found, suggesting that the Ti phase is a single grain in the vicinity of the
interface. SAED patterns were obtained from both the Ti and TiAg phases (blue and red
circles in Fig 4.9 (e)). The labeled diffraction pattern of the Ti grain is given in Fig 4.9
(d), showing a hexagonal close-packed lattice (P63/mmc), with the electron beam aligned
with [2110] zone axis. The diffraction pattern in Fig 4.9 () confirms the body-centered
structure of the TiAg phase (P4/mmm), with the beam direction along [111].

The two sets of patterns (Fig 4.9 (d,f)) seem to share a common direction. Overlapping
spots in two sets of SAED pattern obtained at the interface area can be found in Fig 4.9 (¢).
The yellow rectangle corresponds to the o-Ti pattern, while the red hexagon represents the
TiAg pattern. The overlapping spots are found to be (0002) plane of the o-Ti and (101)
plane of the TiAg phase, indicating the parallel relationship between these two planes. This
relationship is also observed in the high-resolution TEM image (Fig 4.9 (b)).
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Figure 4.8: Energy dispersive X-ray (EDX) results of the focus ion beam (FIB) cut lamella. (a)
Area selected for FIB cutting, the red rectangle shows the position of the lamella. (b) High-angle
annular dark-field image of the lamella, showing Ti phase on the right and TiAg phase on the left,
the Ti/TiAg interface can be seen clearly. (c,d) EDX mapping of the plate. (e) EDX line scan
perpendicular to the interface. The composition remain uniform within TiAg, while a gradient in
the Ti phase is found.

36



4.1. Results

JOJ seare paoRs (J9'p)

-aseyd Svy1], (J) pue 1, (p) Jo uraned Surpuodsariod oy pue $159) VS
ureid SyIL, pue 1], oY} Uaam1aq uonejualio parrjard 1sa33ns suraped jo s1os om ur sjods Suiddefrono oy ‘eore

QoeyIayur oY Jo uraned ((HVS) UONJRIHIP UOIIO[S BaIE PA)Id[as (0) "90rJIaiul 9y I8 afewr uonnjosaI-y3iy (q) -ordwes ay) apIsur punoj
SI INOJUOD puaq paginisipun) -aje[d oy jJo oFewi pey W3y (B) -e[owe] 9y} Jo saewl AdOOSOIdW UOIJOI[O UOISSIWSURI], ¢ INSI]

2000

1000

TS

. 0IT0
1110 K
. 1000

37
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4.2 Discussion

4.2.1 Orientation relationship between the Ti phase and the TiAg phase

SAED patterns of the Ti and TiAg phases (Fig 4.9) have clearly demonstrated the orientation
relationship between the two grains as (0001),_7; || (101)1iag. Schematics of the two
lattices at the interface is illustrated in Fig 4.10, based on crystallography data from Ref
[180, 181]. The blue hexagon represents the (0001) plane of «-Ti, while the (101) plane
of TiAg is shown as the black rectangle, showing a near hexagonal symmetry with only a
slight distortion. The mismatch calculated at [010] iz, ([1210],,) direction is 1.63%, and at
[111]7iag ([1 120],,) is 2.03%, indicating a good match in both directions. The low misfit is
attributed to the similar atomic radii of Ti (144 pm) and Ag (148 pm), these crystallography
data is taken from Ref [181].

It should be noticed that the Ti phase formed at the annealing temperature should be -
Ti, according to the Ti-Ag phase diagram. Thus, the orientation relationship found between
«-Ti and TiAg in the quenched sample suggests that such relationship is preserved after
phase transformation from [3-Ti to «-Ti during quenching. The possible transformation
mechanism, known as Burgers orientation relationship [ 182, 183], is shown in Fig 4.10 (b),
which illustrates the orientation relationship between (0001), and (101)6 plane. During
the quenching process, phase transformation from S-Ti to a-Ti could follow the Burgers
orientation relationship as: (101)s || (0001),, and the orientation relationship at the
annealing temperature can be inferred as (101)5 || (101)7iag-

A similar transformation mechanism was observed during quenching of Ti-Cu eutectics
[184]. During annealing, TioCu forms from the 5-Ti matrix, with the orientation relation-
ship as (110)s || (103)1i,cu- In the subsequent quenching process, phase transformation
from S-Ti to «-Ti follows the Burgers orientation relationship and forms a new lattice
correspondence as (0001),, || (103)ri,cu-

Due to the low lattice misfit at the Ti/TiAg interface, a low interfacial energy is expected,
which favors the heterogeneous nucleation of the Ti phase on the TiAg/melt interface. As
aresult, Ti phase attached to the TiAg grains with a planar interface can easily be found in
partially decomposed samples.

4.2.2 Contradictions between the dealloying mechanism and the experimental ob-
servation

In a previous study [45], peritectic melting of TiAg was speculated to proceed through
a dealloying-like mechanism, since the final bicontinuous structure closely resembled
that of LMD products. However, conflicts between the dealloying mechanism and the
experimental results obtained in this study are found. In this section, we introduce the
previously proposed dealloying-like mechanism and highlight the contradiction with our
observation.
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Figure 4.10: Orientation relationship between TiAg, o-Ti and 5-Ti. (a) Schematic of the observed
orientation relationship between (0001),, and (101)7;44. Low mismatch is found between the two
planes in both [010]7ias ([1210],) direction and [111]1iag ([1120],) direction. (b) One possible
type of Burgers orientation relationship between 3-Ti and o-Ti during phase transformation, known
as (101)g || (0001). (c) Possible lattice correspondence between (3-Ti and TiAg at the annealing
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Microstructure evolution during LMD has been discussed in detail in Chapter 2. A
schematic illustrating the dealloying mechanism of TiAg is shown in Fig 4.11. At the
initial stage of peritectic melting, the grain boundary between the two TiAg grains is
wetted and separated by a liquid Ag layer. As decomposition progresses, Ag atoms at the
wetted surfaces diffuse into the melt (see red arrows), while the remaining Ti atoms form
ligaments through surface diffusion (black arrows) at the dealloying fronts. Similar to the
LMD process, decomposition of TiAg also goes from the grain boundaries to the center
of the TiAg grains, and the newly formed Ti ligaments are always attached to the parent
phase.

dealloying
front

= diffusion of Ti atoms = diffusion of Ag atoms

Figure 4.11: Schematic of the incorrect dealloying-like mechanism. During decomposition of
TiAg, Ag atoms at the dealloying front diffuse into the melt, and Ti atoms reorganize into ligaments
through surface diffusion.

The dealloying mechanism is enough to explain the obtained bicontinuous structure;
however, some of the experimental results in this study conflict with this theory. First, as the
dealloying process proceeds into the TiAg grains, the Ti/TiAg interface at the dealloying
front should also migrate in the same direction. However, a fast migration mechanism
of the planar Ti/TiAg interface has yet to be proposed. Furthermore, the characteristic
feature of the planar Ti/TiAg interface can not be a natural consequence of the dealloying
mechanism. At the dealloying front, Ag atoms from areas that are not covered by the Ti
phase can diffuse directly into the melt through surface diffusion, while at the interface,
these atoms have to go through bulk diffusion or interface diffusion, which is significantly
slower. As a result, it would be difficult to maintain a planar interface during peritectic
melting if the dealloying mechanism were active.

Apart from the microstructure side, the composition gradient in the newly formed Ti
phase (Fig 4.8 (e)) is also difficult to explain as a consequence of dealloying. Normally, in
other dealloying processes, the fraction of sacrificial elements is higher at the dealloying
front, compared to the external surface [37, 185, 186]. In this study, Ti/TiAg is equivalent
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to the dealloying front, and an inverse composition gradient was detected in the Ti phase,
as Ag composition (sacrificial element in this study) increased as moving away from the
Ti/TiAg interface. This is not compatible with the dealloying mechanism.

4.2.3 Peritectic melting through liquid film migration

The previously mentioned dealloying mechanism has difficulties in explaining our exper-
imental results. As an alternative, we propose the liquid film migration mechanism. As
illustrated in Fig 4.12 (a), the first step of peritectic melting is here also the wetting of
the TiAg grain boundaries. A constrained (no Ti phase) equilibrium exists between the
melt and the TiAg phase, represented by the red dashed line as the extension of the TiAg
liquidus in Fig 4.1 (a).

(a) (b) © % S poundery

Ti atoms deposition

TiAg TiAg TiAg TiAg TiAg
liquid Ag layer nucleation of
at wetted grain B-Ti at one
boundary grain of TiAg

diffusion of Ti atoms

Figure 4.12: Schematics of the liquid film migration (LFM) mechanism. (a) Grain boundary
wetting at the beginning of peritectic melting. (b) Heterogeneous nucleation on TiAg surface.
(c) Decomposition of TiAg and growth of 5-Ti through LFM mechanism. Red and black arrows
represent the diffusion of Ag and Ti atoms. (d) Backscattered electron (BSE) image of Ti nuclei
(yellow arrows) forming at a wetted grain boundary in partially decomposed sample. (e) BSE image
of the hemisphere shaped Ti phase corresponding with the schematic in (c).

After the two grains are separated by the melt, the Ti phase will nucleate. The
preferred orientation relationship between the Ti phase and the TiAg phase, as detected
in this research, results in a low interface energy between the two phases. This lattice
correspondence lowers the nucleation barrier and makes the wetted TiAg surface an ideal
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position for heterogeneous nucleation of the Ti phase. The corresponding microstructure
is observed in partially decomposed samples, shown in Fig 4.12 (d).

The decomposition of the TiAg phase begins after nucleation of the Ti phase. Both Ti
and Ag atoms at the melt/TiAg surface diffuse into the melt, then deposit on the Ti nuclei
across the liquid layer. The surplus Ag atoms remain in the melt, thickening the liquid
layer if they are not channeled to nearby intergranular areas. The migration of the liquid
layer stops when the TiAg grain is completely decomposed. A possible intermediate state
is illustrated in Fig 4.12 (c), characterized by a hemispherical Ti phase and the TiAg grain
with a concave surface. This structure is clearly observed in Fig 4.12 (e) in the partially
decomposed sample.

Another characteristic feature in the partially decomposed sample is the mushroom
structure, see Fig 4.13. The structure resembles the product of melting along the interface
between two solid phases, which is numerically studied with phase field simulation [106,
107]. A schematic of this local melting mechanism is presented in Fig 4.13 (a). As
melting progresses along the Ti/TiAg interface, TiAg decomposes, and the Ti phase grows
through a local LFM mechanism, forming two parabolic interfaces, creating the mushroom
structure shown in Fig 4.13 (b).

TiAg

melting direction

—_—

Figure 4.13: Melting along the §-Ti/TiAg interface. (a) Schematic of TiAg dissolution and Ti
deposition based on phase field simulation from [107]. (b) Backscattered electron image of the
mushroom-like structure found in partially decomposed sample.

The composition gradient within the Ti phase is also compatible with the LFM mecha-
nism. The molar Gibbs free energy curve of the TiAg, Ti and Ag phase is illustrated in Fig
4.14. At the initial stage of peritectic melting, before the decomposition of TiAg, the TiAg
grains are in a constrained equilibrium (no Ti phase) with the melt, and the composition of
the melt is determined by the TiAg/Ti common tangent. As can be seen, the melt is super-
saturated with Ti atoms. Subsequently, -Ti phase will nucleate at the wetted TiAg grain
boundaries, which is a similar process as precipitation from the supersaturated melt. As a
result, the composition of the nuclei can be obtained from the parallel tangent construction
discussed in Chapter 2. Compared to the equilibrium composition of the Ti phase at the
annealing temperature (the grey point on the Ti curve), the composition indicated by the

42



4.2. Discussion

secondary tangent line, zs_T;, suggests a lower Ag content in initial Ti nuclei, exactly as
we observed. As the Ti phase grows, the melt will be less supersaturated, causing the Ag
content in the Ti phase to increase, eventually approaching the equilibrium composition
xZ‘{Ti.

With the formation mechanism explained, it is important to understand how it eventually
leads to a bicontinuous structure. The connectivity of the Ti phase comes from incompletely
wetted grain boundaries, which can be seen in Fig 4.3. While for the Ag phase, the wetted
boundaries at the annealing temperature form a connected network automatically. In fact,
a similar case has been studied in partial melting of Cu-In [138] alloy, which will be
discussed in detail in Chapter 6.

On
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Figure 4.14: Schematic of parallel tangent construction analysis of the Gibbs energy curve of
TiAg, Ti and Ag phase. The composition of the Ti nuclei is decided by the intersection point of
the Ti Gibbs energy curve and the secondary tangent line as xg_T;j. Compared to the equilibrium
composition obtained from the common tangent, Ti nuclei is depleted in Ag.
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Chapter 5

Peritectic melting of NisSn,

In the previous chapter, the mechanism of bicontinuous structure formation during peritec-
tic melting of TiAg is explained through the LFM mechanism. In this chapter, peritectic
melting of Ni3Sny is studied, and a distinct microstructure containing clusters of NizSn,
cells is obtained. Based on EBSD studies, the peculiar microstructure comes from homo-
geneous nucleation and cellular growth of the Ni3Sn, phase. This chapter provides another
example of LFM during peritectic melting with a distinct nucleation and growth mecha-
nism, and shows that the final microstructure can be affected by several factors, including
annealing temperature, grain size of the master alloy, and the nucleus density of the new
solid phase. The experimental results and images in this chapter have been published in
Ref [187].

5.1 Results

5.1.1 Microstructure after peritectic melting

The phase diagram of the Ni-Sn system is shown in Fig 5.1 (a). The peritectic line can be
found at 798 °C. Above this temperature, a reverse peritectic reaction occurs as: Ni3Sny
— NizSny HT + Liquid. In this work, all Ni3Sn, phases will be referred to as NizSny for
simplicity. The red spot shows the homogenization condition, which falls into the single
phase NisSny region. The microstructure of the homogenized sample is shown in Fig 5.1
(b) and (c). Apart from large pores (black areas in panel (c)) that form during solidification
after arc melting, mainly NizSn, phase with a grey contrast can be found, together with
small amount of extra Sn phase at grain boundaries and triple points.

EBSD test was also conducted on the homogenized sample. As can be seen in Fig
5.2, large Ni3Sny grains, approximately 150 pm in size, can be observed, and no obvious
texture can be detected from the inverse pole figure.
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Figure 5.1: Microstructure of the homogenized sample. (a) Phase diagram of the Ni-Sn system,
redrawn after [188]. The red spot shows the state of the homogenized sample. (b) Secondary
electron image of a homogenized sample, pores formed during arc melting can be found. (c)
Backscattered electron image of a homogenized sample. Extra amount of Sn (bright phase) can be
found at grain boundaries and triple points of NizSny (grey phase) grains. Areas with black contrast
are casting pores.

Figure 5.2: Electron backscatter diffraction results of the homogenized sample. (a) Phase identifi-
cation. (b) Inverse pole figure of the Ni3Sn, phase only.
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The microstructure of peritectic melted samples is shown in Fig 5.3. After annealing
at 820 °C for 40 s, clusters of NizSn, ligaments are observed. Based on the EDS results
(see table 5.1) of pointed areas in Fig 5.3 (b), the dark phase with a ligament structure is
identified as NigSns, with NisSny phase covering the surface of the ligaments. The bright
phase corresponds to Sn solid solution containing approximately 2.4 at.% Ni. Different
contrast between NigSn, clusters are attributed to the difference in their crystal orientations.

Figure 5.3: Microstructure of the sample after peritectic melting. (a,b) Backscattered electron
images of the polished cross section. Clusters of ligaments with a dark contrast can be observed,
which is the NizSny phase. The bright phase is Sn solid solution. A closer look reveals NizSny
phase covering NizSny ligaments. (c,d) Secondary electron images of the fracture surface, after
removal of the Sn phase.

Table 5.1: EDS results of the sample cross section in Fig 5.3 (b)

position Ni (at.%) Sn (at.%) phase
2 43.1 56.9 NizSny
3 2.4 97.6 Sn solid solution

For clear observation of the ligaments, the Sn solid solution phase can be removed by
electrochemical etching at -0.6 V in 0.5 M H,SO,, against a self-made Ag/AgCl electrode.
By breaking the sample with a scalpel, the fracture surface of the peritectic melted sample
isrevealed, as shown in Fig 5.3 (c) and (d). Features corresponding to pores remain evident.
A closer look at the fracture surface (Fig 5.3 (d)) provides a clearer view of the NizSn,

47



5.1. Results

ligaments and the covering Ni3Sn, phase. EDS analysis of the ligaments (Table 5.2) is
consistent with previous tests in Fig 5.3 (b).

Table 5.2: Composition of center and surface areas of the ligaments in Fig 5.3 (d)

position Ni (at.%) Sn (at.%) phase

1 55.4 44.6 NizSny
2 53.5 46.5 NizSny
3 44.0 56.0 NiszSny
4 45.2 54.8 Ni3Sny

The EBSD results of the peritectic melted sample, shown in Fig 5.4, provide interesting
insights into the phase distribution and connectivity of Ni3Sn, ligaments. The phase map
shown in Fig 5.4 (a) suggests that the ligaments are all NizSn, phase, with the Sn phase
filling the gaps between the ligaments, which is consistent with our previous observation.
The Ni3Sn, phase is too small to be identified. The inverse pole figure (Fig 5.4 (b)) of
NisSn, reveals distinct crystal orientations between different clusters. However, within a
given cluster, the orientation of different ligaments remains consistent. This indicates that
these ligaments are interconnected, despite seemingly being separated in 2D images. It
should also be noted that the cluster size is close to the original NizgSn, grain size, which
is significantly larger than the ligament size.

Figure 5.4: Electron backscatter diffraction result of the sample after annealing at 820 °C for 40 s.
(a) Phase distribution of NizSny and Sn phase at the cross section. NizSny phase is not shown due
to the small size. (b) Inverse pole figure of Ni3Sny phase. Different orientations are found among
clusters, but the same orientation is found for ligaments within the same cluster.

5.1.2 Effect of the annealing temperature on the microstructure

Peritectic melting of NizSn, was also conducted at 1000 °C. In order to mitigate the
coarsening effect, samples were annealed for various durations, then immediately quenched
in water to preserve the microstructure. After multiple tests, it was found that peritectic
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melting of NizSny can be finished after annealing at 820 °C for 20 s or at 1000 °C for 3
s. The corresponding microstructures are shown in Fig 5.5 (a) and (b), respectively. Both
samples exhibit a similar structure consisting of clusters of ligaments. However, for the
sample after annealing at 820 °C, the ligament size is measured to be approximately 4.6
pm, which is significantly larger than that of the sample heated at 1000 °C, with a ligament
size of 2.1 um. This is a counterintuitive result, as higher temperatures typically yield
coarser structures.

Figure 5.5: Backscattered electron images of samples annealed at (a) 820 °C for 20 s, and (b)
1000 °C for 3 s. Both images show a ligament structure right after complete decomposition. The
ligament size is obviously larger in the sample annealed at the lower temperature.

5.1.3 Microstructure of partially decomposed samples

Figure 5.6: Backscattered electron image of a partially decomposed sample after annealing at
820°C for 15 s. Three phases can be found including Ni3Sny, Sn and undecomposed NizSny
grains. The solidification front of NizSno and melting front of NizSny are shown as the yellow
and red dashed line respectively. Both dashed lines are broken for visibility of the Sn layer which
separates the two fronts.

To further investigate the formation mechanism of the ligament structure, partially
decomposed samples were obtained after annealing at 820 °C for 15 s, as shown in Fig 5.6.
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In addition to Ni3Sn, and Sn, undecomposed NizSn, grains are also detected at the cross
section. An enlarged image of the area marked by the yellow rectangle in is given as Fig
5.6 (b). A spherical cluster of NizSn, is observed, with the periphery outlined in yellow.
Notably, the center of the cluster exhibits a larger ligament size compared to the ligaments
at the outer regions. Against the cluster, an undecomposed NizSn, grain can be found with
a concave surface marked by the red dashed line, and a Sn layer is found in-between.

mmm Ni;Sn,
s NiySny
== Sn

Figure 5.7: Electron backscatter diffraction result of a partially decomposed sample. (a) phase
distribution of three phases including Ni3Sny, Ni3Sns and Sn. (b) Inverse pole figure of the Ni3Sno
phase only.

EBSD analysis of the partially decomposed sample provides additional structural in-
formation, as can be seen in Fig 5.7. Obviously, multiple clusters can form within the same
grain boundary area, and different orientations can be observed.

5.2 Discussion

5.2.1 Nucleation and liquid film migration

As discussed in the previous chapter, peritectic melting of TiAg follows the LFM mech-
anism, that is, complete decomposition of TiAg and deposition as -Ti at the opposite
grain, achieved by diffusion across the liquid layer. In fact, during peritectic melting of
Ni3Sny, characteristic features of LFM can also be observed in the partially decomposed
sample in Fig 5.6, including the convex envelope of NisSn, clusters which is their growth
front, the concave surface of the opposite NizSn, grain which is the melting front, and a Sn
layer between the two phases. This suggests that peritectic melting of NizSn, also operates
through the LFM mechanism, similar to TiAg. However, the resulting structure is rather
different.

One significant difference between the two alloy systems is that during the decompo-
sition of TiAg, planar TiAg/Ti interfaces are observed, which forms during heterogeneous
nucleation of 5-Ti on the wetted TiAg grain boundary. Such interfaces are not found in
the partially decomposed Ni3Sn, samples. Instead, judging by the partially decomposed
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microstructure (see Fig 5.6 and Fig 5.7), the newly formed Ni3Sn, phase is separated
from nearby Ni3Sny grains by a Sn layer in every direction. As a result, instead of the
hemisphere-shaped product phase (3-Ti) observed in partially decomposed TiAg samples,
the growing NisSn, clusters all have a spherical or ellipsoidal shape. The above obser-
vations indicate that during peritectic melting of Ni3Sn,, new NizSn, phase forms by
homogeneous nucleation within the melt.

Ni3;Sn,
- q : I cluster
quid meta ' Ni;Sn, w AP X
layer Niz;Sn, , N
M nucleus N 2 -, =->
2 ¥4 :
» u 4
P N
Ni;Sn, Ni;Sn, Ni;Sn, Ni;Sn, Ni3Sn, Ni3Sn,
Sn Sn Sn

Figure 5.8: Schematic of nucleation and growth mechanism during peritectic melting of Ni3Sny.
(a) Homogeneous nucleation of NizSny inside the melt. (b) Growth of a NizSns nucleus in all
direction, at the expense of Ni3Sny, following the liquid film migration mechanism. (¢) Formation
of spherical cluster of NigSng ligaments

The nucleation and growth processes of Ni3Sns are illustrated in Fig 5.8. Similar to the
case of TiAg, the initial stage of peritectic melting of NigSny is also grain boundary wetting.
A liquid Sn layer will form and separate NizSn, grains before decomposition of NizSny
happens. Following this, NizSn, nucleates from the liquid layer through homogeneous
nucleation, as illustrated in panel (a) of Fig 5.8. The growth of NizSn, nucleus, without a
preferred direction, is coupled with decomposition of Ni3Sn, grains, following the LFM
mechanism, as shown in panel (b). It eventually grows into a spherical or ellipsoidal cluster
with a cellular structure, shown in panel (c). Reasons for the cellular growth of Ni3Sn,
will be discussed in the next section.

It should be noted that in these NizSny clusters, the ligament is coarser in the central
area (see Fig 5.6 (b)). As shown in Fig 5.8, ligaments at the center of the cluster form
earlier and have a longer coarsening time, resulting in a larger ligament size. This is another
evidence of homogeneous nucleation of NigSn, during peritectic melting.

5.2.2 Growth mechanism of Ni3Sn,

In the previous section, the homogeneous nucleation mechanism of Ni3Sn, was introduced,
which explains the spherical shape of the NizSn, clusters. In this section, the origin of the
cellular growth of Ni3Sn, will be explained. For conciseness, the NigSny phase will be
denoted as «, the NizgSny phase as 3 and the melt as L.

During reverse peritectic reaction, the 5 phase will decompose into o and L. This
requires phase partitioning at the growth front, which is done through lateral diffusion
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within the liquid layer. An analogy of the phase partitioning process will be eutectic
solidification, which results in a cellular structure. For the lateral diffusion speed at the
growth front to be sufficient to support the phase partitioning, a minimum thickness of the
liquid layer is required. If the growth front of the  phase moves faster than the melting
front of the /3 phase, the liquid layer will be too thin and the lateral diffusion of the Ni
and Sn atoms will be limited. As a result, Sn atoms will enrich ahead of the solidification
front and stop the growth of the « phase. This ensures that the solidification front and the
melting front will not be in contact with each other.

The above-mentioned process is also compatible with our observation of a finer mi-
crostructure obtained at a higher annealing temperature (see Fig 5.5). On the one hand, an
enhanced heat flux is expected in the sample when heated at a higher annealing tempera-
ture, which leads to a higher driving force for the reverse peritectic reaction. As a result,
the growth rate of the o phase will increase and a finer microstructure is favored, since
it requires a shorter lateral diffusion length. On the other hand, the diffusion rate of both
atoms will also increase at an elevated annealing temperature, and it tends to coarsen the
microstructure to reduce the interfacial energy. In short, the size of the microstructure is the
result of the competition between the increased overheating, which refines the microstruc-
ture, and the increased diffusion rate, which coarsens the microstructure. Compared to the
increase of the diffusion rate that starts from a fixed value, the effect of a higher overheating
is more prominent, since it starts from zero. This means that a finer structure is expected
when heated at a higher annealing temperature, exactly as we observed.

Now we explain the origin of the cellular structure. The growth of the o phase is under
the effect of constitutional supercooling, which destabilizes the initial planar solidification
front. For the analysis of the growth process, we can consider an already existed o (NigSns)
nucleus, separated from a /3 (Ni3Sny) grain by aliquid film. A schematic of this construction
is shown in Fig 5.9 (a).

Due to transport limitations, the $ phase will be overheated above the peritectic tem-
perature, 7},, before melting. Assuming that all solid/liquid interfaces are in the local
equilibrium state, we can construct a constrained equilibrium (no «) at the /L interface in
the enlarged peritectic region of the Ni-Sn phase diagram, as shown in Fig 5.10. The red
dashed line is the extension of the 3-liquidus, and its intersection with the annealing tem-
perature, T¢y,, represents the 5-L equilibrium, with the melt composition as xeﬁ‘}L. At the
solidification front of the « nucleus, the local equilibrium is described by the intersection
point of T, and the a-liquidus (the green line) at a:Zq/L. The difference in composition at
the melting front and the solidification front

52



5.2. Discussion

Ni.Sn, | | .
. 23 liquid layer ~ Ni;Sny
] B @
" > : a
/ 3 l |
x r 3
Sn atom
fraction x (b)

Sy

temperature (c)

position
== == actual temperature
= CTystallization onset temperature

AT supercooling; crystallization driving force

Figure 5.9: Temperature and composition profile within the liquid layer. (a) Geometry of the
phases during peritectic melting. NizSng nucleus is separated with NizgSny grain by a liquid Sn
layer. (b) Composition (Sn) gradient within the liquid layer. (c) Actual temperature distribution
(red dashed line) and liquidus temperature (green line) across the liquid layer.

creates a composition gradient within the liquid layer, as illustrated in Fig 5.9 (b).

The temperature profile of the liquid film is shown in Fig 5.9 (c), the solidification
temperature, decided by the local composition of the melt and the a-liquidus, is shown as the
green line. For the actual temperature of the melt, considering the small size of our sample,
we assumed a constant temperature across the liquid layer, since the sample is uniformly
heated in all directions. This is represented by the red dashed line, at the annealing
temperature 7¢,,. It is evident that across the liquid layer, the actual temperature is lower
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Figure 5.10: Schematic of the enlarged peritectic reaction area in the Ni-Sn phase diagram. The
red dashed extended lines shows the constrained equilibrium between 5 (NisSny) phase and the
melt, while the green line represents equilibrium between the o phase and the melt. T}, is the
peritectic temperature and the annealing temperature is denoted as Ty,

than the solidification temperature of the melt, suggesting that the melt is in the supercooled
state. The supercooling, AT, increases as moving away from the solidification front,
indicating that the growth of the a phase is under the effect of constitutional supercooling.
This reduces the stability of the solidification front and promotes cellular growth of the «
phase [171], as discussed in Chapter 2. In conclusion, the clusters of NizSny ligaments
observed in this study are the result of phase partitioning and cellular growth induced by
constitutional supercooling.

A similar constitutional supercooling scenario appears in peritectic melting of Ba; YCu30Og. 5
[189], which forms rod like BaY,O,4 phase aligning with the direction of the imposed tem-
perature gradient. In this study, the samples were heated homogeneously in the furnace
and a constant temperature is assumed across the liquid layer. Constitutional supercooling
is induced solely by the composition gradient within the melt, maintained by the dissolving
B phase. Compared to the large grain size of (3, the « nucleus is considered surrounded
by (8 grains. Driven by a radial composition gradient, the o phase eventually grows into
spherical or ellipsoidal clusters.

5.2.3 Comparing peritectic melting of Ni;Sn, and TiAg

In Chapter 4, the microstructure of a partially decomposed sample is given in Fig 4.6,
where a relatively smooth growth front was observed for the newly formed Ti phase. In

54



5.2. Discussion

Figure 5.11: Comparing the partially decomposed microstructure of (a) Ni3Sny and (b) TiAg.
The Ni3Sny phase shows a spherical cluster morphology, with the cell size much smaller than the
original NizSny grain size. For partially decomposed TiAg, the newly formed Ti phase has a similar
size as the TiAg grains.

contrast, during peritectic melting of NizSn, the newly formed NizSn, phase follows a
cellular growth mechanism. The differences in their microstructure are clearly shown in
Fig 5.11.

For the solid product phases after peritectic melting, the cell size of NizSn is roughly
similar to the ligament size of Ti. The most obvious distinction between the two systems
is the grain size of the master alloy, which is about 150 ym for Ni3Sny and 5 pum for
TiAg. Judging from the partially decomposed samples, we see roughly one nucleus of
the product phase per master grain in both systems. This means that during peritectic
melting, the nucleus density is higher in Ti-Ag system, as the grain size is smaller. This is
understandable since the lattice correspondence between Ti and TiAg described in Chapter
4 reduces the nucleation barrier. In contrast, nucleation is more difficult during peritectic
melting of NizSny, indicated by the large distances between centers of clusters.

Due to the limited nuclei number, the NizSns phase will eventually grow into large
grains with a similar size as the original NizSn, grain size, as observed in Fig 5.4. During
the growth process, the NigSny phase is trapped in the wetted grain boundary area of the
large NizSn, grains, as observed in Fig 5.11 (a). This makes it difficult for the liquid
product phase (Sn) to move out of the grain boundary area. As a result, the cell structure of
Ni3Sn;, is the natural product to accommodate the Sn melt. In contrast, the roughly similar
size between the TiAg grain and the Ti ligament makes it easier to channel the Ag melt
between the Ti grains. This leads to the less ordered structure seen in Fig 5.11 (b).
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Chapter 6

Partial melting of Cug;In; alloy

In Chapter 4 and 5, the potential of peritectic melting as a novel method of fabricating
bicontinuous microstructures has been demonstrated. This idea can be further developed by
moving from peritectic melting to partial melting, as both processes involve decomposition
of a solid phase into a new solid phase and a liquid phase. As the key mechanism of
forming bicontinuous microstructures, LFM has also been observed during partial melting
of several alloys [118, 122, 126, 131, 137, 144]. In this chapter, CugzIn; alloy is chosen as
an example. The physical continuity of both phases obtained after partial melting is verified
through electrochemical dealloying tests, proving that a bicontinuous microstructure can
be obtained through partial melting. The results and images in this chapter have been
published in Ref [138].

6.1 Results

6.1.1 Microstructure of Cuy;In; before and after partial melting

The phase diagram of the Cu-In system is shown in Fig 6.1 (a). The sample composition is
chosen as CugsIn; in this work. As can be seen from the green dot, after homogenization
at 630 °C and the quenching process, single phase Cu solid solution should be the expected
phase. Indeed, as shown in Fig 6.1 (b), only one phase can be found in the as-homogenized
sample, with some black spots that are casting pores, formed during solidification. This
phase is identified as Cu solid solution by X-ray diffraction, shown as the black line in Fig
6.2. It can be noticed that the Bragg reflection positions for Cu in this work are shifted
towards the smaller angle direction. This is caused by the larger lattice parameter of Cu
solid solution compared to that of pure copper, as In solute atoms have a larger atomic
radius.

Figure 6.1 (c) gives the two-phase microstructure after partial melting at 843 °C for
4 min. The dark phase is Cu solid solution, which is the solid phase at the annealing
temperature, and the bright phase at intergranular areas is the solidified melt. Judging
from the X-ray diffraction result in Fig 6.2 (the red line), it at least contains 3-CuyIn. An
enlarged view of the diffraction peaks in Fig 6.2 reveals a slight shift of Cu diffraction
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Figure 6.1: Microstructure of Cu-In samples. (a) The Cu-In phase diagram (after [190]). The
blue dashed line shows the composition of the sample, the green dot indicates the homogenization
temperature, while the red line represents the annealing temperature. (b) Backscattered electron
(BSE) image of Cugsln; after homogenization. No secondary phases were detected. (c) BSE
image of Cugslny after partial melting (annealing at 843 °C for 4 min). Two phases can be clearly
observed.

peaks after partial melting. According to the phase diagram, the Cu solid solution phase
after partial melting contains less In content, which decreases the lattice parameter and
shifts the peak positions toward the Cu reference lines.

It is insufficient to judge the connectivity of the two phases from just 2D cross-sectional
images. In order to check if a bicontinuous structure is obtained after partial melting, we
performed dealloying test to remove one of the phases. After electrochemical dealloying in
0.5 M H,SOy at -0.26 V, the solidified melt is selectively removed. Surface structure after
partial melting and dealloying is shown on Fig 6.3 (a) and (b). The Cu solid solution phase
remains unattacked by the acid, but the solidified melt with a higher In content disappeared
and left behind a fine porous network structure at the intergranular areas.

We also ground the sample to reveal the cross section at the center area, the microstruc-
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Figure 6.2: X-ray diffractograms of the as homogenized (black line) and the partial melted (red line,
annealed for 1 h at 843 °C) sample. The homogenized sample shows the three strong diffraction
peaks of Cu, with a shift towards the lower angle direction. A zoomed in image focusing at around
42 degree is shown on (b). The splitting (111) reflection is caused by the K, ,, wavelength doublet.
Reference lines from Ref [191].
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ture is shown in Fig 6.3 (c, d). To protect the structure after dealloying, the sample was
vacuum embedded with epoxy. It can be seen from Fig 6.3 (c) that dealloying also hap-
pened in the interior of the sample. An enlarged image (Fig 6.3 (d)) shows inclusions with
a bright contrast inside the unattacked Cu solid solution grains, as well as dark areas at the
grain boundaries (see yellow arrows). These areas with a dark contrast are not observed
for partial melted samples before dealloying, as shown in Fig 6.4.

The effect of heating duration on the final microstructure is also studied. Images of
CugsIn; samples after various heating durations are given in Fig 6.5. Based on images
(a-d), which show microstructure evolution with prolonged heating time from 1 min to
60 min, an obvious coarsening effect in both phases can be observed. The corresponding
dealloyed structures of these samples are given in Fig 6.5 (e-h).

59



6.1. Results

(d) redeposited Cu

unetched phase

A\

Figure 6.3: Microstructure of partial melted Cugslny samples after electrochemical dealloying.
(a,b) Secondary electron image of the sample surface. The Cu solid solution phase remain unharmed,
while the solidified melt at the intergranular areas is converted to a porous network structure. (c,d)
Backscattered electron micrographs of the polished cross section. The sample was embedded
with epoxy before grinding and polishing to preserve the gaps between Cu solid solution grains.
Redeposited Cu can be found at the grain surfaces, while unetched In rich phase can be found inside
the grains.

Figure 6.4: Microstructure of the Cu solid solution grain boundaries in a partial melted sample
before dealloying. No area with a darker contrast can be detected at the curved grain boundaries.
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Figure 6.5: Microstructure of CugsIn; samples after various heating durations. (a-d) Backscattered
electron (BSE) images of sample cross section after annealing for 1, 4, 15, 60 min. The coarsening
effect is quite obvious. (e-h) BSE images of dealloyed and embedded samples which went through
the same heat treatment as in (a-d).
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6.1.2 EBSD study of Cugs;In; alloy

EBSD tests were performed on CugsIn; samples before and after partial melting. As can
be seen from the inverse pole figure of the homogenized sample (see Fig 6.6 (a)), the Cu
solid solution phase has a grain size of several hundred micrometers. No obvious texture
can be found. Figure 6.6 (b) gives information about the boundaries. >3 coincidence site
lattice (CSL) boundaries are the most frequently found boundary type, labeled in red. Most
of the grain boundaries are found as random high angle grain boundaries (misorientation
> 15 degree), while only a small amount of >:9 boundaries appear in the sample.

k_

random high angle grain boundaries w33 CSL boundaries =39 CSL boundaries

Figure 6.6: Electron backscatter diffraction results of homogenized CugsIny. (a) Inverse pole figure
of the sample, showing no texture after homogenization. (b) Boundaries labeled using Brandon
criterion [192]. Mainly X3 boundaries (red) and random high angle grain boundaries (yellow) can
be found. Small amount of 29 boundaries (blue) are also detected.

Structure after partial melting was also studied. As can be seen in Fig 6.7 (a), which
shows the inverse pole figure of Cu solid solution phase only, some granules form clusters
with the same orientation. The solidified melt phase is not shown, since no clear Kikuchi
pattern can be obtained from that phase. Judging from the boundary character map shown
in Fig 6.7 (b), more types of boundaries, including >:9, >11, 327 a and ¥27 b can be
detected in Cu solid solution phase after 4 min of annealing.

6.2 Discussion

6.2.1 Microstructure evolution during electrochemical dealloying

The bicontinuous structure after partial melting is verified with the dealloying test. As
shown in Fig 6.3, dealloying happens at the surface area, as well as the interior. Cu solid
solution phase remains unetched during electrochemical dealloying, suggesting that the
dealloyed solidified melt, distributed at intergranular areas, is the only possible channel for
the electrolyte to diffuse into the central area of the sample. The complete removal of the
solidified melt indicates that it is a contiguous phase. Additionally, after dealloying, the
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bulk sample remains coherent and load bearing, which shows the excellent continuity of
the Cu solid solution phase. In other words, two physically continued phases are obtained
after partial melting, forming a bicontinuous structure.

random high angle
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Types of grain boundaries =9

Z27a
Z27b

001 101

Figure 6.7: Electron backscatter diffraction characterization of the Cu solid solution phase in
sample after partial melting for 4 min. (a) Inverse pole figure showing clusters of granules having
the same orientation. (b) Boundary information

The inclusions found in Fig 6.3 (d) are identified as the solidified melt phase, as a
higher In content brings a brighter contrast in the BSE image. These unetched inclusions
found in dealloyed samples further confirm that the Cu solid solution phase is not attacked
by the electrolyte during electrochemical dealloying. These inclusions can form due to
nucleation at crystal defects (voids, dislocations) inside the Cu solid solution grains. It is
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also possible that these are the entrapped melt in the solid phase during coarsening at the
annealing temperature. This structure can also be observed in other porous metals, as part
of the pore space is converted to isolated voids during the coarsening process [49, 193].

Another feature found after electrochemical dealloying is the dark phase at the grain
boundaries in Fig 6.3 (d), which is likely to be the redeposited Cu. Redeposition, due to
excess chemical potential in the nanoporous structure, is also found in other dealloying
studies [194, 195]. This is supported by the absence of dark areas in partial melted
samples (see Fig 6.4) prior to dealloying. No obvious contrast difference can be found
at the Cu solid solution boundaries, suggesting that the Cu richer particles only formed
during electrochemical dealloying. Additionally, in the partial melted sample, curved grain
boundaries with concave regions are found at the Cu solid solution grain boundaries, which
are the preferential deposition sites for Cu.

An interesting feature here is the gap between the porous structure and the Cu solid
solution grains, as indicated by the yellow arrow in Fig 6.3 (d). A similar phenomenon
was found during dealloying of deposited AuAg alloy on massive gold substrates [59]. The
Gibbs-Thompson excess chemical potential is affected by the mean curvature of the pore
surfaces. The reduced mean curvature at the substrate surface leads to a curvature gradient,
which prompts a divergence in the diffusive flux. As a result, the Au network structure
at the substrate surface is broken, as Au atoms diffuse toward the substrate. The gaps
observed in this study form through a similar mechanism, with Cu solid solution grains
acting as the substrate.

6.2.2 Microstructure evolution during partial melting

EBSD results before and after partial melting bring insights of the formation mechanism
of the bicontinuous structure. The grain size of the homogenized sample is about several
hundred micrometers (see Fig 6.6 (a)), but the size of the Cu solid solution granules after
4 min of annealing is reduced to approximately 30 xm, showing an obvious refinement in
microstructure.

Similar to peritectic melting of TiAg and NisSny in previous chapters, the curved Cu
solid solution/melt interface also shows characteristic feature of liquid film migration [196],
which has been observed during partial melting of other Cu-In alloys as well [137]. Partial
melting starts with grain boundary wetting. After Cu solid solution grains are separated
by the melt, Cu and In atoms at the wetted boundaries dissolve into the melt, then deposit
on the opposite grain with the equilibrium composition. Evidence of this mechanism is
found in the partially melted sample (Fig 6.7 (a)), as many seemingly separated granules
form clusters with the same orientation.

LFM offers a fast diffusion mechanism. Through LFM, Cu and In atoms can diffuse in
the melt across the liquid layer, which is much faster than bulk diffusion. This is supported
by the completely decomposed structure found after only 1 min of annealing (see Fig 6.5
(a,e)). Kirkendall voids are not detected in the Cu solid solution phase, due to the negligible
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6.2. Discussion

contribution of solid-state diffusion. Essentially, partial melting proceeds through the same
LFM mechanism as for peritectic melting discussed in previous chapters.

In peritectic melting, nucleation of the new solid phase can happen through heteroge-
neous (5-Ti in Chapter 4) or homogeneous (Ni3Sn, in Chapter 5) nucleation, depending
on interfacial energies. For partial melting of CugsIn7, since the new solid phase shares the
same crystal lattice with the parent phase (they are both Cu solid solutions, only with dif-
ferent In contents), it is natural for the new phase to nucleate at the wetted grain boundaries
of the parent phase.

It is easy to understand why the melt is a contiguous phase, as the wetted grain
boundaries form a connected network. For the Cu solid solution phase, certain fraction of
incompletely wetted grain boundaries are required. Previous study [96] on grain boundary
wetting of Cu-In alloy suggests that some grain boundaries remain incompletely wetted
during annealing between 715°C and 986 °C. This can be seen from the EBSD results
shown in Fig 6.7 (b). The incompletely wetted random high angle grain boundaries
contribute most to the connectivity of the Cu solid solution phase, similar to the Ti phase
after annealing in Chapter 4.

The coarsening of both phases with prolonged annealing time can be clearly seen from
Fig 6.5. Judging from Fig 6.5 (e-h), complete removal of the solidified melt phase in all
samples suggests that an interconnected liquid phase forms after just 1 min of annealing,
and remains interconnected during prolonged annealing time.

6.2.3 Distributed internal melting

In Chapter 4 and 5 we investigated how peritectic melting forms bicontinuous microstruc-
tures. However, the requirement of a peritectic reaction can greatly confine the application
of this method to limited alloy systems. An alternative method is partial melting, which is
demonstrated in this chapter. Partial melting is similar to the peritectic melting process, as
both processes involve decomposition of one solid phase into a new solid phase and a liquid
phase. However, partial melting requires only a two-phase region, which is ubiquitous in
all alloy systems.

LFM has been identified as the key mechanism of generating bicontinuous microstruc-
tures. In both peritectic melting and partial melting processes, LFM starts at the pre-metled
triple points and grain boundaries. As introduced in Chapter 1, pre-melting also happens
at dislocations and vacancies. These crystal defects, distributed uniformly within the alloy,
may serve as pre-melting sites and initiate the LFM process during melting. As a result,
melting starts at various internal areas of the alloy, and generates a fine-scale phase mixture.
Here, we name this process distributed internal melting (DIM).

The potential of obtaining bicontinuous structures through DIM has been demonstrated
in this thesis, namely peritectic melting and partial melting. Compared with various
dealloying methods that are commonly used to generate bicontinuous structures, the major
advantage of DIM is that it does not require mass exchange with the environment. It has
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6.2. Discussion

the potential of obtaining bicontinuous microstructures at a much larger scale, without
mass transport being the rate limiting step as in different dealloying processes. The simple
process of DIM is another advantage. Through DIM, a bicontinuous structure can form
after heat treatments, without an imposed external dealloying environment, for example,
electrolytes or metal melts.
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Chapter 7

Conclusion

7.1 Liquid film migration during distributed internal melting

Previous research [45] has found that a bicontinuous structure containing contiguous Ti
and Ag phases can be obtained by peritectic melting of TiAg. The mechanism behind
this phenomenon was thought to be similar to liquid metal dealloying. For such a process,
during peritectic melting, Ag atoms dissolve into the melt, and Ti atoms reorganize through
surface diffusion and form Ti phase with a ligament structure. However, this explanation
contradicts the experimental observation in this study.

In this work, the microstructure of the partially decomposed TiAg sample is carefully
examined. Hemisphere-shaped Ti phase is found to be attached to TiAg grains, forming
a planar TiAg/Ti interface. A convex Ti/melt interface is found, and across a liquid layer,
a concave TiAg/melt interface is observed. The above mentioned microstructure cannot
be explained by the dealloying-like mechanism. TEM-EDX line scan reveals that the
Ag content in the Ti phase is lower at the interface and gradually increases to reach the
equilibrium composition as it moves into the Ti grain. This gives an inverse composition
gradient compared to the prediction based on the dealloying-like mechanism.

Based on the experimental results in this work, it is proposed that the decomposition
of TiAg during peritectic melting follows the liquid film migration mechanism. The initial
stage of peritectic melting is grain boundary wetting of TiAg grains. After that, the Ti
phase will nucleate and grow at the expense of the TiAg phase. This happens through the
LFM mechanism; i.e. both the Ti and Ag atoms dissolve in the melt, then diffuse across
the liquid layer, and then deposit as 8-Ti at the wetted grain boundary of TiAg.

Characteristic features of LFM were also observed during peritectic melting of Ni3Sny,
including NisSn, clusters with a convex periphery, NigSn, grains with a concave surface
and the liquid layer in-between. This suggests that the decomposition of NizSn, follows the
same LFM mechanism as for TiAg. Moreover, a bicontinuous structure formed through
LFM is also observed after partial melting and quenching of CugsIn; alloy. This extends the
concept of fabricating bicontinuous structures through the LFM mechanism to distributed
internal melting (DIM).
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7.2. Nucleation and growth mechanisms of the newly formed solid phase

The product of the aforementioned processes is a bicontinuous structure consisting of
two contiguous phases, which can be preserved by quenching in room temperature water.
At the annealing temperature, the solid phase is found to be connected by incompletely
wetted grain boundaries, while the melt forms a physically continued phase automatically.

7.2 Nucleation and growth mechanisms of the newly formed solid
phase

7.2.1 Nucleation mechanisms

Planar Ti/TiAg interfaces are observed in partially decomposed TiAg samples. An orienta-
tion relationship between the newly formed Ti phase and the TiAg phase can be detected as
(0001), || (101)1iag, [1210], || [010]7ia,. Based on it, a possible orientation relationship
at the annealing temperature is given as (101)s || (101)7iaq. This lattice correspondence
favors heterogeneous nucleation of S-Ti at wetted TiAg grain boundaries, as it lowers the
nucleation barrier of the Ti phase. After annealing, during the quenching process, phase
transformation from (-Ti to «-Ti follows the Burgers orientation relationship. For partial
melting of Cugysln; alloy, the newly formed Cu solid solution phase also nucleates at the
grain boundaries of the parent phase, as the new solid phase and the parent phase share the
same lattice structure.

In addition to heterogeneous nucleation, the new solid phase can also nucleate through
homogeneous nucleation, for example, during peritectic melting of NigSny. Unlike the
hemispherical Ti phase in partially decomposed TiAg samples, the NizSn, clusters show
a spherical or ellipsoidal shape, and no Ni3Sny/NizSn, interface can be observed. This
suggests that the NizSn, phase forms through homogeneous nucleation within the melt.

The interfacial energy between the new solid phase and the parent phase may affect the
nucleation mechanism. If an orientation relationship exists between the phases that lowers
the interfacial energy, then heterogeneous nucleation is favored. Otherwise, the new phase
will nucleate homogeneously within the melt.

7.2.2 Growth mechanisms

Apart from the difference in nucleation mechanisms, the distinct growth mechanisms
during peritectic melting of TiAg and NizSn, also lead to different microstructures. In
partially decomposed TiAg samples, the hemispherical Ti phase has a relatively smooth
growth front, while in partially decomposed NizSn, samples, spherical clusters of Ni3Sn,
ligaments can be found. The two structures represent the planar growth and the cellular
growth at the growth front respectively.

The growth mechanism of the product phase can be affected by both the grain size of the
master alloy and the nucleus density. In the case of large grain size and low nucleus density
(peritectic melting of Ni3Sny in Chapter 5), spherical clusters of Ni3Sns cells are observed.
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The cellular structure of the product phase, induced by constitutional supercooling, can
accommodate the liquid Sn phase during phase partitioning. In contrast, in the case of small
grain size and high nucleus density (peritectic melting of TiAg in Chapter 4), the newly
formed Ag phase can be easily channeled to intergranular areas of TiAg grains. Without
the requirement of accommodating the liquid Ag phase, the newly formed Ti phase grows
to a less ordered granular structure.

7.3 Outlook

The study of distributed internal melting processes of metals in this thesis provides insight
in both fundamentals of the melting process as well as practical applications for fabricating
bicontinuous structures through DIM. However, both aspects of the field deserve to be
further studied.

Many studies focus on the solidification microstructure after peritectic reaction [197—
199], while for peritectic melting, research is scarce. LFM has only been predicted by phase
field simulations [107] during peritectic melting. This thesis shows experimental evidence
of LFM as the key microstructure formation mechanism during peritectic melting of TiAg
and Ni3Sny, however, it remains uncertain whether the LFM mechanism is ubiquitous
during DIM processes of various alloys. Additional studies on more alloy systems are still
required.

DIM utilizes crystal defects as pre-melting sites in alloys to generate fine-scale struc-
tures. A natural thought would be to increase the density of those defects by metal-forming
techniques such as severe plastic deformation (SPD). This may lead to a finer structure after
DIM by providing more positions for melt nucleation and also potentially reducing the time
required for melting to mitigate the coarsening effect. By applying DIM to nano-grained
master alloys, it might be possible to produce bicontinuous microstructures at nanoscale.

DIM of a single crystal is also worth exploring. An essential requirement of the LFM
mechanism during DIM is grain boundary wetting, which generates the liquid layer as the
fast diffusion channel. It is obvious that this can only be achieved in a polycrystalline
material. Previous studies [200, 201] claim that peritectic melting of single-crystal FeZn
forms eutectic-like colonies by cooperative growth of the solid and liquid phase, similar to
eutectic and eutectoid reactions. The reaction starts at the sample surface and then proceeds
into the master alloy. Until now, no other studies on peritectic melting of single-crystal
intermetallic compounds have been found. For certain alloy systems, it might be possible
that pre-melting happens at vacancies or dislocations within the single crystal lattice. In
that case, melting starts at intragranular areas of the single crystal, and may produce a
distinct structure from the eutectic-like structures. However, further studies on DIM of
single crystal alloys are required before any conclusion can be made.

For application aspects, it has been revealed in this thesis that LFM is the key mechanism
during DIM. Since LFM has been found in other material processing methods (see table
1.1), it is also worth finding out if bicontinuous structures can also form through those
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7.3. Outlook

processes.

Finally, the distinct structure obtained after peritectic melting of TiAg and Ni3Sny has
shown the effect of nucleation and growth process on the final microstructure. In future
studies, these processes could potentially be controlled by different heating methods (for

example, directional melting), or by changing the composition of the master alloy in order
to obtain different microstructures.
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