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Abstract

The increasing use of fibre reinforced polymers (FRP) for structural parts requires de-
tailed knowledge about failure initiation and propagation within composite laminates.
Due to the complex failure process of the material with different damage mechanisms, the
mechanical degradation behaviour under cyclic loads is difficult to predict. For further
improvement of FRP mechanical properties and increase of fatigue lifetime, a modification
of the polymer matrix with nanoparticles is a promising approach. With such a nanopar-
ticle modification a third, nanoscale phase is added to the system consisting of fibres and
the surrounding matrix. This modification provides additional damage mechanisms that

dissipate energy during mechanical loading, hence influencing the failure process.

Different groups of nanoparticles exist, each of them exhibiting their own damage mech-
anism at the nano- or micro-scale depending on the particle morphology. The thesis
investigates the influence of a carbon nanoparticle modification on the damage behaviour
and resulting mechanical properties of an epoxy matrix and FRP. A comparison of the
different nanoparticle morphologies with regard to their potential use in FRP is carried
out. Since the volumes between the fibres in FRP are very small, the focus is set on
the investigation of size effects of polymer nanocomposites and how local microdamage
at the particles influences the mechanical properties in a small volume. The influence on
mechanical properties is discussed by comparing the different energy dissipating damage
mechanisms in dependence of the nanoparticle morphology. Crack initiation and damage
mechanisms at the different nanoparticles can be clearly identified. For layered particles
such as few-layer graphene (FLG), it is found that the orientation of the graphene layers
with regard to loading direction is critical for local damage mechanisms and mechanical

degradation.

In order to develop a better understanding of the influence of FLG nanoparticles in the
respective layers of FRP laminates, a tailored modification approach is used. The ap-
proach allows exact analysis of the impact of a nanoparticle matrix modification in either
0° or 90°-layers of cross-ply laminates on mechanical properties and damage mechanisms.

A modification of the 0°-layers unexpectedly increases the quasi-static tensile strength,
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although dominated by fibre properties. However, The applicability of nanoparticle mod-
ified resin systems to improve the performance of FRP-laminates is loading-case sensitive.
Positive crack stopping effects as well as negative effects, such as accelerated delamina-
tion growth, are discussed. The additional microdamage introduced with the nanoparticle
modification dissipates energy, leading to a change in transverse cracking behaviour and
may thus hinder the initiation and propagation of inter-fibre failure. With it, stress
concentrations at free edges could be reduced by distributed microdamage and localised
cracking instead of fast growing cracks, resulting in a less brittle failure behaviour and

counterbalancing one of the main disadvantages of FRP.



Kurzfassung

Der zunehmende Einsatz von Faser-Kunststoff-Verbunden (FKV) in Strukturbauteilen
erfordert genaue Kenntnis iiber die Entstehung und Ausbreitung von Schiden in Kompo-
siten. Allerding sind innere Schiden und die damit verbundene Degradation der mecha-
nischen Eigenschaften unter zyklischen Lasten schwer vorherzusagen. Dies liegt an dem
komplexen Versagensprozess dieser Materialien, der verschiedene Schadensarten beinhal-
tet. Um die mechanischen Figenschaften und insbesondere die Lebensdauer von FKV
weiter zu verbessern, ist eine Modifikation der polymeren Matrix mit Nanopartikeln ein
vielversprechender Ansatz. Mit einer solchen Matrix-Modifikation wird eine dritte, nano-
skalige Phase zu dem Werkstoff, bestehend aus den Fasern und der diese umgebenden
Matrix, hinzugefiigt. Die Modifikation liefert zusédtzliche Schadensmechanismen die unter

mechanischer Last Energie verzehren und so den Schadensprozess beeinflussen.

Verschiedene Gruppen von Nanopartikeln weisen aufgrund ihrer Morphologie unterschied-
liche Schadensmechanismen auf der Mikro- und Nanoebene auf. In dieser Arbeit wird
der Einfluss einer Kohlenstoff-Nanopartikel Modifikation auf das Schadensverhalten und
die resultierenden mechanischen Eigenschaften von Epoxid-Matrix und FKV untersucht.
Die unterschiedlichen Partikelmorphologien werden im Hinblick auf ihr Potential fiir den
Einsatz in FKV miteinander verglichen. Da die Volumina zwischen den Fasern in FKV
sehr klein sind, liegt der Fokus auf der Untersuchung von Gréfeneffekten bei polyme-
ren Nanokompositen und der Betrachtung, wie lokale Mikroschiden an den Partikeln
die mechanischen Eigenschaften kleiner Volumina beeinflussen. Der Einfluss auf die me-
chanischen Eigenschaften wird anhand der energieverzehrenden Schadensmechanismen in
Abhéngigkeit von der Partikelmorphologie diskutiert. Rissinitiierung und unterschiedli-
che Schadensmechanismen an den Partikeln konnen dabei eindeutig identifiziert werden.
Fiir Partikel, die sich aus mehreren Lagen zusammensetzen, wie beispielsweise Few-Layer
Graphene (FLG), ist die Orientierung der Lagen in Bezug zur Lastrichtung entscheidend

fiir die Art der lokalen Schidigungsmechanismen und die mechanischen Eigenschaften.

Um ein besseres Verstandnis fiir den Einfluss einer FLG Modifikation in den einzelnen La-

gen von FKV Laminaten zu erlangen, wird ein spezifischer Modifizierungsansatz genutzt.
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Mittels einer Nanopartikelmodifikation der Matrix entweder in den 0° oder den 90°-Lagen
von Kreuzverbundlaminaten kann der Einfluss auf das Schadensverhalten und die mecha-
nischen Eigenschaften dezidiert analysiert werden. Eine Modifikation der 0°-Lagen fiihrte
dabei iiberraschenderweise zu einer Erhohung der quasi-statischen Zugfestigkeit, obwohl
diese von den Fasereigenschaften dominiert wird. Sowohl positive, riss-stoppende Eigen-
schaften, als auch nachteilige Effekte der Nanopartikelmodifikation, wie ein beschleunigtes
Delaminationswachstum, werden aufgezeigt und diskutiert. Die zusédtzlich in das Material
eingebrachte Moglichkeit von Mikroschédden dissipiert Energie und verdndert das Quer-
rissverhalten und kénnte somit die Initiierung und Ausbreitung von Zwischenfaserbriichen
verzogern. Durch den Energieverzehr infolge von Mikroschiden an den Partikeln und ver-
einzelte Mikrorisse anstelle von schnell wachsenden Rissen kénnten Spannungskonzentra-
tionen an freien Randern abgebaut werden, was zu einem weniger sproden Versagen fiihren

wiirde und damit einen der groken Nachteile von FKV ausgleicht.
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) g/m? Density
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Oth MPa Theoretical strength
T MPa Shear stress
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1 Introduction

Fibre reinforced polymers (FRP) are increasingly used in many industries due to their
high density-specific mechanical properties. For applications with high safety and reliabil-
ity requirements such as in the aerospace or wind energy sector, the increasing use of FRP
for structural parts requires detailed knowledge about failure initiation and propagation
within composite laminates. But internal damage in the composite or mechanical degra-
dation behaviour under cyclic loads is very difficult to forecast due to the complex failure
process of the material with different failure mechanisms. Failure initiates at defects in the
material either as cohesion failure in the matrix between the fibres or as adhesion failure
at the fibre matrix interface. Matrix cracks propagate between these two characteristic
failure types [1]. As internal damage in composites is difficult to monitor during opera-
tion, often costly and time consuming non-destructive testing methods are necessary to
evaluate damage in composite laminates [2-4]. Early stages of damage like matrix cracks
control the design in layers transverse to loading direction [5] and limit fatigue life of
composite laminates |6]. Although this type of inter-fibre failure (IFF) corresponds only
to a slight stiffness reduction in multi-directional laminates, it is critical as it promotes
more severe damage like delaminations and fibre failure. This leads to an oversizing of

composite parts and limits the full potential of the material.

For further improvement of FRP mechanical properties and increase of fatigue lifetime,
two different approaches among others are extensively discussed in literature. On the one
hand, reduction of composite ply thickness allows higher variability in stacking sequence
for similar part thickness and suppresses IFF, leading to improved fatigue behaviour [7].
On the other hand, a matrix modification with nanoparticles is a promising approach for
increasing fracture toughness and hence mechanical properties of polymers and FRP [8—
11]. With a combination of these two approaches, the disadvantages of one approach might
be equalised by the other. The fibre-matrix interfacial strength is often the limiting value
for crack initiation and a relief of interfacial stress by distributed damage at nanoparticles

could improve the resistance of FRP against cracking.



2 1 Introduction

The layer thickness and orientation in a laminate has significant influence on the mechan-
ical properties and damage mechanisms. Due to the high anisotropy of the material, that
is the dependency of mechanical properties of each layer on the fibre orientation, edge
effects occur with a changing layer orientation within a laminate. Due to the mismatch
of the elastic properties, a three-dimensional and in addition singular stress state occurs
at free edges (e.g. holes) between two adjacent layers of different fibre orientation [12].
These edge effects imply stress concentrations that can lead to premature damage, such
as inter-fibre fracture and delamination at free edges [13, 14]. Tow spreading methods,
developed in the last decade [15, 16|, allow production of thin-ply prepregs with a ply
thickness of less than 50 pm. Thin-ply laminates offer higher strength and fatigue re-
sistance when compared to laminates made of traditional prepregs |7, 17]. In general,
reducing the ply thickness of a laminate delays IFF and increases the strength, particu-
larly under tensile loads [5]. In addition, reduction of the ply thickness is a possibility to
minimise edge effects and thus to suppress premature damage at free edges [18]. For thin-
ply laminates, this damage suppression leads to high stress concentrations at free edges,
because stresses are not dissipated by early damage such as IFF or delamination, as is
the case in laminates with thicker plies. These high stress concentrations may result in
premature, brittle failure at the edges, e.g. a drilled hole [7]. Furthermore, the resistance
of thin-ply laminates against delamination at an impact event is inferior compared to
traditional thick-ply laminates [17, 19]. An open or filled hole is usually a design feature,
therefore free edges are often present in structural composite parts and compression af-
ter impact behaviour is a design criteria for aerospace applications. These disadvantages
of thin-ply laminates may hinder their use for safety and reliability relevant structural
parts. Detailed knowledge about the ply thickness dependence of mechanical properties
and damage mechanisms of composite laminates is thus of interest in order to evaluate
the potential of thin-ply laminates. The influence of ply thickness and stacking sequence
on the failure process and resulting mechanical properties for laminates containing stress
intensifications such as an open hole or impact damage under compressive loading is not
definitely clarified so far. With reduced ply thickness, different scaling related size effects

must be considered.

With a nanoparticle modification of the matrix a third, nanoscale phase is added to the
system consisting of fibres and the surrounding matrix. This modification provides addi-
tional damage mechanisms that dissipate energy during mechanical loading, hence influ-
encing the failure process. The influence of a nanoparticle modification on the mechanical
properties and damage behaviour of different types of polymers is widely investigated [8—

10, 20|. Regarding the influence of a matrix modification in FRP though, the mechanisms
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and resulting mechanical properties are not fully clear so far and topic of ongoing re-
search [11]. Different groups of nanoparticles exist, each of them exhibiting their own
damage mechanism at the nano- or micro-scale depending on the particle morphology. A
comparison of the different morphologies with regard to their application as FRP matrix
modification has not yet been done. In comparison to the question asked amongst others
by Zweben in 1994 "Is there a size effect in composites?" [21] the question that arises now
is that of a size effect in polymer nanocomposites and how microdamage at the particles
influence the mechanical properties such as failure stress in a small volume. So far, it is
not clear, whether the toughening mechanisms reported for nanocomposite bulk volumes
in literature [8-10, 20| are valid in small volumes. This is of particular interest for the use
of nanoparticles in FRP, because the matrix volume between the fibres in FRP is very

small.

A combination of a ply thickness reduction with a nanoparticle modification of the ma-
trix is a promising approach for further improvement of composite materials meeting
high requirements in structural parts. The additional microdamage introduced with the
nanoparticle modification dissipates energy, leading to a change in transverse cracking
behaviour and may thus hinder the initiation and propagation of IFF. With it, stress
concentrations at free edges could be reduced by distributed microdamage and localised
cracking instead of fast growing cracks, resulting in a less brittle failure behaviour and
hence counterbalancing one of the main disadvantages of thin-ply laminates. This is a
very complex approach and since for an investigation on the influence of a nanoparticle
modification in combination with ply-thickness effects materials are costly and testing
effort is time consuming, only the most promising combination of modification variants
should be considered. It is thus essential to investigate the respective effects separately in
a first step and deviate mechanisms contributing to the material behaviour. Hereby, the
most promising particle morphologies regarding FRP matrix modification should be eval-
uated. In addition, the effects of a modification in the respective layers of multi-directional
laminates with regard to damage processes in dependence of the load case are of inter-
est and have not yet been investigated. Despite their potential, usage of nanoparticles
in commercial products is rare [22|. A better understanding of the damage mechanisms
and the effect of a nanoparticle modification in FRP laminates may help finding possible

applications for this promising material.
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1.1 Aims and approach

The main goal of this thesis is to evaluate the potential of a matrix modification with
different types of carbon nanoparticles for improving mechanical properties and ductility
of FRP in general and thin-ply laminates in particular. The influence of layer thickness

related scaling effects and nanoparticle modification are regarded separately.

Regarding size effects of a layer thickness variation, high amount of research results are
available in literature for laminates with multiple fibre orientations and are compared
with experimental results. The general influence of layer thickness on transverse crack
initiation for the used material is investigated in tensile tests of cross-ply laminates. A
cross-ply laminate lay-up is used, because it is well suited and commonly used for analysing
transverse cracking and failure initiation behaviour in composites. A focus is set on an
experimental investigation on the influence of layer thickness and stacking sequence in
quasi-isotropic carbon fibre reinforced polymer (CFRP) laminates containing stress in-
tensifications under compression loading, because for this load case, partly inconsistent
results are reported. The aim is to identify and discuss the different effects that influence
the compression failure and the role the stacking sequence has on damage development
and the resulting compressive strength. In addition, the formation of fibre matrix debond-
ing and initiation of IFF is investigated micromechanically in a small experimental test
campaign with model composites. Model composites are used to reduce the total speci-
men volume in order to investigate the damage initiation and propagation in dependence

of the ply thickness selectively in a in small, defined volume.

According to the main goal, the focus in this thesis is set on the investigation of the
influence of nanoparticles with regard to size effects for their potential use in FRP. The
answer to the question of a size effect for polymer nanocomposites as well as a better un-
derstanding of the different mechanisms of microdamage at nanoparticles are objectives
in this context. The aim is further to investigate the influence of nanoparticle morphology
and filler content in polymer nanocomposites on the mechanical properties in small elon-
gated volumes, as they are present between the fibres in FRP. The influence on mechanical
properties is discussed comparing the different energy dissipating damage mechanisms at
the nanoparticles, in dependence of their respective morphology. The approach of using
small specimens has the advantage of very small fracture surfaces. Hence, crack initiation
and damage mechanisms at the different nanoparticles can be clearly identified, which is
very difficult in larger polymer nanocomposite specimens or FRP because of the complex
fracture surfaces [23]. In order to develop a better understanding of the effect and dam-

age mechanisms of a modification with graphene based nanoparticles in the respective
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layers of FRP laminates, a tailored modification approach is used. The aim is to identify
the effects of nanoparticle modification in FRP layers with fibres oriented parallel and

transverse to loading direction separately and in dependency of the load case.

The most promising nanoparticle morphology as well as conclusions on which layers of a
multi-directional laminate are the most promising to be modified for improving mechan-
ical properties can be used for future investigations on nanoparticle modified thin-ply

laminates in order to improve their failure behaviour.

The research questions derived from these aims are listed as follows:

e What are promising nanoparticle morphologies for improving mechanical properties
of FRP?

— Is there a size effect for polymer nanocomposites?

— How do nanoparticle morphology and filling content influence the mechanical

properties and failure behaviour of polymer matrices in small volumes?

e Is a tailored nanoparticle modification of only some layers in a composite laminate

promising for improving mechanical properties?

— How does a nanoparticle modification of the matrix in layers oriented par-
allel respectively perpendicular to loading direction influence the mechanical
properties of FRP?

— What is the influence of a nanoparticle modification on the damage process in

the different layers of cross-ply laminates under static and cyclic loading?

e How does layer thickness scaling influence the mechanical properties and damage

behaviour of FRP laminates?

— How does the transverse layer thickness in cross-ply laminates influence the

initiation and propagation of IFF?

— How does the layer thickness and stacking sequence influence the mechanical
properties and damage process of laminates containing stress intensifications

under compressive loading?

The thesis is structured in six chapters. The following chapter 2 provides the theoretical
background for this work in a literature overview on the size and scaling related effects
of FRP and the influence of nanoparticle modification on the mechanical properties of

polymers and FRP. The results obtained from the experiments, described in chapter 3,
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are presented in chapter 4 and discussed in the context of the theoretical background. In
chapter 5 the results are related to each other and put into a broader context and the
main conclusions from this thesis are deduced. Chapter 6 presents an outlook on the next

steps for continuation of research in this field.



2 Technological and scientific

background

Fibre reinforced polymers consist of two different materials, the stiff and strong fibres
and the surrounding matrix. The fibres are the load bearing component, while the matrix
introduces the load into the fibres, holds them in position and protects them from external
influences [24]. For continuous fibre reinforced polymers, typically used for structural
parts, the fibres are arranged parallel to each other to form a unidirectional (UD) ply.
Composite laminates or parts comprise usually of several of these plies. This way, the
fibre orientations within a laminate can be adapted with regard to the main loads via the
stacking sequence of the plies, which is one advantage of FRP for lightweight design. One

or more neighbouring plies with the same fibre orientation form a layer.

In thermosetting UD-prepregs, used for this thesis, the fibres are impregnated with an
epoxy matrix that is only partially cross-linked in a so called B-stage. As long as it is
stored at low temperatures (at about —18°C), further chemical cross-linking of the epoxy
system is suppressed, which preserves the processability [25]. Laminates are stacked from
defrosted UD-prepregs. Due to their good manufacturing quality and reproducibility
and the high achievable fibre volume content, prepregs are for example used in aircraft
industry [26]. During curing at elevated temperatures, the matrix cross-links and a consol-
idated, fully cross-linked composite is the result. Laminates from prepregs are commonly
cured in a vacuum bag within an autoclave (a heatable pressure vessel). The vacuum bag
minimises entrapped air and thus void content, while the temperature in the autoclave
can be set according to the curing profile of the used resin system and quasi hydrostatic
pressure on the laminate assures good consolidation and removes excess resin for achieving
the desired high fibre volume content [26].

Depending on the fibre orientation of the layers within a laminate with regard to loading
direction, they exhibit different types of intra-laminar damage. Furthermore, damage
in the form of cracks may propagate between two layers of different orientation. This

inter-laminar damage is referred to as delaminations. The damage mechanisms in FRP
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under different kinds of loading are presented shortly in the following chapter 2.1. The
subsequent chapter 2.2 summarises the effects of scaling and variation in the stacking
sequence of FRP on the mechanical properties. In chapter 2.3, a literature review on
the influence of a nanoparticle modification on the mechanical properties and damage

mechanisms of polymers and FRP is given.

2.1 Damage types in FRP laminates

In general, FRP exhibits brittle failure behaviour. The first damage type to usually
occur in FRP under loading is fibre-matrix debonding in layers oriented perpendicular
to loading direction at fibres with close inter-fibre distance [27, 28]. Due to the high
stiffness difference between fibres and matrix, stress concentrations at the interface lead
to an adhesive separation of the matrix from the fibre |29]. In addition, thermal residual
stresses after curing, resulting from the different coefficients of thermal expansion of fibre
and matrix, may act on the fibre-matrix interface and cause failure initiation by debonding
at the interface |30]. After initiation at local defects or flaws, the debonding grows in arc
direction of the fibre as well as along the fibre axis [31, 32]. In the debonded area, no
further load can be introduced from the matrix into the fibres. The interfacial normal
strength governs failure initiation in most composites [27] and for this reason a high

interfacial strength, resulting from a strong bonding of fibre and matrix, is desired.

If free edges are present, fibre-matrix debonding initiates at the free surface and propagates
into the material [33]. With increasing load, regions of fibre-matrix debonding coalesce and
form a transverse crack, referred to as IFF. Mostly, the interfacial strength is lower than
the failure strength of the matrix and because of the mentioned stress concentrations, I[FF
propagates through the thickness along debonded interfaces [1, 27, 28]. If the interfacial
strength is higher than the matrix strength, which can for example be achieved by a
modification of the interface [34], transverse cracks propagate as cohesive failure through
the matrix in thickness direction. Transverse cracking in a multi-directional laminate
leads to a small but measurable stiffness decrease. The first analytical models to describe
matrix cracking as first ply failure were presented by Dvorak and Laws [35], assuming

that IFF initiates from localised fibre-matrix debonding.

Transverse cracks propagating in thickness direction are arrested at the interface to a
neighbouring layer of different fibre orientation. This leads to a stress concentration at
the interface and if the external load is above the interlaminar interface strength, the

crack propagates as a delamination between the two layers (crack tip delamination).
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From a fracture mechanics point of view, the interlaminar crack propagation (delamina-
tion) type depends on the direction of external loading. Mode I crack propagation is due
to tension loading perpendicular to the fracture plane and mode II crack growth is due to
in-plane shear forces [36]. Under in-plane compression loading, delaminations are growing
due to a combination of normal (buckling) and shear stresses resulting in mode I dom-
inated behaviour, whereas in tension shear stresses dominate, which results in mode 1I

delamination growth.

In layers with fibre orientation parallel to loading direction, rupture of the load carrying
fibres initiates final failure when the external tensile load exceeds the tensile strength of
the fibres. As the fibres parallel to loading direction carry the main load, larger amount
of fibre failures leads to rupture and hence catastrophic failure of the composite. For
compression loading, the failure process of FRP is more complex. Due to the geometry of
the fibres, they tend to buckle locally and compression properties are often dominated by
the matrix, resulting in lower compressive than tensile strength [24]. The damage process

of CFRP under compression is described more in detail in the following chapter.

2.1.1 Behaviour of CFRP under compressive loading

The compressive strength is often a design limit of CFRP, as it is significantly lower than
the tensile strength. The first model for predicting compressive strength of composite
laminates was presented by Rosen [37]. He proposed that compressive failure initiates due
to fibre microbuckling and distinguished between two modes of microbuckling: in-phase
microbuckling (shear mode) for higher and out-of-phase microbuckling (extension mode)
for lower fibre volume fractions [37]. The in-phase microbuckling leads to the formation of
a kink-band with increasing load. This is similar to the compressive failure of other fibrous
materials like wood. Moran et al. [38] and Poulsen et al. [39] investigated the kinking
failure in spruce and compared the damage process with that of CFRP. They identified
three stages of compressive kinking. Incipient kinking as the first stage begins on a very
small scale and is characterised by localised plastic shearing and buckling of fibres. In the
following transient kinking stage, the localised incipient kinking areas grow and coalesce
to form a single dominant kink-band across the specimen. The last stage is steady state
kinking during which the kink-band broadens laterally [38, 39]. In CFRP, these three
stages occur as well in a similar process |38, 40|, but they are difficult to clearly identify
because of the brittle fracture within a very short amount of time. Incipient kinking

occurs when the matrix shear stress in fibre direction reaches a critical value [38].
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The analytical model of Budiansky et al. [41, 42| describes the initiation and propagation
of a kink-band with the orientation angle (3, the kink-band width w and the inclination
angle ® of the fibres. Initiation of kink-bands is facilitated at defects, e.g. voids [43,
44] or local fibre misalignment [45]. Gutkin et al. [46, 47] described the initiation of
microbuckling and the following kink-band as shear driven fibre failure with a distinct
shearing angle a. Figure 2.1 sums up the different failure mechanisms of FRP under

compressive loading with the nomenclature used in this thesis.

a)

Figure 2.1: Scheme showing the different mechanisms contributing to compressive fail-
ure of FRP: a) in-phase microbuckling, b) kink-band geometry, c¢) shear
failure.

2.1.2 Low velocity impact damage in CFRP

Impact events may occur during the lifetime of a composite part. The matrix is designed
with regard to high strength and stiffness of the part, which in the case of thermosetting
resins involves low ductility. Most composites are brittle and cannot absorb energy via
plastic deformation but only via elastic deformation and through damage mechanisms [48].
They are thus susceptible to damage resulting from low velocity impacts as they may occur
e.g. in the aircraft or mobility sector from dropped tools, runway stones, or hailstones.
An impact damage results in a stress intensification that is difficult to account for in the
design process. Impact damages may be barely visible at the surface of a CFRP laminate
but result in severe damage such as matrix cracking, fibre breakage, and delaminations.
The typical damage shape through the thickness of a multi-layer laminate (often referred
to as a "pine-tree damage shape") after a low velocity impact is shown schematically in
Figure 2.2. The damage increases with the thickness from the impact side to the back

side.

Regarding the damage process at a low velocity impact, matrix cracks are the first type of

damage to occur when the object hits the composite surface due to the induced bending
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Figure 2.2: Scheme showing damage in FRP after a low velocity impact with matrix
cracks, delaminations and fibre breakage.

load. These cracks grow and lead to delaminations between interfaces to layers with dif-
ferent fibre orientations. Interlaminar cracks propagate more easily along fibre direction
than transverse to it, leading to a lemniscate shape (or "peanut shape") of these delam-
inations, with the major axis oriented parallel to the fibres [49]. Fibre damage occurs
later in the fracture process than matrix cracking and delamination and at higher impact
energies. Fibre failure near the impact surface or under the impactor is due to locally
high stresses and indentation effects, whereas on the backside it is attributed to high
bending stresses [48]. The introduction of impact damage and compression after impact
(CAI) properties are often design limits [50, 51|, because impact damage significantly
reduces fatigue life of FRP [52, 53]. The reduction of fatigue life depends on the size of
the impact damage and the load level and is more pronounced with a compressive loading
part [53, 54| and for lower load levels [52]. Under tensile cyclic loading an impact damage

may have minor influence [54].

2.1.3 Fatigue behaviour of FRP

Understanding of failure behaviour under cyclic loading and an improvement of FRP fa-
tigue performance is of on-going interest in order to achieve higher efficiency and extended
in-service life. In laminates containing 90°-layers, IFF is the first damage mode |5, 55-57].
The fatigue degradation behaviour of multi-layered composites in general is driven by the
development of IFF in layers loaded by transverse tension and plane shear stresses. Due
to the crack opening under tension and crack sliding under shear, the residual as well as
load induced stresses are released locally and redistributed to adjacent layers. Depending
on layup and loading, the cracks are formed with crack tip delaminations, which may
grow during fatigue loading, leading to an additional release of residual stresses and the
separation of layers. Later, longitudinal cracks and fibre failure as a result of the preceded

damage processes leads to final failure and rupture [58, 59].
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Based on this behaviour, three phases of degradation are distinguished for fatigue dam-
age behaviour of multi-directional FRP laminates |59, 60]. Within the first cycles, the
degradation rises steeply due to transverse IFF formation and growth (phase I), before it
reaches an almost constant and comparatively slowly increasing damage level (phase IT).
This plateau can be attributed to saturation in number and following growth of IFF. At
the end of the lifetime, final failure is indicated by a steep increase in damage level (phase

I1I) until global failure due to delaminations and fibre fractures [59, 60].

The formation of IFF is critical especially under fatigue loading, as it reduces the stiffness
and induces more severe damage like delamination or fibre breakage and therefore limits
fatigue life [6, 61]. Macroscopically, all effects leading to a loss of residual stiffness, strength

and changes in Poisson‘s ratio are usually called fatigue degradation.

2.2 Size and scaling effects for fibre reinforced polymers

A size effect is present when the strength of a material increases with decreasing volume
(or in other words a decrease in strength with increasing volume) due to a statistical dis-
tribution of defects. Concerning defects, the principle of the weakest link that determines
the strength of a chain is applicable. With increasing number of links in a chain, the prob-
ability of having a weak link in the chain increases as well, therefore the strength tends to
decrease with increasing number of links. For a volume, the strength under uniform stress
is dominated by the largest defect. Since defects are randomly distributed, larger volumes
have a higher probability of containing larger defects and thus exhibit lower strength. In
general, brittle materials exhibit a size effect [62]. For infinite small volume, assuming
a defect free brittle material, the strength approaches the theoretical strength, which is
based on the separation of atomic bonds and thus the energy that is necessary to create
a new fracture surface [63]. When investigating matrix failure in FRP, size effects of the
material should be considered, because volumes between fibres are tiny. Size effects also
play an important role in the design and in the prediction of mechanical properties of
composite laminates or parts. Size effects are shown in literature to be present from a
large to a smaller scale, regarding on laminate level the total volume or the thickness of the
layers in a laminate [5, 64-67|, which gains increased importance since the development

of thin-ply prepregs for producing composite laminates |7].

Regarding the substituents, size effects in fibres were first documented by Leonardo da

Vinci for iron wires [68] and are shown to exist for different materials such as glass [62],
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carbon [69, 70|, acrylic [71] or epoxy [72, 73|. For fibre bundles, when the weakest individ-
ual fibre fails, the bundle as a whole does not fail due to redistribution of the load equally
among the other fibres [74]. In a composite, the surrounding fibres then carry more load

because of load transfer by the matrix [75, 76].

For polymer matrices, the microstructure and the stress state in the pure resin compared
to the same material as a matrix in a composite may differ [77], which has to be regarded
when comparing experimental data with finite element method (FEM) simulations and for
estimation of the local matrix strength in the small volume between the fibres [30]. Towse
et al. [72] found a correlation between defect size and failure strain for an epoxy adhesive.
In an investigation by Hobbiebrunken et al. [73], a size effect for the RTM 6 epoxy matrix
system was identified experimentally. By using dog-bone specimens and fibres of the same

material, increasing tensile strength with decreasing volume was found [73].

2.2.1 Size effect for the transverse tensile strength of FRP

First investigations about the size effect concerning the transverse strength of composites
were performed by Adams et al. |78|. In this study, a comparison was made between
flexural and tensile strengths, in which flexural tests always gave higher values. Further
investigations on this topic were made by O'Brien and Salpekar [79] who tested spec-
imens of different widths and different thicknesses in transverse fibre direction. Their
test results indicated that matrix dominated strength properties varied with the volume
of the material to be stressed, with strength decreasing as volume increased [79]. Both
groups |78, 79| used CFRP in their studies, whereas Wisnom and Jones [64] and Wis-
nom [80] also reported similar results for glass fibre reinforced polymer (GFRP). They
compared curved unidirectional beams with the in-plane transverse tensile strength. It
was concluded that the lower in-plane strength matched closely the value expected for a
much larger volume of material based on the Weibull parameters from the interlaminar
tests [64]. Mespoulet [81] compared transverse tensile strengths of carbon/epoxy with
different volumes at straight sided and doubly waisted specimens. It could be shown that
higher strength of doubly waisted specimens is due to smaller volume. However, it could
not be clearly carved out, whether a better surface finish on smaller specimens or the
size effect led to these results. O’Brien et al. [82] reported that the trend of decreasing
strength with increasing specimen width and hence increasing volume, which would be
anticipated from Weibull scaling law, was not clearly apparent in three and four point
bending tests. Nevertheless, for increasing span length and hence increasing volume, a

strength decrease was observed. But due to a significant panel-to-panel variability in this
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study, it could not be clearly figured out, whether the expected scaling was due to the

size effect or not [82].

These uncertainties led to the recent, co-authored investigation on the size effect of CFRP
transverse strength with a new test approach, carried out together with Liebig et al. [83].
In order to understand whether first failure strength corresponds to the true transverse
failure strength of the material, a second transverse tensile test was performed by using a
part of the specimen out of the already tested volume. This approach allowed to determine
the strength of the second failure and to investigate whether weakest link theory could be

applied or not and a size effect within a single specimen volume exists.

Figure 2.3 shows the transverse tensile strength R, for all tested specimens versus their
volume, which varies according to the different thickness (number of plies n) of the con-
figurations regarded. First failure of a specimen is indicated with open white symbols,
second failure strength is represented with filled black symbols. Strength values for second
failure are higher for nearly every specimen. The Weibull plot through the minimum val-
ues of each volume shows the size effect resulting from a statistical distribution of defects
that is according to Weibull’s theory of defect distribution [84]. The horizontal line at
86 MPa indicates the ultimate transverse tensile strength of the material for the tested
volumes, which results from the maximum interfacial strength of fibre and matrix. Except
for one value regarded as an outlier, all values for transverse tensile strength lie in the
range or within the ultimate value and that one dominated by the statistical distribution
of defects as a Weibull envelope curve. Thus it was shown, that first transverse failure
occurs at the most critical defect (weakest link) and second failure strength is higher
than first failure strength. The proposed test method provided a more accurate measure
of transverse tensile strength, which may be used along with the Weibull scaling law to
predict transverse strength in cross-ply laminates or for micromechanical modelling (for

further information see [83]).

2.2.2 Influence of layer thickness and stacking sequence under

tensile loading

For FRP, not only a volumetric size effect due to a statistical defect distribution, but also
scaling related effects are reported. Despite the fact, that thinner specimens or layers tend
to contain a smaller amount of manufacturing induced defects [85], the layer thickness
and stacking sequence have high influence on the mechanical properties of composites.

As discussed above, the transverse tensile strength is determined by the largest defect
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Figure 2.3: Transverse tensile strength of CFRP (M21/34%/UD194/T800S) in depen-
dency of specimen volume with Weibull plot [83].

within the volume under investigation. However, for transverse plies between layers of
different fibre orientation, the in situ effect, firstly introduced by Flaggs and Kural [86],
should be considered. The in situ effect describes the effect of higher transverse tensile
or shear strength of a composite ply, if supported by surrounding plies of different fibre
orientation, in comparison to the same ply in a UD laminate. The corresponding strength
of the transverse ply is called the in situ strength. The in situ strength increases with
decreasing ply thickness and with increasing stiffness of the surrounding layers |35, 86—
89]. Hence, the strength of a layer oriented transverse to loading direction depends on
its position within the laminate and by reducing the ply thickness, transverse cracking is

suppressed to a certain degree.

When regarding cross-ply laminate specimens or parts, cracks initiate at free edges, where
out-of-plane or interlaminar stresses occur [12, 90| and propagate inward through the
layers oriented perpendicular to loading direction. At transverse cracks, the stress is
zero whereas it reaches a maximum in the middle between two cracks, so that a stress
redistribution to the neighbouring layers takes place. With increasing load, additional
cracks occur at the location of the maximum stress and this process continues, until a
saturation is reached at which the maximum stress between two cracks is lower than the
transverse strength of the layer. In this case the minimum distance between two cracks is
reached [29]. The ply thickness has an effect on the crack initiation at free edges, described
by the free edge effect |13, 14]. The free edge effect describes, that at the interfaces between
two adjacent, dissimilar laminate plies in the vicinity of free laminate edges of pure cross-
ply layups, a three-dimensional and in addition singular stress state is developed. It
originates from the mismatch of elastic properties of the layers, especially by the difference

in effective Poisson’s ratios of the 0°- and 90°-layers [12]. With reduced ply thickness,
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peel stresses between two layers of different orientations decrease, which implies increased
resistance against delamination initiation and growth at the free edge [18]. However,
since stresses are not relaxed by initial damage growth due to the hindering of cracking or
delamination damage, stress concentrations at free edges are not reduced for decreasing

ply thickness, leading to a higher notch sensitivity of thin-ply laminates |7, 17, 91-93|.

The 90°-ply thickness of a laminate influences the strain at damage onset and the crack
propagation within the laminate. Experimental investigations by Parvizi et al. [5, 56|
showed that transverse cracking in the 90°-layer of GFRP cross-ply laminates is con-
strained at an inner 90°-ply thickness below 0.4 mm and completely suppressed at 90°-ply
thickness below 0.1 mm [5]. Additionally, by varying the ply thickness a change in the
propagation of edge cracks is observed, with slowly propagating cracks (slow crack growth)
for thinner plies and nearly instantaneous cracks through the width (fast crack growth)
for thicker plies |5|. When cracks grow fast through the width, the stress is reduced,
which is not fully the case for a low crack growth rate. This leads to the formation of
new cracks in thinner plies [56, 57, 88, 94]. Thus, the crack distance is also a function
of the ply thickness [5]. Other studies also reported a higher stress at the onset of IFF
with decreasing ply thickness. The crack suppression effect for decreasing ply thickness is
explained by a decrease of energy release rate at the crack tip due to the close proximity of
the stiff 0°-layer [95]. Damage onset and development in 90°-layers of cross-ply laminates
in dependence of layer thickness and position within the laminate is analysed by means
of acoustic emission (AE) analysis by Baker et al. [96]. They found, that the stress for
matrix cracking depends on the ply thickness, its location (internal or surface) and on
the fibre orientation of the adjacent plies. Thicker 90°-layers and 90° surface plies tend

to have the lowest stresses for cracking initiation within a laminate [96].

With the development of thin-ply laminates by tow spreading techniques [7, 15, 16, 97|
lower ply thicknesses in laminates can be achieved. Reduced ply thickness offers increased
freedom in design for a given part thickness by larger variants in stacking sequence with
regard to external loading. The improved design options with the reduced thickness make
thin-ply laminates also promising candidates for multi-material composites for achieving
pseudo-ductile behaviour such as combined GFRP-CFRP [98] or metal-FRP combina-
tions [99].

Experimental results for CFRP thin-ply laminates with a ply thickness of less than 50 pm
show great potential in the suppression of IFF. Reducing the ply thickness leads to a delay
in the onset of damage to higher tensile loads |7, 17, 95, 100, 101]. Saito et al. investigated

crack initiation and propagation in CFRP cross-ply laminates experimentally [95] and
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with numerical simulation [100] and reported, that cracks run completely through the
thickness after initial failure at the fibre matrix interface for conventional prepreg plies.
For thin-plies, cracks initiate in the middle but crack propagation is constrained and
stress is transferred to the neighbouring layers resulting in a crack propagation through
the thickness at higher strains compared to the thicker plies [95, 100]. The damage
propagation is significantly reduced in both width and thickness direction with decreasing
the ply thickness [5, 7, 95, 100]. Yuan et al. [102] recently presented a failure diagram, in
which the failure modes of transverse matrix failure, delamination and fibre breakage are
shown as a function of ply thickness, with fibre breakage being the only failure mode for
thin-ply laminates. They faced issues of a reduced fibre volume content with decreased ply
thickness and thus a competing mechanism on resulting laminate strength. For optimum
mechanical properties, fibre volume content should be kept constant with decreasing ply
thickness [102]. The suppression of matrix cracking leads to improved fatigue life in the
tension-tension regime of thin-ply laminates |7, 17| or non-crimp fabrics (NCF) laminates

made of spread tows [103].

For quasi-isotropic (QI) laminates, two common approaches for stacking of the different
layers from single plies exist. In a sublaminate scaling, plies with varying fibre orienta-
tions are stacked on each other, forming a sub-laminate that is then repeated to half of
the desired laminate thickness. The resulting stacking sequence is then mirrored at the
neutral plane, thus forming a symmetric laminate. In the ply block scaling approach,
plies of the same fibre orientation are grouped to one thicker layer, forming a sublaminate
with increased layer thickness that is then mirrored at the neutral plane for symmetry.
Laminates containing layers of blocked thin plies behave similar in unnotched tension
(UNT) and open-hole tension (OHT) tests compared to sublaminate scaled laminates of
thick plies, as long as the layer thickness is equivalent [17|. These two approaches for
stacking sequence are compared in this thesis with regard to their notch sensitivity at

stress intensifications under compression loading (chapter 4.4).

In Figure 2.4 values from literature showing the influence of layer thickness on UNT
strength for QI laminates are given. Values for inner 0°-layers and outer 0°-layers are
represented by filled symbols and open symbols, respectively. As expected, the 0°-layer
position has no influence on the behaviour in tension. Experimental results from tensile
tests with QI specimens manufactured similar as described in chapter 3.2.2 and tested
according to DIN EN ISO 527-4 [104] are given for comparison. As shown in the diagram,
a clear trend of increased tensile strength for thinner layers (sublaminate scaling) in

comparison to ply-block scaled thick layers is reported [7, 17, 105-107]. The diagram
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shows also, that absolute values strongly depend on fibre type and manufacturing quality,

visible in the large strength range for similar ply thickness.
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Figure 2.4:

2.2.3 Influence of layer thickness and stacking sequence under

compression loading and impact damage

The laminate properties and stacking sequence play an important role in damage initia-
tion and propagation and the resulting mechanical properties under compression loading.
For composite laminates in general, size effects with regard to scaling of the specimens
on one hand and thickness of the constitutive plies on the other hand should be consid-
ered [108]. Soutis [109] and Lee and Soutis [65, 110] investigated the influence of speci-
men and layer thickness on the strength and failure behaviour for unnotched compression
(UNC) [65, 109] and open-hole compression (OHC) [110, 111] load cases. They compared
the compression behaviour of open-hole specimens with that under tensile loading and
found a strength increase with decreasing dimensions or layer thickness [106]. Arteiro et
al. [112] showed with micromechanical modelling and FEM simulation, that the in-situ
effect known in tension [86] exists as well under compression loading: They reported a
higher ply strength with decreasing ply thickness and with increasing the stiffness of the

surrounding layers [112]. These ply thickness effects become more and more important
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with the possibilities of the thin-ply technology. The damage mechanisms for standard
and thin-ply laminates with regard to ply thickness and stacking sequence effects under

compression are not yet fully clear [7, 17| and require further research.

Figure 2.5 shows values from literature for UNC strength for QI laminates with varying
layer thickness and stacking sequence. Values for inner (0°-layers and outer 0°-layers are
represented by filled symbols and open symbols, respectively. Values from the experimen-
tal investigation (refer to chapter 4.4) are given for comparison. With decreasing layer

thickness, the compressive strength increases.
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Figure 2.5: Influence of layer thickness on unnotched compressive strength of quasi-
isotropic CFRP (values from [65, 66, 105, 110]).

The influence of stress intensifications induced by holes, notches or barely visible impact
damage is critical for composite laminates in many applications. At holes or the edges of
a laminate, the free edge effect must be considered [13, 14]. Due to high peel stresses, de-
laminations between two layers initiate at the edges (resulting from a mathematical stress
singularity [12]). With decreasing ply thickness, a suppression of these edge delaminations
is reported [18]. Under compression, fibre microbuckling initiates at the hole boundary
followed by delamination and formation of a kink-band [113|. At free edges, compression
failure is hence partly a result of delamination growth. With increasing hole diameter /
specimen width ratio, compressive strength decreases [65, 110, 111, 114|. The OHC failure
process depends on the interlaminar toughness. A high interlaminar toughness leads to
a short crack rest after being initiated at the hole before brittle failure occurs, whereas a

weaker interlaminar interface results in sudden failure [115]. Wang et al. [116] compared
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experimental results for open-hole tension and compression to predictions of a numerical
FEM analysis and pointed out, that the compressive strength of a lay-up with subsurface
0°-plies is higher than that of a UD lay-up due to higher stability of the load bearing
fibres [116]. Thus, stacking sequence and optimum support of the 0°-layers carrying the

highest load share is critical.

Stacking sequence and scaling of the constitutive layers have also an influence on resistance
against impact damage [19, 49, 117-120]. By using the concept of sublaminate and ply-
block scaling and by varying the number of layers Guynn and O’Brien [49] showed, that
thick laminates exhibit higher CAI failure strains than thin laminates if impacted at the
same energy per unit thickness [49]. Fuoss et al. developed guidelines to improve impact
resistance of composite laminates via a parametric study [117] and an analytical prediction
method [121] and pointed out, that ply grouping (blocking) and stacking of adjacent plies

with orientation angles < 45° should be avoided.

A comparison between ply-block scaled and sublaminate scaled laminates reveals that the
increase of interfaces available for delamination in the distributed plies of sublaminate
scaled laminates results in more, but less large delaminations. Furthermore, the delami-
nation size is a function of the interface position through the laminate [49]. If the number
of interfaces available for delamination is reduced, larger delaminations occur [18, 49].
This might be beneficial for thin-ply laminates with distributed plies, because of the high
number of interfaces. However, impact tests with different types of thin-ply laminates
exhibit equal |7] or larger [17, 19| delamination areas after impact with decreasing ply
thickness. CAI strength is slightly improved with a significant decrease in ply thick-
ness [19, 105, with the delamination being less severe [7, 122]. But due to their resistance
against matrix cracking and delamination, thin-ply laminates or spread tow NCF are more

prone to fibre failure at an impact event [122, 123|.

Delamination size is critical under compression, because the constitutive layers are not
supported at the delaminated areas. Fractography investigations from Greenhalgh et
al. [124] about delamination growth and migration revealed that migration between dif-
ferent interfaces is important, as it is the slower propagating mechanisms, resulting in
a smaller projected damage area. When delamination driving force direction and fibre
orientation of the adjacent layer are in the same axis this results in fast delamination
growth with larger damage areas [124|. In compression, delamination growth is facili-
tated at interfaces with plies transverse to the loading direction, thus the 90°-layers are

most critical for delamination propagation.
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As can be seen in Figure 2.6, where results from literature for OHC strength are grouped
according to the stacking sequence, the position of the 0°-layers has a major influence in
relation to the layer thickness. Values for inner 0°-layers are represented by filled symbols,
those for outer 0°-layers with open symbols in the diagram. For outer 0°-layers, the OHC
strength increases with decreasing ply thickness, similar to the UNC behaviour (refer
to Figure 2.5), whereas for inner 0°-layers, this is only valid for thin-ply laminates [17|
and for thicker layers, the contrary is the case [110]. This motivates the more detailed
investigation on the influence of layer thickness and stacking sequence with regard to
notch sensitivity under compressive loading, presented in chapter 4.4. The experimental
values obtained from this investigation are given for comparison in the diagram and show

the same trend as observed in literature.
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Figure 2.6: Influence of layer thickness on open-hole compressive strength of quasi-
isotropic CFRP (values from [17, 65, 105, 110]).

2.3 Matrix modification with nanoparticles

The different allotropes of carbon are shown in Figure 2.7. Graphene consists of a single
atomic layer of sp2-hybridised carbon atoms that are arranged in a honeycomb structure
(thickness ~ 0.35nm). It is a 2D material with unique physical propertied but very
difficult to obtain in its single layer form [125, 126|. All graphitic forms of carbon are
stacked from graphene layers [8]. Three different nanoparticle types are most commonly
used for modification of polymers or FRP matrices. Namely, these are fullerene [127] or

other globular particles like carbon black (CB), carbon nanotubes (CNT) and graphene
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based particles, such as graphite, few layer graphene (FLG) or graphene nano-platelets
(GNP). FLG and GNP consist of several graphene layers, with a higher amount of layers
for GNP, stacked together with the covalent bonds between the carbon atoms in plane
and Van-der-Waals bonds between the layers. CNTs are further divided into single-walled
CNT (SWCNT), consisting of just one layer of graphene rolled up to a tube and multi-
walled CNT (MWCNT) with several graphene layers forming the walls of the tube.

B Y e oo

w TP -

Graphite Carbon fiber

Amorphous carbon

Figure 2.7: Allotropes of Carbon [128§].

2.3.1 Mechanical properties of polymer nanocomposites

For improving mechanical properties of polymers, various filler materials have been used,
such as silica nanoparticles [129], aluminium nanoparticles [130], nanoclays [131, 132] and
a wide range of carbon nanoparticles. A combination of different nanoparticle types, such
as MWCNT with mineral fillers, is also a promising approach for improving electrical,
thermal or thermo-mechanical properties, as shown in a recent, co-authored investigation
with Backes et al. [133]. Besides the filler material itself, the size, morphology, volume
fraction and dispersion of the particles have an influence on the resulting properties of the
nanocomposites [9, 134]. Singh et al. [130] investigated the influence of particle size and
volume fraction in a thermosetting polyester matrix modified with micro- and nanometer-
sized aluminium particles and reported that for a given particle size, the fracture toughness
increased with the volume fraction and that toughness increase is significantly greater for
smaller particles [130]. Liu et al. [131] showed that the fracture toughness of epoxy/clay
nanocomposites increased with increasing clay concentration and analysed toughening
mechanisms such as shear yielding, debonding and crack deflection |131]. Another im-
portant factor is functionalisation of the nanoparticles for improving the particle-matrix

adhesion, dispersion and thus the mechanical properties [20, 135-138].

Concerning the morphology of nanoparticle reinforcements, no consistent categorisation
is established up to now. Schadler et al. [139] and Marouf et al. [10] classified nano-fillers
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in three categories, based on their dimensions on nanoscale, with cubic silica and rubber
particles as 3-dimensional (3D), nanotubes as 2-dimensional (2D) and nanoplatelets as
1-dimensional (1D) reinforcement. In contrast, here a nomenclature after Tang et al. [11]
is used that defines spherical nanoparticles as 0D, because they can be regarded as a
point, with surface area and thus interfacial volume being much smaller compared to
tubes or plates of the same volume. Linear particles such as nanotubes are regarded as
1D and planar particles, e.g. graphene or layered structures, as 2D, corresponding to their
orientation within a volume [9, 11]. This categorisation is presented in Figure 2.8. Three-
dimensional (3D) particles refer to graphite with a high amount of stacked layers [140]
or more complex structures such as Aerographite [141, 142] or nano-foams, but these are

not regarded within this thesis.

0D 1D 2D 3D
e.g. Carbon Black e.g. Carbon Nanotubes e.g. Few-Layer-Graphene ||e.g. Aerographite / Graphite

(CB) (CNT) (FLG)
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0

Figure 2.8: Classification of different types of carbon nanoparticles.

The influence of different types of carbon nanoparticles on the mechanical properties
of polymers and FRP has been widely investigated by many research groups. Polymer
nanocomposites based on spherical carbon nanoparticles such as carbon black were inves-
tigated previously with regard to electrical percolation [143, 144| or fracture toughness
of nanoparticle modified polymer [135, 144] and FRP [145]. Although no significant
improvement in tensile strength is observed for a matrix modification with CB, tensile
modulus and fracture toughness are significantly improved, achieving similar fracture
toughness values as a modification with MWCNT [135]. An increase in polymer matrix
fracture toughness due to incorporation of CB nanoparticles is reported as well by Zhang
et al. [144].

Since the rediscovery and popularisation of CNT in the 1990s [146, 147|, impressive in-
crease in mechanical properties is reported for CNT modified polymers or FRP [9, 20, 135,
136, 145, 148-151|. Different energy dissipating and thus toughness increasing mechanisms
at the CNT are identified. Among these mechanisms are nanotube pull-out, nanoparticle-
matrix debonding and nanotube breakage [135, 151, 152]. Nanotube pull-out may result
in crack bridging of nanotubes [135, 149, 151, 153]. For double- or multi-walled CNT
a shearing of the layers is reported as an additional failure mechanism (sword-in-sheath
failure) [135, 154]. The importance of CNT dispersion, length and aggregate size on the

mechanical and electrical properties of polymer nanocomposites was experimentally inves-
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tigated by Bai and Allaoui [155], who pointed out that in case of a random orientation of
nanotubes, high concentrations are not helpful [155|. The importance of MWCNT dimen-
sions and dispersion quality was demonstrated by Zhang et al. [153|, who reported that
longer MWCNTSs with small diameters (higher aspect ratios) achieved the best results for
a reduction of fatigue crack growth [153].

Increasing interest is set on graphene nanoparticles after the pioneering work of Novoselov
and Geim et al. [125, 126], leading to the EU "Graphene Flagship" research program.
Graphene based, layered particles exhibit high potential for improving mechanical prop-
erties |9, 134, 137, 156-160]. The addition of small amounts of graphite nanoplatelets
or graphene-oxide increases the fracture toughness of epoxy significantly by 25 % respec-
tively 40 % [156]. "Enhanced mechanical properties" such as Young’s modulus, tensile
strength and fracture toughness due to the addition of graphene nanoplatelets in epoxy
even at low nanofiller content are reported by Rafiee et al. [157]. The graphene platelets
performed better than carbon nanotubes. Also, higher resistance of epoxy to fatigue crack

growth with a graphene modification was shown [157, 158§].

The fracture toughness and hence strength increase is explained with stress relief due to
micro-damage at the nanoparticles. Different energy dissipating damage mechanisms at
the nano- or micro-scale are proposed. At the particles itself, graphene layer separation,
layer shearing and plastic yielding of the matrix that results in plastic voids are reported [9,
23, 156]. These mechanisms were already suggested for other layered particles such as
silicas [161]. Furthermore, crack pinning and bifurcation, crack deflection as well as crack
propagation at different heights at the graphene nanoparticles hinders crack propagation,
thereby increasing the fracture toughness [156]. Detailed summaries on the toughening
mechanisms for differently shaped nano- or microparticles are given by Quaresimin et
al. [9] and by Marouf et al. [10].

An analytical approach regarding the role of length and cross-sectional shape of fillers on
strength and toughness of nanocomposites was presented by Greenfeld and Wagner [162].
Whether pull-out failure or breakage of a nanoparticle occurs, depends on the critical
length [.. If the particle length is higher than [., the particle will rather break, whereas
for a length smaller than [, a pull-out failure is more probable [163]. For optimum rein-
forcement regarding energy dissipation, nanoparticle length should be close to but below
the critical length. The surface area of the nanoparticle in contact with the surrounding
polymer is important for stress transfer and larger for hollow tubes than for solid parti-
cles like short fibres. Comparing thin walled CNT and thin flat particles like graphene,
the latter have half the critical length due to the double sided bonding [162]. Liu and
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Brinson [164] determined the influence of particle orientation by comparing the rein-
forcing efficiency. They conclude, that nanoplatelets achieve better reinforcement in the
case of random orientation, but nanotubes can generate a larger amount of interphase.
With their analytical results, they motivate further experimental comparisons of different

nanoparticles in the same polymer matrix [164].

Recently, Nadiv et al. [140] investigated the influence of nanoparticle dimension on me-
chanical and electrical properties as well as rheological behaviour and defined an optimum
nanoparticle concentration for the three filler types investigated, namely CN'T, GNP and
graphite (shown in Figure 2.9). They concluded, that CNT are best suited for multi-
functional composites because of their low percolation threshold, while GNP are the best
choice for hierarchical composites like modified FRP due to the better processability and
broader range of optimum concentration regarding a reinforcement in mechanical proper-
ties |[140]. However, the influence of nanoparticle dispersion, which has a high influence
on mechanical [134, 148, 150, 153, 165| as well as electrical properties [134, 138] and rhe-
ological behaviour of nanocomposites, is not regarded in the results and in the context of

an optimum concentration.
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Figure 2.9: Relative fracture toughness and relative viscosity as a function of CN'T,
GNP and graphite concentrations. The optimum nanoparticle concentra-
tion for each filler is denoted by a star [140].

By FEM simulation, the influence of graphene nanoparticle shape, orientation, aspect ra-
tio, filling content and clustering on the strength and stiffness of epoxy is investigated by
Dai and Mishnaevsky [166]. As can be seen in Figure 2.10, the highest values for strength

and stiffness are achieved, if the particles are oriented parallel to loading direction. For



26 2 Technological and scientific background

a random orientation, the load direction has no significant influence whereas the lowest
strength and stiffness values are reported for a loading transverse to oriented particles.
Furthermore it was found, that the Young’s modulus of nanocomposites increases with
increasing aspect ratio, volume content and particle-matrix interfacial strength, whereas
it decreases with a higher degree of clustering. The tensile strength follows similar ten-
dencies, except for the aspect ratio and clustering degree, where the opposite effects were
reported [166].
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Figure 2.10: Simulation results for stress-strain relationship for nano-composites with
aligned and random graphene reinforcement [166].

For multifunctional materials, the requirements for nanoparticles to improve both mechan-
ical and electrical properties may be opposing. For example, the highest enhancement
of fracture toughness is achieved with an exfoliation method and individual CN'Ts in the
matrix [150], but for electrical conductivity, networks with CNT being in contact with
each other are preferable to obtain electrical conductive paths. A trade-off may thus be

necessary when designing multifunctional composites.

Values from literature showing the influence of different types of carbon nanoparticles on
the fracture toughness of thermosetting polymers are summarised in Figure 2.11. For all
fillers an increase in fracture toughness is reported, if the filling content is high enough.
Experimental values from single edge notch bending (SENB) tests, performed according
to ASTM D 5045 [167], for two different types of SWCNT (OCSiAl Tuball (75%) and
Tuball (purified)) and for FLG (AvanGraphene-2) are given for comparison. The experi-
mental values exhibit the same trends as reported in literature with the highest fracture
toughness increase (+ 60 %) for FLG at 0.05 wt.%. Compared to the literature, this is the
highest value of Kj. increase reported so far for this comparable low filling content, hinting

to a very good dispersion. The diagram shows the potential of carbon nanoparticles for
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toughness improvement. The used FLG and the Tuball (75%) SWCNT are the respec-
tive type of particles also used for the further investigations as described in 3.1. Up to
now, only bulk volumes are investigated in SENB tests with cuboid specimen geometries.
However, for modification of FRP, it is of particular interest to identify whether or not
a size effect for nanoparticle modified matrix exist. Since the volumes between fibres in
FRP are tiny, an understanding of the damage mechanisms in small volumes is necessary.

These issues are clarified in chapter 4.5.
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Figure 2.11: Normalised fracture toughness of polymer nanocomposites over nanopar-
ticle filling content for different types of carbon nanoparticles (values
from [134, 135, 149-151, 156-159, 168-173]).

2.3.2 Influence of nanoparticle modification on the mechanical

properties of FRP

The beneficial influence of a nanoparticle modification on mechanical properties, especially
fracture toughness, of polymers makes them promising candidates for improving FRP
with regard to a more damage tolerant behaviour. Compared to the huge amount of
literature available on nano-composites based on carbon nanoparticles (e.g. summarised
in reviews [9, 10]), only few investigations have been carried out on the influence of
nanoparticles on the damage behaviour of FRP, with most of them focusing on silica or

nanoclays [11].
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Some of these studies investigate the influence of nanoparticles on the fibre-matrix-bond
with the aim to improve the interfacial strength. Liu et al. [174] achieved enhanced in-
terfacial adhesion and improved mechanical properties of the matrix when modified with
silica nanoparticles in single fibre fragmentation tests. In transverse fibre bundle tests
with nano-silica modified epoxy, no significant effect on fibre-matrix interfacial debonding
but reduced stress concentrations from thermal residual stresses were reported [175]. Re-
sults from Tian et al. [176] obtained with micro-droplet, transverse fibre bundle tension
and short-beam shear tests indicate, that silica nanoparticles did improve the interfa-
cial properties between carbon fibre and epoxy effectively. This is attributed to a higher

energy dissipation and more efficient stress transfer during fracture [176].

The positive influence of nanoparticles on fracture toughness is especially applicable in
FRP for load cases where damage initiation and propagation is critical like impact dam-
age and CAI behaviour. Increased resistance against impact damage, visible in a smaller
delamination area after impact, and increased CAI strength are reported for CFRP
and GFRP for a modification of the epoxy matrix with thermally reduced graphene-
oxide [177]. A MWCNT modification of CFRP also increases the CAI strength, although
a reduction of delamination area is only visible for impact energies higher than 15J [178].
It should be noted, that matrix particle toughening with thermoplastic particles shows
similar behaviour and suppresses delamination growth, leading to increased CAI failure
stress [179)].

Regarding mechanical properties under static loading, the influence of nanoparticles on
tensile strength and stiffness is small [53]. But the combination of a MWCNT matrix
modification with thin-ply technology leads to improved tensile strength as well as re-
sistance against material degradation by a space environment [180]. FRP compressive
strength increases with graphene-oxide and pristine graphene matrix modification that

also improves the thermal conductivity [181].

In FLG and MWCNT modified CFRP, the stress relieving mechanisms at the nanoparti-
cles increase the fatigue lifetime in the tension-tension regime [23|. The improvement is
higher with increased load level and slightly higher for a FL.G modification compared to
MWCNT. The nanoparticle modification shifts the fatigue degradation to a lower level
within phase I and II. The onset of phase IT however is not clearly delayed towards a
higher number of loading cycles |23], as it is reported by Manjunatha et al. [182] for silica
nanoparticle modified GFRP. In the tension-compression regime however, a FLG modifi-
cation is detrimental to fatigue lifetime, which is explained with lower mode I interlaminar

fracture toughness Gp. due to the modification [183, 184|. Fractography analysis of the
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tested laminates indicates different types of microdamage at the FLG nanoparticles, but
due to the complex crack geometry and large fracture surface, single damage mechanisms
are hard to identify in composites [23]. Therefore, an approach of using fibres as spec-
imens for the investigation of very small volumes and thus smaller fracture surfaces is
executed within this thesis (refer to chapter 4.5). Yavari et al. [185] reported increased
fatigue life of interwoven GFRP due to an incorporation of GNP and different types of
nanotubes under flexural bending. This is attributed to the graphene network toughen-
ing the fibre-matrix interface and preventing delamination or buckling of the glass fibres
under compressive stress. Again, the effect is more pronounced for higher load levels and
slightly higher for GNP compared to MWCNT [185]. With an interlayer modification,
the interlayer fatigue crack growth resistance may exceed the intralayer crack growth re-
sistance, resulting in the crack propagating through the fibre rich areas instead of the
interface between two layers, as shown for a CFRP interlayer toughening with PA12 par-
ticles [186]. For 3D numerical simulations of fatigue damage of multiscale fibre reinforced
polymer composites with secondary nano-clay reinforcement, higher damage resistance
in the compression-compression regime is reported [187|. Simulation cases with particles
localised in the fibre sizing exhibit higher lifetime and damage resistance than those with
particles dispersed throughout the matrix. Furthermore, crack bridging by nanoparticles
was observed mainly for randomly oriented nanoplatelets in the models. However, as only
a small unidirectional fibre arrangement is modelled [187], the influence of delamination
between different layers and hence the material resistance against buckling of complete

layers, which is critical for compression loading cases, are not considered.

Several investigations on the influence of a nanoparticle matrix modification concentrate
on interlaminar (delamination) crack growth [183, 188-190], but inconsistent results are
reported regarding the influence of graphene based nanoparticles on the interlaminar frac-
ture toughness of FRP under mode I and mode II loading in double cantilever beam (DCB)
and end-notch flexure (ENF) tests. Ahmadi-Moghadam et al. [190] reported an increase
in crack initiation resistance (onset) but a decrease in propagation fracture toughness for
GFRP modified with 0.5 wt.% GNP (25 pm lateral dimension) under mode I loading.
Mode III interlaminar toughness was in the range of the unmodified GFRP. For mode
IT loading, a slight reduction in fracture toughness (onset) is reported, which is explained
with lower matrix fracture toughness with GNP modification under mode II [190, 191].
However, no investigation on failure mechanisms under mode II and mode III loading,
e.g. by SEM, is carried out and the findings are only explained with the mechanisms
observed in mode I. The decrease of mode II interlaminar toughness is contradictory to

the findings from Kostagiannakopoulou et al. [189], who presented an increase in both
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mode I and mode IT energy release rate of CFRP by modifying the matrix with 0.5 wt.%
and 1.0 wt.% GNP (5pum lateral dimension). For slightly smaller GNP particles (1 pm
to 2 pm lateral dimension) at 0.5 wt.% filling content, they report an increase in mode I
fracture toughness of CFRP as well [188]. In a previous experimental investigation with
the same material and production method used in this work, an influence of size and
orientation of FLG particles (5pm to 25 pm lateral dimension) at 0.3 wt.% filling con-
tent on the delamination surface roughness respectively on the energy release rate during
delamination crack propagation was found that depends on the mode. For mode I, a de-
crease of Gy, is observed, whereas mode II interlaminar fracture toughness Gy increases
by 68 % [183, 184].

Differences between mode I and mode II efficiency with regard to interlayer toughening
are also reported for layered silicate [192]. Over 100 % improvement of Gy was measured
and explained with the high aspect ratio of the nano-additive that helps to constrain
the growth of the micro-cracks and delays failure. Mode I (G}.) performance decreases
however, as a result of the fibre tows preventing optimum dispersion of the modifier,
leading to a high clay concentration in the resin rich interlayer region, which results in

promotion of the propagating crack rather than inhibition [192].

When comparing these findings, the particle size plays a crucial role for toughening.
Furthermore, nanoparticle dispersion [148] and the degree of filling may have an additional
influence. High filling content may reduce the toughness of polymers [156] and to some
extent also of FRP. Surface modification to achieve better bond between matrix and
nanoparticles may also be beneficial with regard to fracture toughness [137, 171, 190] but

its investigation is beyond the scope of this work.

Up to now it has not been clarified, how the local damage mechanisms reported for
nanoparticles in bulk polymers |9, 156] act in the small volumes between the fibres and
influence the damage behaviour in the differently oriented layers of FRP. These issues
are considered by the experimental investigation in chapters 4.5 and 4.6. The differences
regarding the effect of nanoparticle modification on interlaminar crack propagation will

be addressed with a theoretical concept explaining the differences in chapter 4.6.3.
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In this chapter, the materials, specimen preparation, and the experimental test set-ups
are introduced. In order to assure representativeness and reproducibility of test results,
manufacturing quality is controlled by various methods during specimen preparation. Dif-
ferent non-destructive testing (NDT) methods are used during mechanical testing in order
to gain insight on the damage process with increasing loading. Failure mechanisms are
analysed by fractography in light microscopy and scanning electron microscopy (SEM).
Full traceability is given by specimen planning and documentation throughout the man-

ufacturing and testing process.

3.1 Materials

The different types of carbon-nanoparticles used are listed in Table 3.1. Classification
of the nanoparticles is according to Figure 2.8. Dimensions are given considering the
morphology of the particles: for the SWCNT diameter d and length [, for FLG width w
and thickness ¢ and for CB the BET surface area (after Brunauer, Emmett, Teller [193]).

Table 3.1: Types of carbon nanoparticles used in this investigation (values from the
respective data sheets).

Category \ Type \ Name \ Supplier \ Dimensions
0D CB Printex 300 Evonik industries, | BET surface area
Germany =80m?/g

1D CNT | Tuball (75%) OCSiAl, Russia [ >5um
d <1.9nm

2D FLG | AvanGraphene-2 | Avanzare, Spain S5pm < w < 25 um
t < 2nm
n; < 6 layers

For manufacturing epoxy fibres and model composites as described in the following, the
resin Momentive Epikote RIMR 135 with the hardener Momentive Epikure RIMH 134
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for the fibres and RIMH 137 for the model composite is used as matrix system (density
p = (1.13 to 1.17) g/m?). It is an epoxy matrix system with an amine hardener and has
a glass transition temperature of T, = 93°C. The epoxy equivalent for RIMR 135 is
166-185 g/equivalent and the average amine equivalent for RIMH 134 /137 is 52 according
to the manufacturer. The components are mixed in a ratio of 10:3 weight proportion
according manufacturer’s recommendation. E-glass fibre rovings Hybon 2002 with a silane
sizing from PPG Fiber Glass are used as fibres for the model composites. Nominal roving
tex is 600 g/km and the fibre diameter is 12 pm.

The UD prepreg HexPly-M21/34%,/UD194,/T800S (Hexcel, Germany) is used for pro-
ducing CFRP laminates with various lay-ups in order to investigate the influence of layer
thickness. The fibre is a 78005 intermediate modulus carbon fibre (yield: 24k). M21 is a
toughened B-stage epoxy matrix system with a glass transition temperature of T, = 195°C

(onset). Cured ply thickness is ¢, = 190 pm and the fibre volume content is Vp ~ 57 %.

The cross-ply laminates for investigating the impact of a tailored FL.G modification in the
respective layers are produced with a custom-made prepreg machine. 177005 carbon fibres
(Toray, Japan) with an epoxy resin compatible sizing are used in the form of a 12k roving
with the epoxy prepreg system Ludeko R470 / H471 (Ludeko, Germany) at a mixing ratio
of 100:16 as matrix material. Planar FLG avanGraphene-2 (refer to Table 3.1) are used
for nanoparticle modification of the matrix with a filling content of 0.3 wt.% based on the

complete matrix system.

3.2 Specimen manufacturing

For modifying an epoxy resin with carbon nanoparticles either for producing polymer
nanocomposites or for use as nanoparticle modified matrix in FRP, in a first step the
appropriate amounts of nanoparticles and epoxy resin are mixed inside a glove box and
dispersed by using a three roll mill (EXAKT Advanced Technologies GmbH 120E) that
works on the principle of applying high shear rates on the mixture to disperse the nanopar-
ticles homogeneously. Previous studies have proven, that using a three roll mill to disperse
carbon nanoparticles in epoxy leads to an excellent dispersion quality without disturbing
size and morphology of the particles [148]|. The mixture is fed into the three roll mill at the
feed roll and collected at the apron roll. This process is repeated seven times with the gap
widths being adjusted from 120 pm to 5pm (refer to Figure 3.1). The rotational speed
of the rolls is kept constant at 33min—!, 100 min—! and 300 min~!, respectively. After

dispersion, the hardener is added and the mixture is stirred for approximately 10 min and
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then degassed under vacuum (15 mbar abs) for 15 min to remove any air inclusions. Uni-
form nanoparticle dispersion is obtained for the different morphologies and filling contents

investigated.

3.2.1 Manufacturing of single epoxy fibres and model composites

The complete manufacturing process is depicted schematically in Figure 3.1. The method
of using epoxy fibres is adapted from Hobbiebrunken et al. [73|. Unmodified or nanopar-
ticle modified epoxy, as it is obtained after the dispersion described above, is used. In
order to increase the viscosity for producing the fibres, the degassed matrix system is
heated in an aluminium cup on a heating plate at a constant temperature of 50 °C for
about 40 min. When the matrix starts to vitrify, the fibres are pulled with a needle. By
dipping the needle into the matrix and lifting it, thin fibres stick to the needle. These
fibres are wound around two rods (refer to Figure 3.1). Via the pulling speed of the nee-
dle, the fibre diameter can be adjusted to a certain point. Fibres with diameters between
20 pm and 350 pm after curing are obtained. The fibres are cut and glued at one end on
paper sheets based on ASTM D3379 for single fibre tensile tests [194] and then cured in
an oven at 20°C for 24 h and at 80°C for 15h, as recommended for this matrix system.
Only one side is fixed in order to avoid tension stresses or morphology changes (e.g. by
chain orientation) in the fibres because of thermal or chemical shrinkage during curing.
It is assumed, that any axial orientation of the molecule chains, which may have been
occurred during stretching the resin into the fibre shape is lost during the curing process.
With differential scanning calorimetry (DSC) measurements it is assured that the matrix
system is completely cured. Since the manufacturing process, including the curing cycle,
is the same for all fibrous specimens and differences in the overall surface area of the
fibres are small, the hardening reaction at atmospheric conditions is not considered for

discussion of the test results.

After curing, the second end of the fibre is fixed on the paper at the ends of a hole
with dimensions of 10 mm x 25 mm [194]. Behind the glue for fixation on the paper, the
fibres are electrically contacted with silver conductive paint for measuring the electrical
resistance change during tensile testing. The investigation of the electrical properties is
beyond the scope of this thesis but is described and discussed in [195]. The free test
length is 25 mm (refer to Figure 3.3). In order to compare the obtained results with the
strength of specimen with larger volume, dog-bone specimens of all four configurations
are manufactured according to DIN EN ISO 527-2 [196] with a gauge length of [ = 30 mm

and a median gauge width of w = 3.93mm £ 0.07mm. In addition some dog-bone
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specimens with dimensions of [ = 13 mm and w = 4 mm are produced for a broader range

of volume.
a) Nanoparticle dispersion b) Fibre manufacturing
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Figure 3.1: Schematic representation of fibre specimen manufacturing process: a) dis-
persion of nanoparticles in the resin (only for modified fibres), b) epoxy
fibre manufacturing, c¢) specimen preparation for curing, d) curing parame-
ters, e) scheme of specimen mounted in universal test machine.

Model composites are used to observe the influence of ply thickness of failure initiation
in small, defined volumes. The width and thickness of the glass fibre rovings used as
fibrous reinforcement are varied in order to represent different ply thicknesses in the
model composites. Some specimens were manufactured using the rovings as delivered.
The roving width is between 2.5 mm and 3.0 mm with a thickness of approximately 130 pm
to 150 pm. A part of the roving is spread between two rollers of a three roll mill (Exakt
Advanced Technologies GmbH). The gap between the rollers is set to 100 pm with a
ratio of rotational speed of 3:1. Due to the difference in rotation speed, shear loads are
introduced into the roving, but with the chosen set of parameters no damage of the fibres
is detected in light microscopy analysis carried out after the spreading. The rovings are
spread to a median width of 3.84 mm (+40 %), the thickness decreases about 30 % down
to 100 pm.

Model composites are produced with a casting set-up, shown schematically in Figure 3.2 a).
The fibre rovings are placed in the centre of a silicone mould. The resin and hardener
are mixed and degassed as described above. The matrix is infused via channels in the

mould. The specimens are cured at room temperature in the mould for 24 h, demoulded
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and cured for 15h at 80°C in an oven. Void free specimens with the dimensions given in
Figure 3.2 b) are produced. A crucifix-shape, introduced by Ogihara et.al. [197] to evalu-
ate the glass fibre/epoxy interfacial transverse strength, is chosen for specimen geometry
to avoid early failure due to stress increase at the specimen edges and assure damage
initiation in the centre (0/90/0) section of the specimen, where damage initiation and

propagation is observed under transmission light microscopy.
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Figure 3.2: Scheme of the casting set-up for manufacturing of model composites a)
and specimen geometry b).
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3.2.2 Manufacturing of CFRP specimens

Laminate plates of 300 mm x 300 mm are laid-up by hand from UD prepreg (HexPly-
M21/34%/UD194/T800) with a cross-ply lay-up for quasi-static tensile test and a QI
lay-up for UNC, OHC and CAI tests, as detailed below. Laminates are cured in an
autoclave at a maximum temperature of 180 °C, an applied vacuum of 800 mbar abs and
a maximum pressure of 7bar with a curing cycle recommended for this prepreg system
by the manufacturer. Quality inspection of all laminates with ultrasound inspection
confirms, that there are no manufacturing induced defects such as voids or delaminations.
Specimens are cut from these plates with a diamond saw (ATM Brillant 265). For each test
case, two or more plates of each configuration are produced in order to regard statistical

variations of the manufacturing process within the test results.

Quasi-isotropic lay-ups of [45,,/0,/ —45,,/90,ms and [45,,/90,,/ —45,,/0p)ms, with n = 1,3
and m = 3,1 are selected in order to investigate the influence of both the layer thickness

and the position of the 0°-layers (stacking sequence) on the compressive properties.
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Thickness of the laminates after curing is 4.56 mm with a theoretical cured ply thickness
(CPT) of 190 pm. The specimen width for UNC and OHC tests is according to aviation
standard AITM 1-0008 [198] w = 32mm. Tab length is chosen to be 55 mm resulting in
a total specimen length of [ = 142mm. 2mm thick GFRP end tabs are applied on the
specimen with 2-component epoxy adhesive (UHU Endfest-300), leaving a gauge length of
lo = 32 mm between the tabs [198]. The specimen side edges are polished to minimise edge
effects. For the open-hole specimen, a hole with a diameter of d = 6.34 mm is drilled with
a carbide drill through the thickness at the centre of test area. The specimen geometry
for CAI tests is according to ASTM-D-7136 [199] and ASTM-D-7137 [200] standard with
length and width: [ x w = 150 mm x 100 mm.

For quasi-static tensile tests, the lay-up is [0/90,,/0], where n is varied with n=1,2,3,4,8,10,
in order to investigate the influence of the 90°-layer thickness. The specimen geome-
try is according to DIN EN ISO 527-4 [104] with length [ > 250 mm and width w =
25mm + 0.5mm. As the 90°-layer thickness is varied, specimen thickness deviates from
the normative reference and only the dimensions of the specimens with n = 8 fulfil this
requirement [104]. End tabs with a length of 50 mm consisting of respectively 1 mm thick
GFRP and aluminium strips are glued on the specimens by using a 2-component epoxy
adhesive (UHU Endfest 300), leaving a distance of [ = 150mm + 1mm between the
tabs.

To avoid moisture influence on the test results, all specimens are conditioned according
to DIN EN 3615 [201|. Drying is in several steps with specimen weight being measured
after each step and compared to the weight two steps before, until the weight difference
divided by last measured weight is smaller than 5-107%. If the calculated value fulfils this
criterion, the specimens are regarded as dry [201]. Afterwards the specimens are stored

in the test environment until testing.

3.2.3 Manufacturing of CFRP specimens with tailored FLG

modification

FLG nanoparticles are dispersed in the resin without hardener as described above. The
hardener is added before impregnation of the fibres. The components are degassed for 1h
at 30°C and then mixed by automated stirring in vacuum for 20 min to remove any air

inclusions.

Unmodified and FLG modified prepregs are produced with a custom-made prepreg ma-

chine, successfully used before to produce nanoparticle-modified prepregs [23|. The dry
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carbon fibre roving is impregnated with the unmodified or FL.G modified matrix system
in a continuous process and winded up on a hexagonal roll. With this method, a unidirec-
tional tape with straight, aligned fibres of 300 mm width is produced. Transmission light
microscopy of thin micro section samples confirmed, that the nanoparticles are equally
dispersed in the matrix between the fibres. After B-staging according to the recommen-
dation for this material system, the prepregs are stored at —18 °C until lamination and
the following curing process. Cross-ply laminates with the stacking sequence [0/905]s and
thickness t = 2mm are stacked from the produced prepregs and cured in an autoclave
for 2h at 120°C with an applied vacuum of 800 mbar abs and an autoclave pressure of
3bar. Three different configurations are produced this way, as listed below. The "N"
stands for a neat layer and the "G" for a graphene (FLG) modified layer. The unmodified
laminates (NNN) are used as a reference. With this approach, the influence of the FLG
modification in either 0°-layers (GNG) or 90°-layers (NGN) on the mechanical properties

and the damage process can be experimentally determined.

e NNN - Unmodified
e NGN - 90°-layers modified with 0.3 wt.% FLG

e GNG - 0°-layers modified with 0.3 wt.% FLG

The fibre volume content is determined according to DIN EN 2564 |202] to be approxi-
mately 65 %. Ultrasound inspection is performed after curing and assures manufacturing
quality without any larger voids or delaminations. End tabs consisting of 50 mm wide
and 2mm thick GFRP/Aluminum stripes are applied on the cured laminates by using
2-component epoxy adhesive (UHU Endfest-300) leaving a gauge length of I; = 150 mm
between the tabs. Specimens for static and cyclic tensile tests are cut with a diamond
saw (ATM Brillant 265) to dimensions according to DIN EN ISO 527-4 [104] with total
length [ = 250 mm and width w = 25 mm. Specimen edges are polished to minimise edge

effects.

3.3 Test methods

Since the prepreg for the tailored FL.G modified CFRP specimens is produced in house
with a custom-made prepreg machine, fibre volume content of the laminates is determined
after curing. Samples of each laminate are given to the Central Laboratory of Analytical
Chemistry of Hamburg University of Technology (TUHH). The fibre-mass-content is de-
termined according to DIN EN 2564 [202] by removing the matrix in a chemical etching
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process. With the density values of fibres and matrix from the data sheets, the fibre

volume fraction is calculated.

Differential scanning calorimetry measurements (DSC 204 F1 Phoenix, Netzsch, Ger-
many) are carried out to assure complete curing of epoxy fibre specimens by checking
that the polymer’s glass transition temperature 7T} of the specimens is in the range given
by the manufacturer for a completely cured matrix system. With DSC, the heat flow be-
tween the sample and a reference is analysed during heating or cooling down and allows
to conclude from the signal to internal changes in the material structure such as glass
transition, crystallisation, melting or decomposition. A detailed description of the DSC
principle can be found for example in [203, 204]. The T, is determined by analysing the
slope of the DSC heat flow signal at a heating and cooling rate of 20 K/min. No significant
influence of the nanoparticle modification on the 7, of the matrix is found with an onset
of Ty onset,cB = Ty onset, ONT = Ty onset FLG = Ty onsetneat = 80 °C. The inflexion point of the
heat flow curve is at approximately 92 °C for all configurations and corresponds well with

the value of T, = 93°C given by the manufacturer of the resin.

3.3.1 Single fibre tensile test

Figure 3.3 shows a scheme of the developed set-up for tensile tests of epoxy fibres includ-
ing the measurement of the electrical resistance during mechanical testing (for further
information see [195]). The specimens, consisting of the fibres glued on the paper, are
mounted in a universal testing machine (Zwick Z10 / Zwick Z100) with a 10N / 50N
capacity load cell. For availability reasons, two different machines are used, but no in-
fluence of the testing machine on the results is observed, as expected. The side bars of
the paper, connecting the upper and lower part of the specimen, are cut before testing
(refer to figure 3.1). Test speed is set to 25 mm/min in order to minimise plasticity effects
with very high strains with necking and assure a more brittle failure mode of the fibres.
The cross section of the fibres after failure is lower than the original cross section because
necking cannot be completely avoided during the test. Therefore, the cross section after
failure is measured for each specimen in an optical microscope. The true failure strength
Ry is calculated from the measured force at failure and the cross section area obtained by

microscopy. The fracture of the fibres is regarded as brittle.

The dog-bone specimens are tested with a universal testing machine (Zwick Z2.5) us-
ing a load cell with a capacity of 2.5kN at a test speed of 1 mm/min according to
DIN EN ISO 527-2 [196]. As the testing speed may influence the strain at break and
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tensile strength, some dog-bone specimens of the neat configuration are tested with the
cross-head speed of the fibre specimens of 25 mm/min. No significant influence of testing
speed on the failure strength of the dog-bone specimens is observed. The cross section
after failure is analysed for each specimen by using an optical microscope and by SEM to
determine the damage mechanisms at the different types of nanoparticles and the influence

of particle size, filling degree and morphology on failure initiation and propagation.
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Figure 3.3: Schematic representation of the tensile test set-up for single epoxy fibres in
the universal testing machine.

3.3.2 Tensile tests with model composites using light-microscopy

The influence of the 90°-ply thickness in (0/90/0) model composites on the initiation
and propagation of transverse cracks under quasi-static tensile loading is analysed under
transmission light microscopy. Model composites are used to reduce the total volume of
the specimen and to investigate the damage initiation and propagation in a small vol-
ume. This approach was already successfully used to analyse matrix cracking and fibre
matrix load transfer [205], first ply failure 28], glass fibre-epoxy interfacial transverse
strength [197] and the influence of voids on fibre matrix debonding and damage propa-
gation |43, 44, 206]. The model composites are tested in a custom-made tensile test rig
equipped with an extensometer and a load cell with a maximum load of 5kN. The rig
is positioned under a transmission light microscope. Load and displacement are contin-
uously measured and recorded. The test is carried out at a constant crosshead speed of

0.03mm/min. The fracture initiation and propagation is monitored on a screen.
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3.3.3 Quasi-static, impact and cyclic tests

Quasi static tensile tests are performed according to DIN EN ISO 527-4 [104] by using a
universal testing machine type Zwick 1474 (Zwick, Germany) with a 100kN load cell at
a cross-head speed of 2mm/min. Strain is measured with a long-travel extensometer on
the specimen surface (measuring distance 50 mm). Acoustic emission analysis is used to
analyse the damage process regarding the correlation of cumulated energy with damage

development.

Impact damage is introduced in a drop weight tower by using a semi-spherical hardened
steel striker with a diameter of 20 mm and a weight of 1.46kg. Clamping of the speci-
mens and the energy during the impact event deviates slightly from the ASTM D-7136
standard [199], but is selected to accommodate for impact damage where delaminations
do not reach the specimen sides, as demanded in the standard. Contact force is measured
by a strain gauge full bridge. Anti-rebound after the first impact is ensured with a photo
sensor activated clamp mechanism. All specimens are subjected with an impact of 10 J.
The induced energy related to the specimen thickness is 2.2.J/mm. Impact damage is

assessed with ultrasound inspection and radiography.

Compression tests are executed by using a Zwick-Roell Z400 testing machine with a
hydraulic pressure of 80 bar damping for clamping the specimens at the end tabs. Data
is recorded with the Zwick/Roell software TestXpert. The UNC and OHC specimens are
mounted in a hydraulic composite compression fixture (HCCF) and are mainly loaded
by compressive force on their end surfaces. Via the end tabs, a small amount of shear
loading is applied as well. CAI tests are carried out according to the ASTM D-7137
standard [200]. The cross-head speed is set to 0.5 mm/min for the UNC and OHC and
1.0mm/min for the CAI tests. The compressive load is measured by a 400 kN load cell,
whereas displacement is measured via the traverse of the machine. The deformation and
force are continuously recorded to determine elongation, compressive strength and the
modulus of elasticity. Strain gauges are fixed on the specimen to measure local strain in
the centre in order to determine whether global bending or out of plane buckling occurs.
A scheme of both test set-ups is given in Figure 3.4, with the set-up for UNC, OHC tests
in Figure 3.4a) and for CAI tests in Figure 3.4b).

Fatigue tests are performed on a servo-hydraulic test machine (Instron/Schenk, Germany)
with alternating loads in the tension-compression (t-c) regime (R = —1) at a frequency of
6 Hz. This frequency is low enough to avoid heating issues of the polymeric matrix. Two
load levels are selected. The higher load level is at 228.8 MPa (23.0 % of mean tensile
strength), the lower is at 215.0 MPa (21.6 % of mean tensile strength). The upper load
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Figure 3.4: Scheme of the test set-up a) for UNC and OHC tests, here shown for a
specimen with a central hole and b) for CAI tests.

level lies in the stress range of transverse crack initiation in quasi-static tensile tests, as
it is determined with the AE-analysis. The tests are performed at standard conditions
of 23°C and 50 % relative humidity. Specimens are mounted in an anti-buckling device
to prevent global specimen buckling during the compressive loading. Via a cut-out in
the anti-buckling device, outer layers are allowed to buckle locally as a consequence of
delamination within a defined region, for a more realistic representation of compression
behaviour of structures. Passive thermography with an infrared (IR) camera is carried
out for monitoring specimen surface temperature during fatigue tests to ensure that no
critical heating of the matrix occurs. Interrupted tests with exemplary specimens of each
configuration are carried out in order to observe the damage propagation with increasing
load cycles. After defined numbers of loading cycles, specimens are demounted from the
test machine, their damage state is analysed by using radiography and they are then
remounted and tested further until the next defined load cycle. This process is repeated
until final failure of the specimens. The loading cycle intervals between damage analysis
vary with the number of cycles. Shorter intervals are used during the first cycles to
investigate the initiation and propagation of IFF and shortly before final failure to observe

delamination growth. The number of loading cycles are given in Table 3.2.
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Table 3.2: Loading cycle intervals for interrupted fatigue tests.

Interruption no. Number of cycles \ Interruption no. Number of cycles

I 50 VII 7500

II 250 VIII 10 000
III 500 IX 15 500
IV 1000 X 25 000
\4 2500 XI 20 000
VI 2000 XII 100 000

3.3.4 Non-destructive testing methods

Acoustic emission analysis

In order to determine damage initiation during quasi-static testing and for analysing dif-
ferences regarding the damage process in tensile as well as compression tests, acoustic
emission analysis is used. With AE analysis, acoustic waves generated at irreversible
deformation of the material, i.e. cracking, are detected with piezoelectric sensors and
the wave-signal is conditioned and recorded by using amplifiers and filters as well as a
respective software. One signal recorded this way is called a hit. The signal character-
istics, such as the amplitude (the maximum peak in the AE signal waveform) can be
analysed and correlated to damage mechanisms. The signal’s energy (the area under the
squared signal envelope) is a measure for the accumulated elastic energy in the material
released at deformation. The more severe the damage, the larger the energy released
and recorded [207, 208]. Detailed information about AE-analysis technique and princi-
ples can be found in the literature, e.g. [207, 208]. The cumulative energy of the signals
can be used to analyse instants at which damage like matrix cracking initiates and to
compare the damage process of different specimen configurations via the correlation of
cumulated energy with damage development. Previous studies showed the usefulness of
the AE-method for analysing failure mechanisms in composite laminates [209-211] or for
determining the effects of voids on the compression behaviour in GFRP [212]. A detailed
AE-signal interpretation for the different damage modes of cross-ply laminates, as it is
carried out by Mizutani et al. [210] or a detailed frequency analysis as performed by Groot
et al. [213] and combined with a pattern recognition by Gutkin et al. [214] is beyond the

scope of this thesis.

For the AE analysis, a Micro II multi-channel acquisition system from MISTRAS Group
Inc. is used to record AE data. Two wideband differential (WD) sensors are used for AE
wave detection. In tensile tests, both sensors for AE wave detection are fixed on one side

of the specimen. For the compression tests, the sensors are mounted on the surface of
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the HCCF clamping elements. This distant sensor attachment might result in a loss of
AE-parameter accuracy, but is indispensable to protect the sensors from damage during
the compression tests. As the sound waves are disturbed and deflected at the interfaces on
the way from the damage location to the sensor, frequency analysis or localisation results
would be unreliable, but the test-set-up was successfully used before for comparing signal
energy [212]. In both attachment cases, silicon grease is used as a coupling agent between
the sensor and the specimen respectively the fixture. Internal filters and a static threshold
are used to reduce disturbance variables such as machine vibrations and ambient noise.
Before each test, a pencil lead break test with a Hsu-Nielsen Source [207, 215 is carried out

with the specimen mounted in the clamps to assure adequate mounting of the sensors.

The settings of the AE acquisition system for tensile tests of cross-ply specimens and
for compression tests of QI specimens are given in Table 3.3. In tensile tests, the focus
is set on the investigation of IFF initiation in the 90°-layer of cross-ply laminates and
the subsequent damage process with a tailored FLG modification. In addition, the IFF
initiation and damage process is analysed for cross-ply specimens with varying 90°-layer
thickness. In compression tests, the cumulative energy from the AE-signals is used for
analysing differences regarding the influence of layer thickness on the damage process. A
more detailed investigation on the damage initiation at an open hole under compressive
loading by using AE-signals for determination of a distinct damage state is presented
in [216].

Table 3.3: Parameters of the AE acquisition system for tensile tests of cross-ply speci-
mens and compression tests of QI specimens (sensor: WD).

Parameter Cross-ply Quasi-isotropic
Frame rate / MHz 5 5
Preamp gain / dB 20 40
Threshold / dB 45 45

Hit definition time (HDT) / ps 250 200

Hit lockout time (HLT) / ps 800 300

Peak definition time (PDT) / ps 150 50

Maximum hit duration / ps 100 100
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Ultrasound inspection and radiography

Ultrasound (US) inspection works on the principle of inducing acoustic signals into a
material with a transducer that are reflected from an interface, such as the back wall
of the object or from an imperfection within the object. The time of the echo after
sending the signal is collected with a receiver and then analysed. The amplitude of
the received signal represents the intensity of the reflection and the arrival time of the
reflection represents the distance. The visualisation of the signal versus time at one point
of the sample is called the A-scan. A series of A-scans along a line on the sample surface
is called a B-scan and allows to measure localised differences through the thickness along
that line. The failure echo, reflected from defects within the material, is distinguished
from the back side echo, resulting from the signal’s reflection at the interface between the
backside of the sample and the surrounding medium. When B-scans are executed along
both surface coordinates of the sample, the echo can be visualised for the complete sample
as a 2D image, called a C-scan, although some depth information is lost. For a detailed

description of the method, the reader is referred to the literature, e.g. [204].

US inspection in the form of C-scans is performed after autoclave curing of composite
laminates for quality assessment. The laminates are placed in a water bath. The water
works as a couplant to minimise signal loss by reflections. For each laminate, three C-scans
are generated. These are the defect echo, based on signal attenuation at defects within
the material, the backside echo, based on the attenuation of the signal from the backside
and the defect depth map that is based on the change of speed of sound at defects. The
speed of sound for the material is adjusted via thickness measurements using the US
inspection device and comparison with values measured with a sliding calliper. Impact
damage in QI specimens after drop weight impact tests as well as the damage state of OHC
specimens shortly before and after final failure are evaluated via US inspection using the
method described above. A USPC 3040 DAC C-scan system (Dr. Hilger Ingenieurbiiro,
Germany) with a resolution of 20 MHz and an amplification of up to 106 dB in 0.5 dB steps
is used with a STS 10 MHz probe (Karl Deutsch GmbH, Germany). The probe works as
a transceiver that can both transmit and receive ultrasound signals. The US-signals are
visualised and adjustments regarding the measurements and the speed of sound are set

with the software Hilgus (Dr. Hilger Ingenieurbiiro, Germany).

In interrupted fatigue tests, the influence of a tailored FLG modification on crack density
is analysed via radiography by comparing X-ray images of the specimens after the defined
loading cycles given in Table 3.2. X-ray analysis is also used to identify the influence
of layer thickness on IFF initiation and propagation in interrupted tensile tests of cross-

ply specimens and for analysing damage states in OHC and CALI tests. For radiographic
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measurements, a HP X-ray cabinet Faxitron Model 43855a (Faxitron Bioptics LLC, USA)
with the intensity set to 20keV is used. Zinc iodide is applied as contrast medium before

the measurement to highlight cracks.

Digital image correlation and thermography

The digital image correlation (DIC) system ARAMIS 4M (GOM, Germany) with two
cameras is used to ensure no global buckling occurs and to analyse the strain field at
the location of the impact in the CAI tests. For DIC measurements, a speckle-pattern is
applied on one side of the specimen. The frame rate during the first seconds of the test is
set to 2Hz. For analysing the brittle final failure process, high frequency measurements
are necessary for it occurs instantaneously. Therefore, during some tests, final failure is

recorded using the ring buffer of the system with a frame rate of 300 Hz.

Passive thermography is carried out for monitoring specimen surface temperature dur-
ing fatigue tests with an IR NDT system from Automation Technology GmbH. A Flir
Photon 615 infrared camera measuring in a spectral band of 7.51m to 13.51lm at a frame
rate of 8.33 Hz and with a thermal resolution of 50 mK NEdT at f/1.0 is used. Measure-
ment parameters and recording is facilitated with the Automation Technology software
IrControl.

3.3.5 Fractography using light microscopy and SEM

The cross section of the unmodified and nanoparticle modified epoxy fibres after failure
is analysed for each specimen by using an optical microscope (Olympus BX51) and by
scanning electron microscopy to determine the damage mechanisms at the different types
of nanoparticles and the influence of particle size, filling degree and morphology on failure
initiation and propagation. The fracture surfaces of tailored FLG modified cross-ply
specimens are analysed by SEM in order to evaluate the influence of the FLG modification

on damage propagation under static and alternating cyclic loading.

In SEM, a focused electron beam is used to scan across the surface of the sample system-
atically, producing electron signals generated by the electron-specimen interaction. These
signals are converted to a visual signal and displayed on a cathode ray tube [217, 218]. All
SEM investigations are carried out with a Leo Gemini 1530 electron microscope (Zeiss,
Germany) by using the secondary electron (SE2) detector with a working distance be-
tween 5 mm and 9mm. The edges of all samples are prepared with silver conductive paint
to minimise charging issues but without the use of sputtering on the failure surface. For

the epoxy fibres and the fracture surfaces of neat and FLG modified CFRP specimens,
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an acceleration voltage of 1kV is used. For some CNT modified fibres, a mixture of the

SE2 detector with the inLens detector at an acceleration voltage of up to 8kV is used.



4 Results and Discussion

In this chapter, the results obtained from the experimental campaign are presented and
discussed. Sections 4.2, 4.3, and 4.4 deal with the influence of layer thickness in multi-
directional composites, whereas in sections 4.5 and 4.6 the influence of a carbon nanopar-
ticle modification of the polymeric matrix in FRP is discussed regarding size effects and
damage mechanisms. Firstly, some short comments on quality assessment and repro-

ducibility of the obtained test results are given.

4.1 Quality assessment

The Hexcel prepreg system used for producing CFRP specimens for tensile and compres-
sion tests is a commercial system used in aircraft industry and thus underlies strict quality
control. During cutting and lamination of the prepreg, it is assured that the shelf life is
not exceeded to avoid undesired matrix cross-linking at room temperature before curing.
All laminates used for the presented tests are autoclave cured with the recommended
curing cycle and are thus assumed to be completely cured. US inspection after curing is
carried out for all laminates and confirmed that no manufacturing induced defects such

as delaminations or voids are present.

For model composites and epoxy matrix fibres, DSC measurements of small samples
that underwent the same manufacturing routine as the produced specimens assure com-
plete curing of the matrix and constant and similar specimen quality. The determined
glass transition temperature 7} is an indicator for the degree of cross-linking. Incom-
plete cross-linking leads to inferior mechanical properties of the polymer, because of the
smaller amount of atomic bonds between the polymer chains. Via the DSC measure-
ments it is confirmed, that the T, of all specimens is similar to the value given by the

resin manufacturer for complete curing.

The prepreg used for investigating the influence of a tailored FL.G modification is produced

with a custom made prepreg machine and although the same parameters are used for every
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process, differences regarding fibre volume fraction V; or orientation of the fibres cannot be
completely excluded. Therefore, the fibre volume fraction is determined for each laminate

as described in chapter 3.3. Similar V; for each laminate is measured.

4.2 On IFF initiation and propagation in model

composites

The findings on IFF initiation and propagation in model composites presented in this
section were published in [219]. Crucifix shaped specimens are loaded continuously and
damage initiation and propagation is observed in-situ in transmission light microscopy.
With the chosen geometry, damage initiates in the centre of the specimen, as already
described by Ogihara et.al. [197] and the onset of IFF is observable in the microscope.
Characteristic load-displacement diagrams for specimens with as-received and spread rov-
ings are given in Figure 4.1 and Figure 4.2, respectively. The damage development in a
representative specimen under the applied static tensile loading at certain characteristic
loads is given in the diagrams as well. First IFF occurs at higher loads in the spread-
roving specimens. Differences in the damage propagation are observed as well. Referring
to Figures 4.1 and 4.2 it is shown, that matrix cracks are smaller and shorter in the
spread-roving specimens at a load above 800 N. The load at IFF initiation is noted for
each specimen. The results are shown in Figure 4.3, in which the applied load at the first

visible matrix crack over the roving width is plotted.

Figure 4.3 shows a clear trend: The load, at which first matrix cracking occurs, increases
with increasing roving width. For the specimen made with the rovings as-delivered (roving
width wge < 3.00mm), a load at initial matrix cracks of 371 N 4+ 116 N is measured. For
the specimens containing spread rovings (roving width wggs > 3.75mm), the onset of the
first matrix crack is shifted to higher external loads of 621 N 4 99 N.

The maximum tensile strength of the tested specimens is 1539 N £ 213 N. No significant
influence of roving width on failure strength is observed. Since the maximum tensile
strength is dominated by the fibres in 0°-direction, the initiation of matrix cracks has a
negligible influence on the load at final failure in the tested configuration. The maximum
tensile strength is influenced by several other factors such as possible deviations of the
fibres in load direction from the (°-axis or variations in the manufacturing process. In
Figures 4.1 and 4.2, the damage shortly before final failure in representative specimens

for rovings with a width below, respectively above 3 mm is shown. Multiple matrix cracks
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Figure 4.3: Tensile load at first visible matrix crack for (0/90/0) model composites
containing glass fibre rovings of different width.

between the fibres in the 90°-direction as well as fibre breakage of 0°-fibres occur. After
a saturation in the number of matrix cracks, damage develops firstly as broadening and
prolongation of the existing cracks and secondly as fibre breakage. Final failure initiates
in a region where a larger amount of 0°-fibres are broken by a crack transverse to loading
direction, separating the specimen next to the broadening of the cross section. As this
cross section is the smallest due to the specimen geometry, higher stresses per unit area

occur and specimens are expected to fail in these regions.

With the spreading of the rovings, the thickness of the fibre layers in model composites is
successfully reduced. The advantage of using model composites is, that in the small vol-
ume the failure process of the 90°-layer is observable more in detail and in-situ, compared
to standard specimen sizes. With decreasing layer thickness, onset of IFF is shifted to
higher loads. This is in good agreement with previous investigations on the layer thickness
effect from other authors |7, 17, 86, 88, 100, 105]. Despite the fact that the possibility
of having a critical defect within the layer is smaller in the thinner layers, the in-situ
strength is also an explanation for the observed phenomena. The transverse tensile or
shear strength of the 90°-layer between two adjacent 0°-layers is higher for decreasing
layer thickness |5, 86-88, 100]. The crack initiation and propagation is restricted by the
neighbouring 0°-layers carrying most of the load. More but less severe matrix cracks in
the 90°-plies occur with reduced ply thickness. This was shown by other authors by FEM
analysis [88, 100] and is confirmed with the experimental results to be valid for model

composites as well, allowing for conclusions from model composites to larger scale FRP.
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4.3 Influence of layer thickness on damage development

in cross-ply laminates

In this section, the experimental results on the influence of 90°-layer thickness on damage
development in cross-ply laminates are presented. Figure 4.4 shows representative load-
strain curves together with AE amplitude signals plotted over tensile strain for a 90°-
layer thickness of g0 = 190pm (n = 1) in 4.4a) and t9o = 1900 pm (n = 10) in 4.4b).
Load instead of stress is used to exclude trends resulting just from the geometry of the
specimens because of the thickness variation (larger cross-section area with increasing
thickness). To avoid AE sensor damage at final failure, the sensors are unmounted shortly
before final failure. That is the reason why the amplitude signals end before the load-
strain curve. In the tested configurations, no significant influence of 90°-layer thickness
on stiffness or tensile strength, both normalised with the thickness of the specimens to
exclude geometric influences, is observed. The mean tensile load at failure is Frijure =
28.367kN 4 1.448 kN, which is less than 5 % variance for more than 120 tested specimens.
The 0°-layers dominate both strength and stiffness and although scaled up by a factor of

up to 10, the 90°-layer thickness leads to no significant change regarding final failure.

Nonetheless, differences in damage development and final failure mode are observed. Thin-
ner specimens with tgg = 190 um, t99 = 380um and tgg = 570 pm fail in a brittle way
with mainly 0°-fibre breakage resulting in a clear fracture crack perpendicular to the load-
ing direction. Specimens with larger 90°-layer thickness (90 > 760 pm) exhibit a more

progressive failure mode with large delaminations and fibre splitting.

AE analysis shows a trend, that damage initiates at lower strains with increasing ply
thickness. Initiation of IFF is detectable with the increased amount of high amplitude
signals, as shown in Figure 4.4, as well as a significant increase in cumulated energy. For
thicker 90°-layers (to9 > 570 pm), a pronounced decrease in the slope of the load-strain
curve, also referred to as a "knee" and typical for IFF initiation [55, 220, is observed that

correlates with an increase in cumulated energy.

For n = 10 90°-layers, an overflow of the AE acquisition system is often observed, leading
to gaps in the acquisition and thus incorrect absolute values. Therefore, the configuration
n = 8 is used as an example for large 90°-layer thickness regarding interpretation of
AE results. First transverse cracks initiate at a strain of approximately 0.15 % for the

[0/905/0] specimens and at approximately 0.45 % strain for the [0/90/0] specimens.



52 4 Results and Discussion

30.0 105
] Tensile load g
27.54 Signal amplitude 4100
25.0 1 - 95
22.5 - 90
= 20.0 - 85
< ] ]
£ 17.54 / =80 m
- ] '/ 1 End of AE ] 2
8 15.0 4 7 | data aquisition 475 &
=2 | v ' | 3
[0 z I =
= i P - 70
D 12.5 = : ] ?
C 1 7 | <
2 10.0 = 5 165
7.5—- ,f'l E -1 60
1 4
1 1
5.04 / ' - 55
1 4
b 1
2.5 ! - 50
1 4
T 1
44
0.0 L e e e A B e e e e e e B °
0.0 0.2 0.4 0.6 0.8 1.0 1.2 1.4 1.6 1.8 2.0
Strain in %
a)
30.0 105
1 Tensile load 1
27.5 Signal amplitude - 100
25.0 - 95
22.5 v - 90
= 20.0 1 ,/ Endof AE - 85
x 1 \data aquisition
£ 175 - A jrara aquistion ] g5 @
° ] ~ i 1. ¢
S 15.0 - ! 475 5
o e ' ho]
o 1 e 1 1 =]
= 12.5 - , 170 =
2 "] - | I
o~ 1
) _ ~% i - 65
it 10.0 1 /,/ : ] <
7.5+ / i - 60
: J
1 4
5.0 pad ! 455
I : -
2.5 - : 450
] ]
0.0 / : J45

Strain in %

b)

Figure 4.4: Representative load-strain curves and AE amplitude signals over tensile
strain for CFRP cross-ply laminates with a) g9 = 190 pum ([0/90/0])
and b) tgo = 1900 pm ([0/9049/0]) 90°-layer thickness (material: HexPly-
M21/34%/UD194/T800S).



4 Results and Discussion 53

AE analysis and interrupted tests with radiography show good agreement regarding the
strain at failure initiation. Figure 4.5 presents the amount of AE events between the
two sensors over specimen length during a tensile test until final failure for t9g = 190 nm,
tgo = 760 um and tgg = 1520 pm 90°-layer thickness together with X-ray images of the
respective configuration at 1 % strain. One may assume, that thicker specimens generate
more events due to the higher amount of material available for cracking, but the contrary
is the case, so that a normalisation with the thickness would only increase this effect
and is not necessary for explaining the general behaviour. The configurations with tg
values between those shown in the diagram confirm the trend of increasing amount of AE
events with decreasing layer thickness. The X-ray images (refer to Figure 4.5) show, that
cracks perpendicular to loading direction initiate at the edges of the specimen and grow
inward. For the [0/90/0] specimen, transverse cracks are highlighted in red in the image
for better visibility. Polishing of the edges increases the strain at crack initiation. The
higher number of AE events hints toward slower crack propagation through the thickness.
A slowly propagating crack generates a higher number of cracking noise, detectable with
the sensors, than an instantaneous growing crack, which is assumed to generate just one
or two events in AE. This observation agrees well with the X-ray images. With increasing
90°-layer thickness, a change in transverse crack geometry from thin, slowly growing edge
cracking for thinner 90°-layer thicknesses (n = 1,2) to broad cracks through the width
that grow instantaneous (n = 8,10) is observed. Until 1.0 % strain, no cracks through
the width of the laminate are observed for tg9g < 380 um, whereas for tgy > 1520 pm first
cracks penetrating the width are observed at a strain of 0.2 %. These cracks through
the width of the specimen have a larger crack opening compared to the edge cracking
observed in the thinner specimens. Hence, thicker transverse layers exhibit a more severe

damage state at a given external strain.

The total amount of cracks as well as the cracks penetrating the specimen width, counted
from X-ray images of representative specimens (refer to Figure 4.5) are presented in
Figure 4.6 for the investigated configurations. Cracks are counted at four defined strain
levels during interrupted tests. The crack density, transverse cracks per length, as well as
the crack length through the width depend on the 90°-layer thickness. The specimens with
one 90°-layer have more than twice as many transverse cracks as the thickest specimens

with eight or ten 90°-layers at strains between 0.7 % and 1.0 %.

In Table 4.1 the mean cumulated energy at 1 % strain both as absolute value E.,,
and normalised with the number of 90°-layers E.,,,/n for representative specimens, the
median strain at failure initiation ¢;rp as detected with AE analysis and the median values

for cumulated hits per layer H,,,/n are presented. A contradicting trend is observed for
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HexPly-M21/34%/UD194/T800S).
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Figure 4.6: Amount of transverse cracks as a function of 90°-layer thickness (material:
HexPly-M21/34%,/UD194/T800S).

normalised cumulated energy and hits per layer. For a decreasing number of hits per layer,
an increase in normalised cumulated energy is observed. Highest values for normalised
cumulated energy are measured for tgg = 570 um (n = 3 layers) and tgg = 760 pm (n = 4
layers). The larger crack opening displacement and increased crack height and width,
observed for thicker 90°-layers, result in higher energy consumption compared to small,
slowly growing cracks. However, the higher amount of comparable large cracks for n = 3,4
layers dissipates the highest amount of energy during crack initiation and propagation,
with even higher values compared to the few, but large cracks observed in thicker 90°-

layers.

Table 4.1: Acoustic emission results for CFRP cross-ply laminates of varying 90°-layer
thickness.

[0/90/0]s  [0/904/0]s [0/90s/0]s

Eeym at 1 % strain / aJ ~3.5x108 ~25x10° =~3.2x10%Y
Eewm/n at 1 % strain / aJ =~ 3.5 x10° =~6.25 x 10° =~ 4.0 x 10°
chm/n at 1 % strain 3231.3 1063.0 2256.2

errr | % 0.48 0.39 0.16

In contrast to these results, a significant change in tensile strength with decreasing ply
thickness is reported in literature for thin-ply laminates with a ply thickness below
50pm |7, 17]. With the 90°-layer thickness between 190 um and 1900 pm, the speci-
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mens tested here are in the region of conventional prepreg laminates. The mechanisms
being beneficial in thin-ply laminates, such as the increased in-situ strength [86, 87|, do
not apply for the tested configurations. Comparing results for thin-ply laminates with the
results for large ply thicknesses, size effects due to a volume increase based on the weakest
link theory [84, 221] can be excluded as the only explanation for the strength increase
of thin-ply laminates. Tensile strength of these laminates is determined by the 0°-layers
and can only be significantly increased with thin-plies. However, as is shown here, ten-
sile strength does not decrease when increasing the thickness further, which may be of

relevance when regarding thick laminates as for example used in wind turbine industry.

Damage initiates in cross-ply laminates at lower strains with increasing layer thickness.
This is the case for a broad range of 90°-layer thickness from 20 pm up to 1900 pm when
considering as well the findings reported in literature [5, 7, 17, 100|. Tt is valid for both
the initiation of inter-fibre fracture at the free edges and the penetration of the 90°-
layer width. With an FEM approach it could be shown, that transverse crack initiation
and propagation in thickness direction follows the same trend of slower growing and less
broad cracks for reduced 90°-layer thickness [222|. The crack density and crack growth
rate depend on layer thickness. The observed change of crack distance with lower dis-
tance for thinner layers can be explained by the stress redistribution at a crack through
the thickness, which is a function of layer thickness, as predicted by different analyti-
cal models [35, 55, 223-227| and shown via simulation [94, 100, 228] and experimental
methods [55, 56, 223, 225|. No further reduction in strain at damage initiation for layer
thickness tgyp > 1520 pm is observed. The 90°-ply strength without the enclosing 0°-layers
is the lower limiting value for transverse crack initiation and presumably reached in the
experiments for the large thicknesses. For thicker layers, the positive influence of stiffer
surrounding layers (in situ effect) diminishes. From the larger crack opening, resulting in
broader cracks with increasing layer thickness, it is clear, that not only damage initiation
but also damage propagation and crack geometry depend strongly on the 90°-layer thick-
ness. A reduction of layer thickness increases the resistance against IFF and thus offer

great potential for increased fatigue lifetime.

AE analysis results for strain at crack initiation show good agreement with X-ray images
in interrupted tests up to defined strain levels. In addition, it could be shown that
differences in transverse crack propagation rate are detectable by evaluating the amount
of AE events, if a set-up with adequate location of events between two sensors is used.
Therefore, with carefully chosen parameters, the damage state inside a cross-ply laminate

can be well monitored by using AE analysis.
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4.4 Influence of layer thickness and stacking sequence
on FRP compressive properties regarding stress

intensifications

The influence of layer thickness under compressive loading with stress intensifications
being present in the laminate is investigated in OHC and CAT tests for four different QI
layups. OHC tests offer the advantage, that the exact shape of the stress intensification
as well as the stress state is well known. CAI tests are executed to compare the OHC
results to a different type of stress intensifications and for analysing the influence of layer
thickness on damage propagation after an initial damage. UNC tests are carried out for
comparison as a reference. Furthermore, the influence of the 0°-layer position with regard
to damage initiation and the resulting mechanical properties is examined. Most of the

results were published in [216].

4.4.1 Impact damage

Impact damage is evaluated by comparing the mechanical behaviour after impact, the
projected damage area as well as delamination areas in the interfaces between the layers.
Figure 4.7 shows the average force-time curves for the four configurations at an impact
event. The first load drop, referred to as the beginning of irreversible damage and de-
formation [50, 229|, is identical at approx. 4300N force after 0.2ms after the impactor
hitting the surface. The further slope of the curve depends on the layer thickness. Thinner
layers (sublaminate scaled) exhibit a steeper increase with a maximum impact force of
8300 N, compared to 7800 N for the ply-block scaled laminate, but a shorter contact time
of 1.9 ms compared to 2.2ms. The induced energy during the impact event is calculated
by integrating the respective force-time curve and multiplication with the measured speed
of the impactor above the specimen. The results of the impact tests are summarised in
Table 4.2. In addition, the projected damage areas given by the outer damage shape as
well as the delamiantion areas, defined as the sum of all delamination are given. Both
are measured from the backside echo of the US C-scans taken after the impact event. For
the laminates with sublaminate-scaled stacking sequence, shorter contact time and higher
maximum contact force are measured, indicating towards a higher stiffness in thickness
direction and against bending during the impact event. Despite the slightly higher in-
duced energy during the impact event, the projected damage area is significantly smaller

(~ —65%) compared to ply-block scaled specimens.
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Figure 4.7: Average force-time curves during the impact event of the tested configura-
tions (material: HexPly-M21/34%/UD194,/T800S).

Table 4.2: Results of impact test for CFRP (HexPly-M21/34%/UD194,/T800S).

[45/0/ — 45/90]5,

[453/03/ — 453/903) s

[45/90/ — 45/0)35  [455/905/ — 455/05],

Contact time / ms

1.90 +£0.02

Max. contact force / N 8552 + 104

Induced energy / J

5.48 £0.20

Delamination area / mm? 510 % 80

Damage area / mm

2

650 £ 79

2.14£0.05
7292 £ 111
4.92+0.64
792 £ 148

1894 £ 129

1.92 +£0.02 2.16 £0.03
8217 £ 240 7484 £ 323
5.21+£0.32 5.15+£0.35
493 £ 29 822 £112
646 £ 26 1937 + 46
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The higher resistance against a low velocity impact damage with decreasing layer thick-
ness, visible in the smaller projected damage area for sublaminate scaled specimens, can
be explained by the higher number of interfaces available for delamination. Induced en-
ergy at the impact is dissipated mostly by matrix cracking and delamination damage. For
a sublaminate scaling in the tested configuration, the delamination damage is distributed
over 22 interfaces in the pine-tree shape, typical for impact damage in FRP (refer to
Figure 2.2). This is in accordance with the findings from other researchers on the devel-
opment of damage mechanisms in QI CFRP laminates leading to CAI failure [120]. For
the investigated ply-block scaled specimens only six interfaces between layers of different
fibre orientation are available for delamination. As the induced energy is in the same
range, it is dissipated by larger delaminations, in contrast to a higher number of smaller
size delaminations, with increasing layer thickness. Due to the measuring principle, only
the projected damage area and not the sum over all delaminated areas can be measured
in the US C-scan analysis. This results in the significantly higher projected delamination
area for the ply-block scaled specimens. The total summation of delamination area over
all interfaces is assumed to be of equal size for both configurations because the induced
energies are similar and the matrix properties that determine the resistance against de-
lamination crack propagation are the same. Similar findings are reported for thin-ply
laminates compared to laminates with conventional ply thickness [17, 19]. Reducing the

ply thickness can thus improve the impact resistance of composite parts.

4.4.2 Compression tests

Linear stress-strain behaviour is observed until shortly before final failure in UNC and
OHC tests. Figure 4.8 shows representative OHC stress-strain curves together with AE
amplitude signals and cumulated energy plotted over compressive strain for both, sub-
laminate (Figure 4.8a)) and ply-block (Figure 4.8b)) scaled specimens. For UNC, similar
behaviour is observed. A slight decrease of the stress-strain curve slope is simultaneous
to an increase in high amplitude AE-signals, indicating the beginning of severe damage.
For ply-block scaled specimens this damage initiation occurs at lower strains compared
to the sublaminate scaled configuration. Sublaminate scaled specimens fail in a brittle
way, whereas a more progressive failure with a higher amount of matrix cracks and de-
laminations before rupture is observed for ply-block scaled specimens. This difference in
damage development is detectable via the AE amplitude signals. In sublaminate scaled
specimens, AE-signals with amplitudes higher than 80 dB are detected only shortly before

final failure (at about 0.75 % strain), whereas for ply-block scaled specimens amplitudes
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higher than 80dB are measured starting between 0.4 % and 0.6 % strain. Amplitudes
equal to or higher than 80dB correspond well with a significant increase of cumulated
energy. The slope of the cumulated energy curves exhibit a sudden increase at the end
of the test for sublaminate scaled and a continuous increase after approx. 0.5 % strain
for ply-block scaled specimens, confirming the more progressive failure behaviour of the
latter. Results from UNC, OHC and CAI tests in terms of compressive strength and
strain at initiation of severe damage ;,; (detected with AE analysis) are summarised
in Table 4.3. With DIC measurements, the buckling behaviour in the impact region is
analysed. Buckling in Table 4.3 is defined as the maximum local out-of-plane extension of
the specimen surface at the impact region. Within similar layer thickness, specimens with
outer 0°-layers are more prone to buckle in the impact region. Ply-block scaled specimens

exhibit larger amount of buckling, especially for outer 0°-plies.

Table 4.3: Test results from UNC, OHC and CAI tests. Strain at initiation of severe
damage €;,;; is defined as the strain value at which first AE-signals with
amplitudes > 80 dB occur and E,,,, exhibits a significant increase.

[45/0/ —45/90]3, [453/03/ — 453/903], [45/90/ —45/0]3, [453/903/ — 453/03],

UNC strength / MPa 681 4+ 27 533 £ 68 640 + 23 564 + 35
UNC ginit / % ~ 1.40 ~ 0.70 ~ 1.60 ~ 0.80
OHC strength / MPa 362+ 7 336 £ 16 399+ 10 488 £ 31
OHC ejni / % ~ 0.70 ~ 0.60 ~ 0.77 ~ 0.50
CAI strength / MPa 296 + 11 204 £9 313+ 12 296 £+ 27
Buckling / mm 0.31 £0.12 2.68 £0.60 0.26 £0.10 0.34 £0.18

The size of the respective delamination areas between the layers after the impact event
and the fibre orientation next to the largest delamination are critical for compression
after impact properties of FRP. A larger delamination area results in a weakening of
the laminate against compression in general and a smaller support of the 0°-layers in
particular, due to the delamination crack opening being mode I dominated in compression.
The 0°-layers carry most of the load if oriented in loading direction but are prone to
kinking and buckling. Analogues to an Euler buckling column, higher thickness increases
the resistance against kinking [230]. Hence, the higher layer thickness of ply-block scaled
specimens contributes to higher CAI strength. To minimise fibre kinking and global
buckling, the 0°-layers should be supported against it by surrounding layers of different
fibre orientation. Less supported 0°-layers are more prone to buckle. This explains the
larger buckling, measured with the DIC, for ply-block scaled laminates with outer 0°-
plies compared to inner 0°-plies. The latter are better supported by the higher amount of
surrounding layers and thus less prone to buckling. Moreover, the influence of the 0°-layer
position, with inner 0°-layer exhibiting higher CAI strength, can be explained with the

pine-tree delamination shape.
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Figure 4.8: Representative OHC stress-strain curves, AE amplitude signals and cumu-
lated energy over compressive strain for sublaminate a) and ply-block b)
scaled specimens.
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Outer 0°-layers at the back side sublaminate from the impact position are not supported
over a large delamination area compared to inner 0°-layers. The unsupported length of
the sublaminate increases due to delamination growth [120]. Consequently, specimens
with larger delaminations exhibit lower resistance against global buckling, resulting in

lower CAT strength with increasing delamination areas between the outer 0°-layers.

The strain at damage initiation depends on layer thickness. Thicker layers exhibit dam-
age onset at lower strains and a more progressive failure behaviour. In the UNC tests, a
clear influence of layer thickness on compressive strength is observable. Increasing layer
thickness results in lower compression strength. The ply-thickness effect is more dominant
than any influence of the stacking sequence. The position of the 0°-layers has no signif-
icant influence for the ply-block case, where standard deviations overlap for specimens
with inner and outer 0°-layers. For sublaminate scaling, higher UNC strength values are

measured for specimens with inner 0°-layers.

In OHC tests however, the position of the 0°-layers has a significant influence on the
mechanical properties. Specimens with the 0°-layers inside exhibit higher OHC strength,
with the highest value for the ply-block scaled configuration where all 0°-plies are concen-

trated in one thick layer in the centre of the specimen around the neutral plane ([455/903/-
453/03]s)-

In Figure 4.9, the damage initiation at the hole is compared by C-scan back-wall echo and
X-ray images taken in interrupted tests. The specimens are tested until shortly before
final failure and the test is stopped at the first significant increase in high-amplitude AE
signals at approx. 0.7 % strain. Matrix cracking initiates at the hole due to the high local
stress concentration. For further details on crack initiation at the hole see [216]. The layer
thickness determines the orientation of TFF at the hole. IFF in sublaminate scaled speci-
mens (thinner layers) occurs first in the 90°-layer transverse to loading direction whereas
in the ply-block scaled specimens, it occurs first in the 0°-layers in loading direction.
Similar behaviour is observed for initial delaminations starting at the hole. They are ori-
ented perpendicular to loading direction for sublaminate scaled and in loading direction

for ply-block scaled specimens.

Regarding final failure, UNC specimens mostly fail in the gauge area between the tabs
by a splitting type of damage accompanied by delaminations. Ply-block scaled specimens
show larger delaminations at final failure, which corresponds to the progressive failure
process with increased delamination growth before final failure, as it was observed and
detected with AE analysis. A kink-band can be visually identified at the line of splitting.
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Figure 4.9: C-scan back-wall echo and X-ray images of failure initiation at ap-
prox. 0.7 % strain for representative OHC specimens (material: HexPly-
M21/34%/UD194/T800S).

Few specimens fail under the end tabs or by splitting at the upper edge where the load is

introduced by the test machine, but these are not regarded for the results.

All OHC specimens failed in the centre of the gauge area with a visible kink-band originat-
ing from the hole. Final failure of all CAI specimens originates at the impact damage. In
both tests, ply block scaled specimens exhibit larger delamination damage than sublami-
nate scaled specimens at failure. X-ray images taken after final failure for representative
OHC and CAI specimens of the four configurations are presented in Figure 4.10. Final
failure initiates at the stress intensification, i.e. the hole or the impact damage, and is per-
pendicular to loading direction. For the sublaminate scaled specimens final failure occurs
as brittle fracture in the 90°-direction in a broad, split crack through the stress intensifi-
cation that spans the width of the specimen. The stacking sequence or the shape of the
stress intensification, cut out hole with clear sharp edges versus blunt impact damage, has
no visible influence on final compressive failure. For thick layers, the perpendicular crack
broadens before leading to final failure, as can be seen in the images for the ply-block
scaled specimens. Fracture is not strictly perpendicular to loading direction. Delamina-
tion and cracking fracture propagates at an angle of 45° from the stress intensification
and then changes its orientation to 90° with regard to loading direction. In addition,

larger delaminations are visible compared to the specimens with thinner layers.
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Figure 4.10: X-ray images of final failure for representative OHC (top row) and CAI
(bottom row) specimens (material: HexPly-M21/34% /UD194/T800S).

Compression failure in FRP in general is dominated by the matrix properties [24]. All
specimens are produced from the same prepreg system to exclude this influence. The
damage onset at lower strains with increasing layer thickness, observed in UNC and
OHC tests, is in accordance with results from literature for compressive [65] and tensile
behaviour [7, 17] of QI CFRP laminates. The higher UNC strength for sublaminate
scaled specimens with inner 0°-layers can be attributed to a better support of the load
bearing 0°-layers by adjacent plies, leading to a delay of the onset of microbuckling and the
resulting kink-band initiation and rupture. This implies, that out-of-plane microbuckling
is the dominating mechanisms for inner 0°-layers. This effect is more pronounced when
a stress intensification is present. Here, the stacking sequence has a higher impact on
strength than the layer thickness. Accordingly, inner 0°-layers result in higher OHC and
CAT strength for constant ply thickness.

In Figure 4.11 the OHC and CAI strength with regard to the influence of ply thickness
and stacking sequence (0°-layer position) are compared. The highest OHC strength and
comparably high CAI strength are measured for the configuration with one central 0°-
layer consisting of six plies and surrounded by all other layers. It has to be mentioned,
that this configuration would results in lower bending stiffness and strength compared
to the other configurations investigated. But in the OHC case the surrounding layers
support the load bearing 0°-layers the most, resulting in the highest measured OHC
strength values. Regarding CAI strength, specimens with distributed plies exhibit similar
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Figure 4.11: Comparison of CAI strength and OHC strength for the investigated con-
figurations.

or higher strength values than this configuration, which can be attributed to the smaller

delamination between the layers after the impact event.

An open hole or impact damage reduces the bending resistance and has therefore a nega-
tive influence on global buckling. Central 0°-layers increase the bending resistance under
compression and show higher OHC strength. For CAI properties, central 0°-layers are
advantageous because of the conic delamination damage shape resulting from a low veloc-
ity impact with the largest delaminations at the backside from the impact surface. The
delamination area at the load carrying 0°-layers should be preferably small so that these
layers should be arranged in the centre of a laminate. However, for flexural bending load
cases, outer 0°-layers are an optimum. Regarding the 0°-layer position, a trade-off be-
tween bending and compression strength has thus to be made, whereas for the CAI case,

a trade-off between delamination area and support of the 0°-layers has to be made.

Considering these results, decreasing the ply thickness down to thin-ply laminates (¢, <
50pm) may not be the optimum in laminates with stress intensifications under pure
compression loading. Further investigations with thin-ply laminates might be necessary
to verify these findings with thinner layers, because a positive influence of a ply thickness
below 50 um is reported in literature |7, 17, 19]. However, if the main loads of a composite
part are compressive loads, the part is badly designed anyhow, so that a design only

against a compressive load case is rarely applicable. Considering the more realistic design
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case of mostly tensile or bending loading with a compressive load part, a sublaminate

scaled lay-up is most suited to fulfil these design loads.

OHC failure process depends on layer thickness, whereas the stacking sequence has no
significant influence. Failure originates at the free edge of the hole in all tests and is
perpendicular to loading direction in the 90°-direction for the ply-block scaled and in 0°-
direction parallel to loading direction for the sublaminate scaled laminates. This can be
explained by the difference in transverse contraction. Sublaminate scaled laminates with
thinner layers fail brittle at comparable high strains whereas ply-block scaled laminates
exhibit a damage process that initiates at lower strains and is more continuous and thus
less brittle. Less brittle materials have a lower notch sensitivity, because early 0°-layer
fibre matrix splitting in the ply-block scaled laminates acts as notch blunting mechanism
at the free edge [114]. Although a more progressive failure process might be advantageous
in some materials, as it may result in the possibility to take measures for repair of replace-
ment of the damaged part, a damage initiation at lower strains is mostly not acceptable

for FRP as first ply failure is often a design criterion.

4.5 Influence of carbon nanoparticle modification on

strength of epoxy regarding size effects

In this chapter, the influence of nanoparticle morphology and filler content in polymer
nanocomposites on the mechanical properties in small elongated volumes with regard to
size effects is investigated. Most of the results were published in [195, 231]. With an ex-
perimental approach representing small volumes, as they are present between the fibres in
FRP, the most promising particle morphologies for improving mechanical properties are
discussed and the influence of specimen volume and nanoparticle modification on true fail-
ure strength is shown. It is analysed whether or not a size effect for nanoparticle modified
epoxy exists and how the nanoparticle morphology influences the mechanical properties
in small volumes. These results are presented in the following section 4.5.1. With this ap-
proach, the failure initiation as well as local failure mechanisms at the nanoparticles can be
identified in detail for different nanoparticle morphologies in the small fracture surfaces.
The influence on mechanical properties is discussed by comparing the different energy
dissipating damage mechanisms at the nanoparticles, in dependence of their respective
morphology. The results from the fractography analysis are given in section 4.5.2. The
influence of nanoparticle morphology on the damage process in small volumes is discussed

in section 4.5.3.
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4.5.1 Size effect of carbon nanoparticle modified epoxy

Representative load-displacement curves for neat epoxy as well as with FLG nanoparticles
modified dog-bone and fibre specimens are presented in Figure 4.12. Load-displacement
instead of stress-strain curves are given for better comparability among the specimens,
because in the case of the fibres, necking is visible during the test and has to be accounted
for. The diagram for the fibres in Figure 4.12a) shows an increased elongation at break
for the neat specimen in contrast to the comparable brittle failure of the FLG modified
fibres. For this diameter range, maximum load of the neat matrix is significantly (~ 50 %)
higher. For larger fibre diameters however, maximum load can be in the same range for
neat and modified fibres, as is shown in Figure 4.12b), in which representative load-
displacement curves for a larger fibre diameter are given. For the dog-bone specimens
(refer to Figure 4.12c¢)), a similar trend regarding the elongation is observed. The neat
matrix exhibits higher ultimate strain. Nonetheless, maximum stress and failure stress
are higher for the FLG modified specimens. The FLG modification shows the highest
influence on tensile strength of dog-bone specimens, whereas CNT or CB modified dog-
bone specimens behave similar to the unmodified ones. These results are summarised in
Table 4.4 and discussed later in this chapter. The influence of nanoparticle morphology
on the load-displacement behaviour is shown in Figure 4.13, in which representative load-
displacement curves for fibre diameters of 150 pm =25 um are given. Thicker fibres exhibit
higher failure loads, as expected. The FLG modified fibres exhibit the shortest elongation
at break, which hints to a hindering of the polymer to deform plastically and develop
necked areas due to the comparable large FLG particles. CNT modified fibres have
slightly lower elongation at break compared to the unmodified ones, but show slightly
higher maximum load values for similar fibre diameter. The CB modified fibres behave
very similar to the unmodified ones. Thus it is concluded, that the small CB nanoparticles
have no significant influence on the load versus displacement and accordingly stress-strain
behaviour of an epoxy matrix. With the force at failure and the cross section after failure,

the true failure strength R; is calculated as described in section 3.3.1.

Figure 4.14 shows the true failure strength R, for the unmodified (neat) fibres and dog-
bone specimens as a function of specimen volume. The median value for failure stress
of the dog-bone specimens is independent of their volume R; = 61 MPa 4+ 7 MPa, which
is in the typical range for the used matrix system. According to the data sheet, the
strength is in the range of 60 MPa to 75 MPa. The unmodified epoxy shows a clear size
effect. A decrease in volume leads to a significant increase in true failure strength, with
an improvement of up to 237 % for the thinnest 22 um fibre (R, = 209 MPa) compared

to the dog-bone specimens. The median value with standard deviation of true failure
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Figure 4.13: Representative load-displacement curves for neat and carbon nanoparticle
modified fibres of comparable diameter between 125 pm and 175 pm.

strength for the fibrous specimens is R; = 119 MPa 4 38 MPa, which is approx. 95 %
higher than that of the dog-bone specimens. Even the lowest strength values for the
fibres are approximately 20 MPa higher than those of the dog-bone specimens. The large
scatter for fibrous specimens is attributed to the statistical defect distribution and the
manual manufacturing process. The cross-head speed seems to have no influence on the
true failure strength for dog-bone specimens, because all values lay in the same range
independent of the testing speed (refer to Figure 4.14, dog-bone specimens tested at
25 mm /min are marked with open symbols). One specimen tested at 25 mm /min exhibits
a slightly higher R, value, but this is attributed to manufacturing quality rather than

cross-head speed.

The clear size effect of the neat matrix is in accordance with the theory of defect dis-
tribution that results in an increased strength with decreasing volume, as observed for
the rupture of solids and brittle materials [62, 84, 221]. The strength for a brittle ma-
terial under uniform stress is dominated by the largest defect, the so called "weakest
link". Defects are randomly distributed so that larger volumes have a higher probability

of containing larger defects that result in lower strength. The size effect in solids with
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Figure 4.14: True tensile failure strength R; versus gauge volume V for neat epoxy
matrix system.

probability P;(o) and critical stress o, as a function of the stress o is described according
to Weibull’s theory of defect distribution with equation 4.1 [84]:

Po) = 1 - exp(~ (i) ) (11)
Where m is the Weibull-modulus. Figure 4.15 shows the size effect in a Weibull weak-
link-scaling (WLS) diagram for the used epoxy, in which the minimum values for true
failure strength are plotted against volume on a log-log scale. The curve through these
values to determine the Weibull-modulus m for the strength minima should be a straight
line with a slope of —1/m. A Weibull modulus of m = 0.17 is calculated. In order to
compare the tensile strengths o and oy, of two different volumes V; and V5 equation

4.2 is used.

o1 _ (W _%
- (1) (12)

Ot,2 Vs

)

Besides Weibull’s theory, the Griffith criterion for the strength of a brittle material [62]
can be applied as an analytical approach for estimating failure stress. According to this

theory, the strength depends on flaws in the material. With an energy based criterion,
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Figure 4.15: Weibull weak link scaling diagram (m = 0.17).

the ultimate strength o, of a material can be approximately calculated with its stress

intensity factor K7, according to the following equation 4.3 [36, 62|:

Kl,c

Oult = \/?df

Where d; is the diameter of the fibre in the case at hand.

The maximum strength of a material is the theoretical strength oy, which is based on the

(4.3)

separation of atomic bonds and thus the energy that is necessary to create a new fracture

surface. It can be calculated with equation 4.4 [63]:

E-Gy
20,

(4.4)

Oth =

Where Gy is the energy required to create a new fracture surface, h, is the separation
of the atomic planes, and E is the Young’s modulus of the material. For most solids
the theoretical strength is oy, ~ E/10 [63]. The measured strength values are lower
than F/10 because of the presence of flaws. For plastic materials a theoretical strength
of F/30 is derived, which is also postulated and applied as a lower bound for brittle
ceramics [232, 233].
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In Figure 4.16 the statistical (Weibull) or analytical (Griffith) approaches to determine
the strength of a brittle material in dependency of its volume are shown together with
the experimental results for the neat epoxy. A fracture toughness of Kj, = 1.51 MPa-/m
for the used matrix system is experimentally determined in SENB tests according to
ASTM D 5045 [167] and used to plot the line. True tensile strength is plotted versus
diameter in a In-In diagram. The theoretical strength, here assumed as E/10 [63], is
shown in this diagram as well. For larger volumes, the experimental data is in good
accordance with Weibull’s theory of defect distribution, whereas for smaller volumes, as in
the fibres, Griffith’s failure criterion shows better agreement. For reaching the theoretical
strength F /10, the volume of the fibres is still too large. Flaws can be found in every
fracture surface, so that the theoretical strength cannot be reached. The highest measured
strength values are higher than /30, hence this approximation for theoretical strength
is not meaningful for epoxy matrix systems. With the presented approach, the strength
to volume relation for polymers is described by different scaling laws and experimentally
confirmed. It can be shown, that different scaling laws are valid for a polymer, depending
on the range of specimen volume. Bauer et al. [233] presented this behaviour for ceramics
on the nanoscale. Their investigations for nanoscale ceramics show, that when decreasing
the volume further down, strength values are close or equal to the theoretical strength of

the material [234] in compression or push to pull tension tests [233, 234].

For nanoparticle modified epoxy, test results regarding the influence of specimen volume as
well as nanoparticle morphology and filling content on true failure strength are presented
in the following. Figure 4.17 shows the true failure strength R; for neat and with 0.05 wt.%
carbon nanoparticles modified epoxy as a function of specimen volume. Values obtained
in tests with dog-bone specimens are given for comparison representing larger volumes.
The experimentally measured values for true failure strength of the dog-bone specimens
are summarised in Table 4.4. Slightly higher R, values (+10 %) are observed for some
FLG modified specimens, but since the other values are within the standard deviation
for all configurations, the positive influence is small. Despite this, no significant influence
of a carbon nanoparticle modification on true failure strength is observed at this volume.
This can be attributed to the comparably low filling content. Other studies report an
increase of tensile strength with a higher filling content of 0.1 wt.% for different types
of graphene based nanoparticles such as graphene platelets [157], graphene oxide [159] or
mechanically exfoliated graphene |235]. For 0.05 wt.% FLG modification used here, the
mechanical properties of the matrix dominate and hence no significant improvement in

tensile strength is observed.
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Figure 4.16: Comparison of different analytical and statistical approaches for deter-
mining the size effect in polymers with experimental results.

Table 4.4: True tensile strength of unmodified and with 0.05 wt.% carbon nanoparticle
modified dog-bone specimens.

Specimen True failure strength / MPa

Unmodified 61.1£6.5
CB modified 58.2+ 2.6
CNT modified 60.2+5.0

FLG modified 64.7£7.1
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ified epoxy fibres showing the influence of nanoparticle filling content.
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modified epoxy fibres showing the influence of nanoparticle filling con-
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In the enlargement in Figure 4.17, true failure strength versus specimen volume only
for the fibrous specimens is plotted for better visualisation of the strength behaviour for
small volumes. Strength values exhibit a size effect for neat epoxy and a limitation in
true failure strength at approximately 110 MPa for fibres modified with 0.05 wt.% FLG.
The CB modified epoxy exhibits a clear size effect, comparable to the neat material. For
small volumes, an increase in true failure strength of approximately 100 MPa is observed.
In comparison to the neat epoxy fibres, the CN'T modified fibres exhibit slightly higher
true failure strength at similar volume. One CNT fibre with volume of V = 0.91 mm?
exhibits a high true failure strength of R, = 154.7 MPa for the comparable high volume.
The fracture surface of this fibre is further examined in fractography in section 4.5.2 to
identify possible reasons for this behaviour (refer to Figure 4.23). For a CNT content of
0.05 wt.%, no significant size effect is visible, but for lower particle content, increasing
strength with decreasing volume and therefore a clear size effect is observed as well (refer
to Figure 4.19).

The influence of nanoparticle volume fraction with regard to true failure strength is shown
in Figure 4.18 for CB, in Figure 4.19 for CNT and in Figure 4.20 for FL.G modified fibres.
For CB modified epoxy, configurations with 0.05 wt.% and 0.5 wt.% nanoparticle content
are investigated. No influence of nanoparticle weight content on true failure strength
of the specimens is observed in this range of filling content. Although the number of
tested specimens for this type of modification is comparably small, especially for 0.5 wt.%
(3 specimens), the highest value of all specimens for true failure strength of R, = 226 MPa

3. The lowest R, value of this modification is

is measured at a volume of V = 0.06 mm
measured for a specimen with similar volume, which is comparable to the behaviour of
neat epoxy fibres. The unmodified specimens also exhibit large scatter at low volumes
due to the statistical distribution of defects owing to the fact, that only the largest defect
initiates final failure. The similar behaviour of neat epoxy and CB modified epoxy is
explained with failure initiation at surface defects that is observed in SEM images for
both types. A larger defect results in lower true failure strength. This is analysed in

detail in section 4.5.2.

A broad range in filling content of CNT modified epoxy is tested from 0.025 wt.% to
0.6 wt.%. For the CNT modification values of true failure strength in the range of
200 MPa are observed for the lowest filling content of 0.025 wt.% CNT and for one fi-
bre with 0.1 wt.%. This indicates that with lower filling content, a size effect for CNT
modified epoxy exists as well. Failure initiation is analysed more in detail by fractography
analysis of the fracture surfaces described in section 4.5.2. It should be highlighted, that
the highest strength values of R; ~ 200 MPa for CNT modified epoxy are in the range
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of the maximum values for the neat epoxy, but for specimens with significantly higher
volume. Furthermore, most CN'T modified fibres exhibit higher R, values compared to the
unmodified resin at similar volume for all investigated filling contents. This implies that
despite of a size effect, the CNT modification has a positive influence on tensile failure

strength.

For FLG modified epoxy, the true failure strength of the fibres is only slightly higher
(max. 25 %) compared to the dog-bone specimens. The FLG modified matrix system
shows only a small size effect, with a slight increase in strength with decreasing volume.
When compared to the high increase for the neat epoxy, the maximum failure strength
for the FLG modified epoxy seems to be limited, even in very small volumes. These
results implicate, that the nanoparticle modification may act as an enhancement in larger
volume, such as it is observed with the slightly higher R; values of the FLLG modified
dog-bone specimens and reported in literature [157, 159, 235|, but initiate failure and
thus weaken the material in very small volumes regarding the true failure strength. No
significant influence of the amount of nanoparticles in the matrix is found. Most values for
true failure strength are between 60 MPa and 110 MPa. For higher FLG filler content, R;
values rise up to 130 MPa for 0.1 wt.% FLG and 140 MPa for 0.5 wt.% FLG. Hence, only
a small increase in R; but no significant size effect when compared to neat or CB modified
epoxy is observed. This is attributed to failure initiation at the largest FL.G particle or
aggregate, which is larger than any material defects, thus always available within the
fibre and independent of specimen volume. As a consequence, true failure strength of
FLG modified epoxy depends on two factors. Firstly, the size of the largest FL.G particle
that initiates failure and secondly, the orientation of this particle with regard to loading
direction. This will be analysed more in detail by SEM of the fracture surfaces (refer to
section 4.5.2).

4.5.2 Influence of nanoparticle morphology on failure initiation

and local damage mechanisms

The fracture surfaces of the fibres after tensile testing are analysed by SEM with regard
to failure initiation and damage mechanisms at the nanoparticles. Figure 4.21 shows the
fracture surfaces of four representative fibres of different diameter dy and thus volume V/,
that failed at the stress given in the caption of the figure. Fracture surfaces are smooth.
The crack may nonetheless propagate at different heights, as it is visible in Figures 4.21b)
and 4.21d).
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Figure 4.21: SEM images of the fracture surface of unmodified matrix fibres of differ-
ent volume V:
a) Fibre with volume V' = 0.0l mm? (d; = 22pm), R, = 209 MPa
b) Fibre with volume V' = 0.24 mm? (d; = 110pm), R, = 81 MPa
¢) Fibre with volume V' = 0.81 mm? (d; = 203 pm), R, = 167 MPa
d) Fibre with volume V' = 0.09mm? (d; = 66 um), R, = 201 MPa.
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The origin of failure, in these cases the flaw from which failure initiates, is marked in
the pictures. Final failure initiates at surface defects in all unmodified fibres, with the
defect size being critical for stress at failure. Since no rest lines are visible in the fracture
surface, the crack growth rate is almost constant. The fibre in Figure 4.21a) has a very
small volume and contains a very small surface defect and thus exhibits the highest failure
stress. This is similar for the fibre shown in Figure 4.21d), for which a small surface defect
is identified within a region of plastic deformation at failure at the fibre edge. For the fibre
shown in Figure 4.21b), a larger defect results in a comparable low failure stress, which
is even lower than that of the fibre shown in Figure 4.21c), although the latter one has a
larger volume. But as can be seen in Figure 4.21c¢), the surface area defect is smaller, than
that of the fibre in Figure 4.21b) containing a surface defect nearly twice as large. This is
attributed to the manufacturing process, during which the size of flaws varies statistically,
so that fibres of larger volume may as well contain a small defect. But in general, a trend
of decreasing defect size with decreasing volume is observed. Therefore, these results
are in good agreement with the theory of a statistical defect distribution [84| and the

fractography results confirm the R; versus volume behaviour described in section 4.5.1.

A representative fracture surface of a with 0.5 wt.% CB modified epoxy fibre is shown
in Figure 4.22. Failure initiates at a surface defect that is larger than the nanoparticles
or small CB agglomerates visible in the fracture surface. The fracture surface is rougher
compared to that of neat epoxy, which indicates a potential for fracture toughness increase.
Crack separation and crack propagation at different heights are visible and may act as

energy dissipating damage mechanism at the globular shaped CB nanoparticles.
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Figure 4.22: SEM image of a representative fracture surface of a with 0.5 wt.% CB
modified epoxy fibre (V = 0.06 mm?, R; = 226.11 MPa), showing crack
separation at CB particles and agglomerates.



80 4 Results and Discussion

Figure 4.23 shows representative fracture surfaces of CNT modified epoxy fibres. Failure
initiates either at CNT agglomerates (refer to Figure 4.23a)) or at inclusions like amor-
phous carbon (Figure 4.23c)) or other foreign particles (Figure 4.23b)). These inclusions
act like defects in the material and initiate failure due to local stress concentrations. An
inclusion of foreign particles is shown in detail in Figure 4.23e). Failure initiation at an

aggregate of amorphous carbon is presented in detail in Figure 4.23f).

Energy dispersive X-ray (EDX) analysis is performed in SEM to identify these two types
of inclusions. The analysis reveals a high concentration of iron in the globular shaped
inclusions. EDX analysis is also performed on pure, as received CNT. An SEM image of
the pure CNT with the two types of inclusions is given in Figure 4.24 together with the
results of an EDX line scan along the line marked in the image. The concentration of
carbon is represented with a red line, the iron concentration with a yellow line. The glob-
ular particle on the right side exhibits a significantly higher iron concentration, whereas
the particle of irregular structure on the left has a slightly higher carbon concentration
compared to the surrounding CNT. The globular particle is therefore identified as a rem-
nant with high iron content from the CNT production process, whereas the particle of
irregular shape is amorphous carbon. The foreign particle inclusions found in the frac-
ture surfaces of the fibres are thus assumed to be remnants from the ferrocene catalyst
used in the CNT production process, because they occurred only in CN'T modified fibres.
Amorphous carbon is also a remnant from the CNT production process. The used CNT
have a purity of 75 %. The remaining 25 % material are MWCNT, amorphous carbon or

other impurities, according to the manufacturer.

The higher the CNT filler content, the higher the probability of such impurities being
present in the fibre. If no inclusions are present, failure initiates at the largest CNT
agglomerate in the fracture surface. Such a CNT agglomerate is shown in detail in Fig-
ure 4.23d). The presence of the impurities as failure initiating flaws reduces the true
failure strength of the CNT modified fibres. By using CN'T of higher purity for modifica-
tion, even higher R; values could be achieved for similar volumes. But despite this fact,
higher R; values compared to the unmodified resin are measured, which highlights the
potential of SWCNT for improving mechanical properties of epoxy in small volumes. An
increase in CNT weight fraction in the matrix increases the fracture surface roughness and
thus indicates higher toughness [150, 236]. Crack separation at CNT aggregates is visible.
Nanotubes that are pulled out of the fracture surface are also visible, the amount being
significantly higher for 0.5 wt.% CNT compared to 0.05 wt.% CNT content. Pulled-out

tubes are partly oriented in crack growth direction.
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Figure 4.23: SEM images of representative fracture surfaces of epoxy fibres modified
with carbon nanotubes:
a) Fibre modified with 0.05 wt.% CNT (V = 0.91 mm?), showing crack
initiation at a CN'T agglomerate and crack separation at CNT particles
(R; = 154.69 MPa),
b) Fibre modified with 0.5 wt.% CNT (V' = 0.39 mm?), showing crack

initiation at a non-carbon inclusion (R; = 126.57 MPa),
¢) Fibre modified with 0.05 wt.% CNT (V = 0.31 mm?), showing crack
initiation at an amorphous carbon inclusion (R, = 123.87 MPa),

d) detail of the CNT agglomerate in a), e) detail of failure initiating in-
clusion in ¢), f) detail of failure initiating region in e).
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Figure 4.24: EDX line analysis of as received OCSiAl 75 % Tuball SWCNT includ-
ing two different types of particles. Carbon concentration: red line, iron

concentration: yellow line.

SEM images of the fracture surfaces of three FLG modified fibres of different diameter are
shown in Figure 4.25. They failed at the stress levels given in the caption. Each fracture
surface is representative for the respective range of true failure strength. The origin of
failure initiation is marked in the images. Figures 4.25a) and 4.25b) show fibres with
0.05 wt.% FLG and Figure 4.25¢) a fibre with 0.1 wt.% FLG dispersed in the matrix.

In contrast to the unmodified matrix fibres, where failure initiates from a surface defect,
the crack initiates from the largest FLG nanoparticle aggregate in the fracture surface in
all FLG modified specimens. As already discussed, the volume of FLG modified epoxy has
minor influence on Ry, leaving particle size and orientation as reasons for the difference
in strength. Failure initiates at the largest FLG particle or aggregate in the volume,
similar to the largest flaw in the unmodified or CB modified matrix. But when comparing
the two fibres shown in Figures 4.25b) and 4.25¢), the FLG particles at the origin of
failure have similar size. Despite having a smaller volume, the strength of the fibre in
Figure 4.25b) is significantly lower, eliminating FLG particle size as the only explanation
for this behaviour. Regarding the fracture surfaces of the other fibres, this trend is
confirmed. Hence, not only the size of the FL.G particle in relation to the fracture surface,
but also its orientation with regard to the loading direction has an influence. Particle
size is relevant for failure initiation, but its value alone is not the dominating factor for

strength.
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Figure 4.25: SEM images of the fracture surface of FLG modified matrix fibres of dif-
ferent volume V:
a) Fibre modified with 0.05 wt.% FLG (V = 0.19mm?, d; = 97 pm,
R, = 111 MPa)
b) Fibre modified with 0.05 wt.% FLG (V = 1.00mm?®, d; = 216 pm,
R, = 72MPa)
¢) Fibre modified with 0.1 wt.% FLG (V = 1.34mm?*, dy = 261 nm,
R, = 101 MPa)
d) Detail of a), e) Detail of b), f) Detail of c)
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In Figures 4.25d), 4.25¢) and 4.25f), larger magnifications of the failure initiating nanopar-
ticle in the fracture surfaces shown in Figures 4.25a), 4.25b) and 4.25¢), respectively, are
given. Different types of microdamage at the FLG nanoparticles are visible. Figure
4.25d) shows nanoparticle matrix debonding and a pull-out type of microdamage that
occurs when the graphene flakes are orientated in loading direction, because the inter-
facial strength between graphene and matrix is lower than the strength of the covalent
atomic bonds within the graphene layers. Figure 4.25¢) shows a flat, smooth surface and
nanoparticle matrix separation as well. The smooth surface indicates, that two layers of
graphene are separated from each other. This type of microdamage is typical for graphene
layers being orientated perpendicular to the loading direction. In this case, the Van-der-
Waals bonds between two layers fail before or at the same stress as the graphene-matrix
interface. In Figure 4.25f), shearing of two graphene layers orientated in an angle of ap-
proximately 45° to loading direction is visible. This is the case, when the Van-der-Waals
bonds fail before the covalent bonds of the layers. Considering the tensile test results and
the fractography analysis, the orientation of the largest particle has the highest influence

on true failure strength.

In Figure 4.26, two FLG aggregates of similar size are visible in the fracture surface of one
fibre. The graphene layers in the failure initiating particle are oriented nearly perpendicu-
lar to loading direction, whereas the layers in the other FL.G particle are oriented parallel
to loading direction. This confirms that despite the size of the particle, the orientation
with regard to loading direction is critical. The large amount of FLG modified fibres
prepared, allows to quantify the influence of particle or aggregate orientation on the true
failure strength. Assuming that failure always initiates at the largest FLG particle or ag-
gregate in the volume, fracture surfaces of several FLG modified specimens are analysed
with regard to the orientation of the failure initiating FL.G particle. The orientation of
this particle related to loading direction is correlated with the volume and true failure
strength of the respective specimen, as shown in Figure 4.27. True failure strength of
the fibres with particles oriented perpendicular or diagonal to loading direction is limited
to approximately R; = 105 MPa. The layers oriented perpendicular to loading direction
may separate at lower stresses due to the comparable weak Van-der-Waals forces between
the layers and initiate failure. When the FLG particles are oriented with the layers in
loading direction, the modified fibres exhibit true failure strength above R, = 105 MPa
and up to R; = 140 MPa. FLG particles oriented perpendicular to loading direction are
observed only in fibres of larger volume. This can be explained by the fibre/FLG particle
diameter ratio. If the fibre diameter approaches the lateral FL.G dimensions, which may

be up to 20 pm, the fibre is prone to break during the manufacturing process. Therefore,
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in the smaller fibres produced, the largest FLG particles are oriented almost all in loading
direction. With smaller volume, the probability of the comparable large FL.G particles to
be oriented transverse to loading direction decreases, leading to higher failure stress. This
leads to the observed occurrence of parallel to loading direction oriented particles only in

fibres with smaller volume.

Figure 4.26: SEM image of a representative fracture surface of an epoxy fibre modified
with 0.5 wt.% FLG (V = 0.58 mm?, R, = 80.19 MPa), showing crack ini-
tiation at an FLG particle, FLG pull-out failure mechanisms at another
particle and a very rough fracture surface.

The fracture surface of all FL.G modified fibres is rougher compared to the neat specimens.
Crack deflection and crack bifurcation at FLG nanoparticles are clearly visible (refer to
Figure 4.25b) and 4.25¢)). With these findings, the mechanisms for crack propagation
in graphene based nanoparticle modified epoxy, proposed by Chandrasekaran et al. [156],
are confirmed experimentally in a very small fracture surface. Figure 4.26 shows an SEM
image of a representative fracture surface of a fibre containing 0.5 wt.% FLG. Similar to
the CNT modification, an increase in nanoparticle content leads to a rougher fracture sur-
face. The damage mechanisms of nanoparticle pull-out, plastic void growth and graphene
layer shearing at the FLG particles, already discussed in [9, 23, 156|, are observed. In-
creasing nanofiller content increases the amount of matrix plastic deformation and hence

the fracture surface roughness.

4.5.3 Influence of nanoparticle morphology on the damage

process of epoxy in small volumes

Particle morphology has a clear influence on the size effect and the maximum true failure
strength of modified epoxy. If nanoparticles or nanoparticle aggregates are larger than the

statistically distributed defects always existent within the material, they initiate failure
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Figure 4.27: Influence of FLG-particle orientation with regard to loading direction on
true failure strength for different volumes.

and thus neglect any size effect. This is the case for the comparable large FLG particles
used in the present study. Otherwise, if nanoparticles are smaller than material defects,
a size effect with increasing strength for decreasing volume exists. This is the case for
CB particles or even small CB agglomerates and may increase the local strength in small
volumes, e.g. between the fibres of FRP. According to the experimental results, a size
effect is also observable for CNT modified epoxy if purity and dispersion are of high
quality.

The SEM images show, that dispersion of CNT with the calendering method is very effi-
cient even for CNT with a very high specific surface area (high aspect ratio). They are
an optimum for mechanical and electrical properties, but difficult to disperse homoge-
neously in the matrix [135, 148]. Good dispersion is achieved for CB and FLG as well,
confirming the three roll mill dispersion method as highly efficient for different particle
morphologies [148, 237|. Although SWCNT have a high potential for increasing tensile
strength [135], the presence of undesired remnants from the production process may coun-
teract any enhancement, as is the case in several fibres in this study. Accordingly, in order
to achieve an optimum in reinforcement, dispersion and purity of the nanoparticles are

critical and should be considered carefully. Impurities from nanotube production act as
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flaws within the material and oppose the desired enhancement. The observed failure ini-

tiation at CNT agglomerates is in accordance with other experimental results, e.g. from
Bai and Allaoui [155].

The high values of true failure strength at smaller volumes for CB modified epoxy ex-
hibit a certain potential for increasing mechanical properties of polymers and FRP with
these comparable low-cost fillers. This is due to the fracture toughness increase, reported
in [135]. The toughening mechanism of crack separation and plastic yielding of the matrix
at the CB particles is shown in Figure 4.28 as a scheme and in an SEM image of a fracture
surface. This is comparable to the mechanism shown by Haba et al. [237] for fullerene like
tungsten disulfide (WS,) particles that have similar morphology. Because of the globular
shape of CB, additional energy dissipating mechanisms like pull-out or layer shearing are
not available for this type of particles. Compared to the other particles investigated,
the zone around a particle available for energy dissipation is very small, confirming the

classification of a point-like 0D enhancement (refer to figure 2.8).

Figure 4.28: Damage mechanisms at carbon black particles: a) Scheme for crack sepa-
ration at a CB nanoparticle or agglomerate, b) SEM image showing local
matrix plastic deformation and crack separation at CB particles in a fibre
fracture surface.

The highest true failure strength values of neat and CNT modified epoxy are in the
same range, but those of the latter are measured in specimens of larger volume. The
CNT modification therefore increases the tensile failure strength of polymers. What is
reported in literature for bulk specimens |20, 135, 148-150, 157, 238| is now confirmed
for very small, elongated volumes. Different energy dissipating, toughening mechanisms
at the nanoscale are identified. Among these are nanotube fracture, crack bridging and
nanotube pull-out, with the latter being most pronounced in the fracture surfaces of the
fibres. A scheme (adapted from [135]) and SEM images showing the damage mechanisms
at SWCNT in the fracture surface are given in Figure 4.29. Nanotube pull-out is the
dominating mechanism at the nanoscale and it can only be effective in dissipating energy
along the nanotube direction. Hence, the categorisation of CNT as 1D reinforcement

(Figure 2.8) seems to be valid. The size effect - a significant increase in strength below
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a certain volume - is valid for CNT modified polymer as well, but the volume, at which

strength increases significantly, is shifted to higher values.

Figure 4.29: Different damage mechanisms at carbon nanotubes: schematic represen-
tation of the nano-damage mechanisms crack bridging, nanotube pull-out
and nanotube fracture from [135] and SEM images of these mechanisms
in the fracture surface of a matrix fibre modified with 0.5 wt.% CNT.

No significant size effect is observed for the FLG modified fibres. For most effective
improvement of mechanical properties, a particle size close to the critical length is de-
sired [162], but larger particles or aggregates may initiate failure in small volumes at lower
stress, compared to the unmodified material. Hence, large particles may have negative
effects on some mechanical properties. As determined with fractography, failure initiates
at FLG particles or aggregates and not from a defect within the polymer, therefore the
statistical defect distribution has only minor influence on the true failure strength in the
fibrous specimens. The nanoparticles act as flaws in this context, counteracting any size
effect due to differences in specimen volume, because there is always a nanoparticle and
hence a crack initiating stress concentration present in the specimen. It is further assumed
that failure initiates at the largest nanoparticle in the volume, similar to the largest flaw
in brittle materials. From the lower strength of the modified fibres compared to the un-
modified ones, it can be concluded that damage initiation at nanoparticles may lead to
localised crack initiation in the small volume between the fibres in FRP at lower strength

in static or at shorter time in cyclic tests.

A clear influence of the particle orientation with regard to loading direction is quantified.
Orientation of the covalent bonds within the graphene layers of the largest particle in
loading direction leads to damage initiation at higher stresses and thus, higher true failure
strength. For diagonal or perpendicular orientation of the largest FLG particle, true

failure strength of the specimens is limited to 105 MPa. This is the maximum global stress
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value at which local layer shearing, layer separation or plastic yielding of the matrix occurs
and initiates final failure. The damage mechanisms of FLG pull-out occurs at latest at a
maximum stress of 140 MPa. Due to the high stiffness difference between fibre and matrix,
local stress concentrations occur. Considering this, calculations of the maximum failure
strength of either the Van-der-Waals bonds between the layers or the nanoparticle-matrix

interface can be verified by using these experimental results.

In small elongated volumes, like in the spaces between the fibres in FRP, an orientation of
the graphene layers perpendicular to the fibre axis in the modified layer is not possible, if
lateral dimensions of the FL.G particles are in the range of the fibre diameter. The results
implicate that in FRP, larger particles are mostly oriented along the reinforcing fibres. In
0°-layers, the covalent bonds of the FLG particles are oriented in loading direction. In
90°-layers, the layers are oriented perpendicular to loading direction and may on one hand
initiate local matrix failure, but on the other hand dissipate energy due to the shearing
of the graphene layers and plastic deformation of the surrounding matrix, leading to

enhanced mechanical properties observed when incorporated in FRP [11, 23].

When comparing the strength of the dog-bone specimens, the small increase in strength
for some FLG modified specimens is in accordance with previous investigations on the
effect of graphene nanoparticles on mechanical properties of polymer matrices. A positive
influence of FLG nanoparticle modification has been reported by several authors [156—
159, 235]. The increase in strength is attributed to a higher fracture toughness resulting
from stress relieving mechanisms such as microdamage at the nanoparticles and crack
separation and bifurcation [156]. In the nanoparticle modified fibres, the volume is too
small for these stress relaxation mechanisms to be efficient, because any microdamage at
a nanoparticle as first failure, results in final failure, leading to lower or equal strength
compared with the unmodified fibres. Nonetheless, crack separation and bifurcation are
clearly visible, confirming existing theories experimentally in a small fracture surface. In
the larger volume of the dog-bone specimens, microdamage does not result in final failure,
but reduces the stress, which, along with a lower crack growth rate, may lead to a higher

strength compared to the unmodified material.

Different types of microdamage at FLG particles are observed that confirm existing models
on damage mechanisms at layered particles. In Figure 4.30, a schematic representation
of different types of microdamage at graphene nanoparticles, with SEM images showing
these types of damage in the fracture surface of FLG modified matrix fibres, are given
together with the corresponding strength of the pictured fibres in a strength versus volume

diagram. The schematic representation is based on the work of Wittich et al. for layered
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particles [161] and was already applied for explaining increased fatigue life of FL.G modified
FRP by Knoll et al. [23]. The type of microdamage depends on the orientation of the
layers to the loading direction, as indicated in the scheme. Fibres, in which the graphene
layers of the largest FL.G particle in the fracture surface are orientated with their covalent
bonds in loading direction, exhibit the highest strength. When the graphene layers of
the largest particle within the fracture surface are orientated perpendicular to loading
direction, the Van-der-Waals bonds between the layers carry the load, which results in
lower strength (refer to the plot in Figure 4.30 ¢)). Thus, the true tensile strength is
mostly determined by the orientation of the largest FLG nanoparticle with regard to
loading direction, as presented in Figure 4.27. For best mechanical properties in a small
polymer volume, for example the matrix between the fibres in FRP, the graphene layers

should be orientated parallel to loading direction.
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Figure 4.30: Different damage mechanisms at FLLG nanoparticles in dependency of the
particle orientation with regard to the loading direction
a) Schematic representation of the damage mechanisms after |23, 161]
b) SEM images of the fracture surface of three different FLG modified
matrix fibres showing the mechanisms sketched in a)

c¢) True tensile strength versus specimen volume for the FLG modified
fibres.

As expected, the fracture surface roughness increases with increasing filler content for all
investigated particle morphologies. Comparing the plastic deformation of the matrix for
the three types, FLG modification exhibits the highest amount of fracture surface defor-
mation, whereas in CB modified specimens only rough spots at agglomerates are found,

where the crack height is changed. CNT modification in general leads to higher amounts
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of plastic deformation compared to CB, but pull-out of the nanotubes is the dominant
mechanism. The nanotubes used in this study are quite long and pull-out length is high
before breakage. According to analytical approaches by Greenfeld et al. [162], this should
result in a significant increase in strength and toughness and explains both, the higher
stress values compared to unmodified fibres of same volume and the shift of the strength
increase, due to the size effect, to higher volumes. The higher fracture surface roughness
for FLG in comparison to CNT corresponds well with a higher fracture toughness. Re-
ferring to Figure 2.11, an FLG modification results in higher fracture toughness than a
modification with CNT.

The nanoparticle volume fraction may have a significant influence on mechanical proper-
ties of nanocomposites [135, 148, 156]. Regarding the size effect, no significant influence
of a modification with FLG or CB nanoparticles is found. In FLG modified epoxy, a fail-
ure initiating particle is always available, neglecting any size effect, whereas for CB, the
particles are smaller than material surface defects, resulting in a similar behaviour as the
neat epoxy. With decreasing filling content, CN'T modified epoxy exhibits less probability
of agglomerates or impurities from manufacturing process, resulting in a more significant
size effect. Nonetheless, if purity and dispersion are high enough, it is assumed that the
CN'T weight fraction has no significant influence on the size effect up to a certain volume

fraction.

Concluding, the influence of the investigated particle morphologies on the size effect ac-
cording to the experimental results is presented schematically in Figure 4.31. As there is
a clear dependence on particle size, epoxy modified with smaller graphene particles than

those used here may also exhibit a size effect.

4.6 Tailored FLG modification

From the investigation of small volumes by using epoxy fibres, FLG nanoparticles exhibit
the most interesting failure mechanisms and properties for modification of FRP. This
type of particles also leads to the highest increase in fracture toughness of epoxy in
SENB experiments (refer to Figure 2.11). Since failure initiates at FLG particles, a
relief of the fibre-matrix interface and a change in transverse cracking behaviour might
be achieved. Furthermore, previous investigations [23, 183, 184] showed differences in
the fatigue behaviour of FLG modified CFRP between tension-tension (t-t) and tension-
compression (t-c) loading that need clarification with regard to the influence of FLG in

the different layers. Therefore, the influence of an FLG modification of either 90°- or
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Figure 4.31: Influence of carbon nanoparticle morphology on the size effect of epoxy
matrix nanocomposites.

0°-layers of cross-ply laminates is investigated. Most of the quasi static and fatigue tests
presented within this chapter were carried out, presented and discussed within the scope
of the master thesis of Schetle [239] and submitted for publication. Fractography of the
fracture surfaces after failure by using SEM is carried out to analyse the influence of

nanoparticles on the failure process and different damage types of cross-ply laminates.

4.6.1 Quasi-static tensile tests

Figure 4.32 shows representative stress-strain curves (Figure 4.32a)) and the related cu-
mulative energy of the AE signals versus strain plots (Figure 4.32b)) for unmodified and
tailored FL.G modified cross-ply laminates. Results from the quasi-static tensile tests are
summarised in Table 4.5. No significant change in strain to failure is observed with a
nanoparticle modification. The FLG modified configurations show slightly higher values
for the Young’s modulus (= +5.5 %).

For specimens with unmodified 0°-layers (NNN and NGN), load drops and a decreasing
slope of the stress-strain curve are observed above approx. 0.4 % strain. These load drops
correlate with an abrupt increase in cumulated energy as visible in Figure 4.32b) and
can be attributed to material degradation at higher strains by IFF, delaminations and

breakage of single fibres or fibre bundles.
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Figure 4.32: Results from quasi-static tensile tests: representative stress-strain curves
a) and the related cumulated energy versus strain curves b).
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Table 4.5: Quasi-static tensile test results for tailored FLG modified cross-ply lami-
nates (material: T700S / R470).

Unmodified 90°-modified 0°-modified

Young’s modulus / GPa 51.4+28 54.4+4.2 04.1+25
Stress at failure initiation / MPa 273 4+ 18 328 £ 20 284 £ 18
Tensile strength / MPa 947 £ 76 945 + 40 1093 £ 58
Strain to failure / % 1.99 +0.02 1.954+0.13 1.98 +0.09

Cumulated energy at failure / aJ (4.2+1.3)-10'® (3.8 +£0.9)-10' (2.9+0.7)-10%

A significant difference in the slope of the stress-strain curves is observed for the 0°-layer
modification. These specimen exhibit a linear stress-strain behaviour without any sig-
nificant load drops until final failure that results in a higher tensile strength (4+15.3 %)
compared to the other configurations. This difference in the damage process is also visible
in the AE cumulated energy (refer to Figure 4.32b)). Compared to the other configura-
tions, the increase in accumulated energy for the 0°-layer modified specimens is less steep
after the first increase, attributed to IFF, resulting in a lower value of accumulated energy
at final failure. Fibre bundle breakage, that correlates with a significant increase in AE
cumulated energy and a drop in the stress-strain curve, is hence suppressed for a long

period of loading with a FLG modification of the 0°-layers.

The stress at IFF initiation can be determined from the increase in accumulated energy
that correlates well with a slight decrease in the slope of the stress-strain curve. This
slope decrease is also referred to as a "knee" and is typical for initiation of the first trans-
verse cracks in cross-ply laminates [55, 220]. A modification of the 90°-layers with FLG
nanoparticles (NGN) shifts the initiation of IFF to higher stresses (+20.2 %) compared
to the unmodified reference (NNN). This shift in IFF initiation is also visible in the slope
of the AE accumulated energy (refer to Figure 4.32b)), where the first steep increase in
accumulated signal energy is shifted to higher strain values. Since IFF occurs mainly in
the 90°-layers, no significant change is observed for a 0°-layer FL.G modification, although
the stress at IFF initiation is slightly higher (+4.0 %) compared to that of unmodified
specimens. During the tensile tests, all configurations show similar AE signal frequencies,

indicating similar damage types in general.

Photographs of representative specimens after final failure are shown in Figure 4.33 a)
for a 90°-layer FLG modification (NGN) and in Figure 4.33 b) for an unmodified 90°-
layer specimen (GNG in the image). All specimens with unmodified 90°-layer (NNN and
GNG) look similar after final failure. An FLG nanoparticle modification of the 90°-layer

significantly reduces the amount of transverse cracks spanning both the thickness and
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width of the specimens, as can be seen from the smaller amount of 90°-layer fragments.
Nonetheless, the total amount of IFF visible at the specimen edges is similar in all con-
figurations. Transverse cracks can as well be observed at the edges within the remaining
large parts after fracture of the 90°-layer modified plies. But these cracks do not span
either thickness, width or both of the specimen completely, thus they are not visible as

fully separated fragments after failure.
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Figure 4.33: Photographs of representative CFRP cross-ply specimens after final fail-

ure: a) 90°-layer FLG modified, b) 0°-layers FLG modified, 90°-layer un-
modified.

Figure 4.34 shows representative SEM images of the delamination fracture surface be-
tween the 0°-layer, visible in the images, and the 90°-layer. Figures 4.34 a) and b) show
images of an unmodified NNN specimen, in Figure 4.34 ¢)-h) images of GNG specimens
with the 0°-layer modified with FLG nanoparticles are shown. The fracture surface of
unmodified specimens is comparable smooth with mostly adhesive fibre-matrix interface
failure. Small, localised matrix remnants sticking on the fibres indicate regions of cohe-
sive matrix failure. In contrast to that, delamination surfaces of modified specimens are
rougher and exhibit both adhesive and large areas of cohesive failure. As shown in the
detail in Figures 4.34 e),f),g), and h), FLG particles are found in the transition zone from
adhesive to cohesive failure. Around these particles the matrix exhibits plastic deforma-
tion. The delamination surface of NGN specimens (90°-layer FLG modified) looks similar
regarding roughness and the proportion of cohesive and adhesive failure. However, as

shown in Figure 4.35, large remnants of the 90°-layer are visible on the fracture surface.
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These are attributed to crack tip delaminations of transverse cracks in the 90°-layer that

results in the delamination running partly through the 90°-layer.

4.6.2 Cyeclic tests

In Figure 4.36 the cycles to failure for the two load levels and the three configurations
are shown. A modification of the matrix with FLG nanoparticles reduces the fatigue
lifetime under alternating loads (R = —1). The decrease is more pronounced for a 90°-
modified layer showing a reduction of approximately —88 % at 215.0 MPa and —72 %
at 228.3 MPa. These specimens exhibit the lowest cycles to failure at both load levels
with a greater difference in comparison to the other configurations for the lower load level
of 215.0 MPa.

Damage accumulation until final failure in cyclic tests is similar for the investigated con-
figurations. Cracks in the form of IFF in the 90°-layer are the first observed damage type
within the first load cycles. Amount and length of these transverse cracks increase with
increasing cycles. Final failure is initiated by large delaminations between the 90°-layer
and the 0°-layer. Shortly after delamination initiation, final failure of the specimen occurs
in the form of buckling of the 0°-layer within the free area of the anti-buckling device.
Hence, rupture of the specimens occurs under the compressive part of the loading. The de-
lamination growth is pronounced for nanoparticle modified specimens resulting in shorter
fatigue life at R = —1.

Development of 90°-layer transverse cracks at the edges with increasing load cycles during
interrupted fatigue tests of one representative specimen of each configuration are presented
in Figure 4.37. The FLG modified specimens exhibit slightly reduced amount of edge
cracks in the 90°-layer. This is more pronounced for a modification of the 90°-layers
(NGN) as it was already the case in the quasi-static tensile tests. Similar to the tensile
tests, the IFF development is changed with slightly smaller amount of IFF at higher load
cycles with a 90°-layer modification. As only the edge crack density is measured, no
information about crack width or crack opening is obtained. Nonetheless, as transverse
cracks initiate at the free edge of a specimen for the chosen geometry [5, 56|, the value is

a good indicator for transverse cracking behaviour in the 90°-layer.

Figure 4.38 shows the delamination fracture surface between the 0°- and the 90°-layer and
the initial delamination at a transverse crack in the 90°-layer. Similar to the behaviour
observed in the tensile tests (refer to Figure 4.35), the initial delamination at a crack tip

is significantly larger for an FLG modified 90°-layer.
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Figure 4.34: SEM images of the delamination fracture surface. The 0°-layer is shown
for a) and b): unmodified specimens, ¢)-h): 0°-layer FLG modified speci-

mens.
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.35: SEM images of the delamination fracture surface of a 90°-layer FL.G
modified matrix specimen. The 0°-layer is shown in a) an overview and
b) detail of the interlaminar failure (delamination) originating in and
partly running through the 90°-layer.
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Figure 4.36: S-N curves of CFRP showing the influence of a matrix modification with

FLG nanoparticles in the different layers of cross-ply laminates.
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Figure 4.37: Development of 90°-layer transverse cracks with increasing load cycles in
CFRP cross-ply laminates during interrupted fatigue tests of one repre-
sentative specimen of each configuration.
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For these NGN-specimens, crack tip delamination at IFF is approximately 80 pum larger
per crack, resulting in a larger initial delamination surface over the length of the specimen
and the observed larger crack distance.
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Figure 4.38: Fracture surfaces of the delamination between 0°- and 90°-layer. The 90°-
layer with a typical initial delamination at IFF is shown for a) unmodi-
fied and b) FLG modified 90°-layer.

4.6.3 Influence of FLG nanoparticle modification on the failure

process of CFRP cross-ply laminates

Regarding the influence of a nanoparticle modification in FRP, it is distinguished between
an intralayer modification, where the nanoparticles are between the fibre filaments within
a layer and where 0°- and 90°-layers are differentiated, and an interlayer modification,
considering the influence of nanoparticles on interlaminar damage behaviour. As discussed
in chapter 4.5, the efficiency of FLG nanoparticles in small volumes depends on the FLG
orientation with regard to loading direction. The FLG particles are found in the transition
zone between adhesive and cohesive crack growth and thus seem to initiate a change in
crack height and propagation type. This is comparable to the toughening mechanisms in
polymers |9, 156] and is valid also for very small volumes as they are present between the
fibres in FRP, as shown in chapter 4.5.3.

Tensile properties of cross-ply laminates are dominated by the 0°-layers. The observed
slight increase in Young’s modulus can be explained by an increase in the matrix stiffness
due to the nanoparticle modification, also reported for pure polymers [157, 240|. However,
as stiffness is dominated by the 0°-fibres, the change is small. Strain to failure is dom-
inated by the failure strain of the 0°-fibres and does not change with a modification, as

the fibres are of the same type in all configurations. Therefore, the stress-strain curves of
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specimens with unmodified 0°-layers show similar behaviour at higher strain levels shortly
before final failure. The stepwise decrease of stress with increasing strain is attributed to
delaminations and fibre bundle breakage. Surprisingly, the 0°-layer modified specimens
exhibit linear stress-strain behaviour until final failure without any significant load drops.
This observed difference in stiffness behaviour with increasing strain for a 0°-layer FLG
modification can be explained by a reduction of fibre bundle failure due to the FLG parti-
cles being oriented along the fibre axis. This effect is schematically shown in Figure 4.39.
Breakage of fibre bundles in the 0°-layers after single fibre breakage is reduced due to a
better load redistribution via the stiff FL.G particles oriented in loading direction between
the fibres, resulting in higher tensile stress. This is analogue to the observed deflection
of a delamination crack at FLG particles, resulting in cohesive instead of adhesive crack
growth, as shown in Figure 4.34. In the 0°-layers, the strong covalent bonds lay in loading
direction with the particles oriented parallel to the fibres and may act locally as a new load
path next to a broken fibre, leading to a stress relief of the neighbouring fibres. In FRP
with unmodified matrix, the load of a broken fibre is distributed evenly to the nearest,
surrounding fibres, often leading to filament and bundle breakage because of an overload
due to load sharing |75, 76, 241|. FLG particles between the fibres distribute the stress
concentration over a broader length of the neighbouring fibres and hence act as local load

paths and reduce the overload of the surrounding fibres after breakage of single fibres.
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Figure 4.39: Scheme showing load and stress redistribution at an FL.G nanoparticle
next to a broken fibre filament in an FL.G modified 0°-layer of a cross-ply
laminate.

A top view of a 0°-layer, showing the influence of FLG nanoparticles on the load sharing
at fibre breakage in dependence of the load level, is sketched in Figure 4.40. For a low
load level, only the fibres with the lowest strength, determined by statistically distributed
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defects, fail due to the external loading. Assuming the strength of the surrounding fibres
is high enough, they carry the additional stress induced by load sharing at the broken
fibre. Although the FLG particles lead to a better load redistribution, the influence on
the macroscopic behaviour is negligible, because the external loading is too small for the
mechanisms to be efficient (refer to Figure 4.40 a) and b)). For a high load level however,
failure of the fibres with the lowest strength leads with a higher probability to filament
and bundle breakage in the unmodified case, due to the additional load, distributed among
the unbroken fibres next to the failed fibre via load sharing (Figure 4.40 c)) [75]. At the
higher load level, the mechanisms of load redistribution and FLG particles acting locally
as additional load paths (refer to Figure 4.39), may reduce the amount of fibre filament
breakage, as shown schematically in Figure 4.40 d). This is an explanation for the observed
behaviour observed here and in |23, 183|, that the influence of an FLG modification is

more pronounced with higher load level in fatigue tests.
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Figure 4.40: Scheme showing the influence of FL.G nanoparticles on the load sharing
at fibre breakage in a 0°-layer of a cross-ply laminate in dependence of
the load level. ® indicates a failed fibre and @ marks fibres that fail due
to an overload from local load sharing.

Regarding the 90°-layer fragments after final failure, a difference in IFF growth behaviour
is visible when these layers are modified with FL.G nanoparticles. The significantly smaller
amount of 90°-layer fragments for NGN hints to broader transverse cracks with large crack
tip delaminations in combination with distributed cracks that do not penetrate the layer
in at least one dimension. The reasons for the significantly smaller amounts of transverse

cracks penetrating both, width and thickness of the specimen and the corresponding larger
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fragments can be explained by the damage mechanisms at the planar FL.G flakes, analysed
with fractography of the fracture surfaces. Due to energy dissipating microdamage such
as layer shearing, matrix plastic deformation and plastic void growth at the FLG parti-
cles, the morphology of 90°-layer transverse cracking is changed to more intricate paths,
which should imply more distributed damage instead of straight cracks. This leads to the
observed delay in AE-cumulated energy increase and the smaller number of fragments
after final failure. Distributed damage behaviour instead of large cracks has a potential
for increasing the resistance of the 90°-layer against transverse cracking and reduction of
stress concentrations without severe damage. Although IFF initiation as edge cracking is
assumed to appear at the same strain level as the unmodified reference, the propagation of
IFF through the width is shifted to higher stresses and is slower for embedded 90°-layers,
as seen in the tensile tests for 90°-layer modified specimens. With the microdamage at
the particles, an additional damage mechanisms is introduced into the composite and an
increased material volume participates in the deformation process. The energy to initiate
and propagate a transverse crack should be higher, because these types of local damage
dissipate energy that is not available for crack initiation or growth. The delayed increase
in AE cumulated energy with 90°-layer modification (refer to Figure 4.32b)), which is
attributed to large TFF, confirms the shift of width penetrating IFF to a slightly higher
strain level. This leads to the observed increase in the local stress-strength ratio to be
exceeded for initiating a new crack and also contributes to a change in transverse crack
morphology. Depending on FLLG orientation, the aforementioned plastic voids at the par-
ticles initiate local matrix failure, which results in small, localised cracks. Hence, with
the forming of small local cracks around FLG particles, the overall fracture surface is
enlarged and smaller distributed cracks that do not penetrate the width or thickness of

the 90°-layer are the result.

As shown in the SEM images (refer to Figures 4.35 and 4.38), the crack tip delamination
is larger for 90°-layer modified specimens. The mechanisms explaining this observation
are shown schematically in Figure 4.41 a) and b), in which through the thickness matrix
cracking in a unmodified respectively FL.G modified 90°-layer of a cross-ply laminate and
the resulting initial delamination at the crack tip is displayed. Due to shear stresses at the
tips of transverse cracks next to the adjacent layer, Y-shaped shear cracks may form next
to the crack tip [242]. Figure 4.35 shows the SEM image of the sketched case in Figure 4.41
where the transverse crack is branched at FLG particles and a large amount of 90°-fibres
stick to the 0°-layer. Growth of these shear cracks is favoured by FLG particles lying in
the fracture plane and the plastic voids at the particles acting as small localised cracks.

This leads to the observed increase in crack tip delamination area.
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The load cannot be transferred from the 0°- to the 90°-layer in delaminated areas, resulting
in larger distance between two transverse cracks. The observed reduction of fragments is
thus caused by a combination of microdamage increasing the energy required for crack
initiation and propagation as well as a different load introduction pattern between 90°

and 0°-layer because of increased crack tip delaminations.

a) Initial delamination b) Initial delamination
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Figure 4.41: Scheme showing through the thickness matrix cracking in a) unmodified
and b) FLG modified 90°-layer of a cross-ply laminate and the resulting
initial delamination at the crack tip.

In cyclic tests, besides IFF in the 90°-layers, the interlaminar delamination crack growth
plays in important role for fatigue degradation with increasing load cycles. For unmodi-
fied laminates, interfacial failure between fibre and matrix is the dominating crack prop-
agation mechanisms, resulting in a comparably smooth fracture surface. Shear hackles
that are typical for epoxy matrix shear failure [124, 243] are visible where the matrix
sticks to the fibres. Both FLG modified specimen types exhibit rougher fracture sur-
faces. Surface roughness can be correlated with resistance against crack propagation and
thus toughness [150, 236]. The matrix modification with FLG nanoparticles leads to a
mixed, cohesive and adhesive, delamination failure. The additional energy dissipating
damage mechanisms available with FLG particles in the matrix and the larger transverse
crack tip delaminations lead also to a delayed initiation and larger distance of transverse
cracks in cyclic tests with a 90°-layer modification. However, the observed larger crack
tip delamination at IFF with a 90°-layer modification is problematic, because it promotes
delamination growth and favours buckling failure under compressive loading. This results

in lower cycles to failure in cyclic tests with alternating loading for the 90°-layer modified
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specimens. These large initial delaminations and thus the decrease in fatigue life are more
pronounced for a 90°-layer modification. It must be pointed out, that also the 0°-layer
modified specimens exhibit a decrease in fatigue life compared to the unmodified refer-
ence, although the crack tip delamination size at 90°-layer IFF is in the same range. This
is in contrast to previous results with the same material in the tension-tension regime
(R = 0.1) [23], or for GNP modified GFRP under bending [185]|, where an increase in
fatigue life with FLG modification of all layers is reported. But it agrees with previous
results for the tension-compression regime (R = —1) [183, 184], where a slight decrease
in fatigue lifetime with an FLG modification of all layers in cross-ply specimens of the
same configuration and material is reported for a load level of 242 MPa (equivalent to
24 % mean tensile strength). This is attributed to lower mode I interlaminar fracture

toughness values with the FLG modification (refer to chapter 2.3.2).

The observed behaviour that FLG modification has a more positive influence at higher
load levels, in this case the decrease in fatigue life is smaller for the higher load level,
agrees well with previous observations. In the t-t regime, the increase in fatigue life
with an FLG modification is more pronounced at higher load levels [23] and in the t-c
regime, no decrease at a load level of 326 MPa (34 % mean tensile strength) is measured
[183, 184].

Possible explanations for the observed phenomenon of reduced fatigue life for GNG-
specimens are, that under compression loading even small amounts of fibre misalignment
strongly influence static and fatigue properties of composite laminates |41, 42, 244, 245|.
Precise orientation of the fibres was pursued and although small amounts of fibre mis-
alignment cannot be excluded completely from the manufacturing process, it should be
the same for all configurations and can be disregarded as a reason for the observed change
in fatigue life. Compression failure is also strongly influenced by delaminations between
0°/90°-layers and the difference between the t-t regime and the t-c regime can be explained
with the difference in delamination growth behaviour. Under in-plane compression, delam-
ination growth is mode I dominated, whereas in tension shear stresses dominate, leading

to mostly mode II delamination growth.

As pointed out in the literature overview in section 2.3, the size of layered graphene
based nanoparticles seems to be critical regarding their influence on delamination crack
propagation. GNP with larger lateral dimensions tend to align with the carbon fibres
in the interlayer and hence in crack growth direction, thereby generating numerous weak
links. Particles with smaller lateral dimensions may also orient transverse to the interlayer

plane, thus being an efficient obstacle for interlaminar crack growth under mode 1.
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The differences in the mode T fracture toughness of GNP modified CFRP between the
studies from Kosmann et al. [183] (decrease in Gp. with modification) and Kostagian-
nakopoulou et al. [188, 189] (increase in G, with modification) can be explained by the
difference in particle size. Furthermore, the particle orientation in the fracture plane may
depend on the manufacturing method. If only the interlayer between two sublaminates
is modified with GNP as in [190], this results in larger matrix volume between these two
layers than typical for prepreg and a behaviour more comparable to a bulk volume. This
explains the similar trend between bulk volume and FRP, with . increase and Gy, de-
crease, in [190] and the deviation with other results for FRP [183, 188, 189], where Gy,
increases as well. Due to the larger volume between the layers, an orientation of the par-
ticles perpendicular to crack growth direction is possible and more probable compared to
a complete modification using prepreg technique as done in [183, 188, 189|. Particles that
lie with their lateral orientation perpendicular or at a certain angle > 45° with regard to
the interlaminar plane would result in an increase of mode T and a decrease of mode II
interlaminar fracture toughness. The difference in manufacturing method hence explains

the deviations in the findings reported in [190] and [183] for comparable particle size.

Schemes showing the influence of an FLG or GNP nanoparticle modification on inter-
laminar (delamination) crack growth are presented in Figure 4.42 for mode I loading
and in Figure 4.43 for mode II loading. For these figures, manufacturing of modified
FRP by the common techniques in industry like infusion, fibre winding, or prepreg tech-
niques is assumed, which implies that larger GNP particles are oriented along the fibres
in the interlayer. In Figure 4.42, the influence of particle size under mode I is shown.
For smaller particles, a higher amount of energy dissipating failure mechanisms can be
activated during crack propagation in the interlayer. For larger particles however, the
crack may jump from one plastic void (weak link) at FLG particles lying in the process
zone to the next. These plastic voids thus act as pre-cracks and facilitate delamination
growth [183, 184]. Under mode II loading, crack growth is mainly by the forming of
cusps in the matrix [124, 243|. In this case, larger particles oriented in plane between two
layers hinder forming of these cusps, thereby increasing the energy required to propagate
the crack. This is shown in the sketched detail in Figure 4.43 and is comparable to the

mechanisms reported for layered silicate [192].

Under pure quasi-static or fatigue tensile loading, the negative effect of larger crack tip
delamination at FLG modified 90°-layers is hence compensated by the increased resistance
against mode IT delamination growth. For (partly) compressive loading, FLG nanoparti-
cles with large planar dimensions in the interlayer are detrimental, because they favour

delamination growth. The experimental results show, that a tailored modification of single
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layers may be advantageous in comparison to unmodified laminates or a modification of
all layers, as long as compression loading is avoided. For improved delamination resistance
under mode I loading, the lateral size of the layered nanoparticles should be preferably

small.
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Figure 4.42: Scheme showing delamination crack growth under mode I with layered
nanoparticles in the interlayer for particles with a) comparable large lat-
eral dimensions b) small lateral dimensions.
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Figure 4.43: Scheme showing delamination crack growth under mode II with layered
nanoparticles in the interlayer suppressing the forming of shear cusps.






5 Summary and conclusions

The research questions given in chapter 1 are addressed as follows. The observed influence
of a FLG modification on the damage behaviour and mechanical properties of FRP can
be explained with the results from the experiments and fractography analysis of single

fibres, in which the local damage mechanisms at the particles can be clearly identified.

How does layer thickness scaling influence the mechanical properties and dam-

age behaviour of FRP laminates?

A decrease in FRP layer thickness has a positive influence on the mechanical properties
under a broad range of loading conditions, but results in a more brittle failure behaviour.
At stress intensifications, a decreasing layer thickness results in higher notch sensitivity
and has therefore a negative influence on the macroscopic mechanical properties. Two
different aspects of layer thickness related scaling effects are investigated in detail and

summarised as follows:

How does the transverse layer thickness in cross-ply laminates influence the initiation and

propagation of IFF?

Decreasing the layer thickness has a positive influence on initiation and propagation of
transverse cracking in FRP. As observed in experiments with model composites that allow
exact observation of failure initiation, a decrease in transverse ply thickness shifts the
initiation of fibre-matrix-debonding to higher global strain and thus the onset of IFF to
higher loads. The subsequent damage development in the form of matrix cracks occurs in
more regions but is less severe for thinner plies. For cross-ply laminates, a higher number
but smaller transverse cracks and a delay in IFF initiation is observed. In addition, it
is shown with AE analysis, that the transverse crack growth rate is slower with reduced
layer thickness. A reduction of layer thickness hence increases the resistance against IFF

and results in increased fatigue lifetime of composite parts made of thin-ply laminates.
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How do layer thickness and stacking sequence influence the mechanical properties and
damage process of laminates containing stress intensifications under compressive load-

ing?

If stress concentrations are present, other factors than layer thickness also highly influence
the damage behaviour and resulting mechanical properties. The experimental investiga-
tion on the influence of layer thickness and the position of the 0°-layers with an analysis
of the failure process initiating at a stress concentration shows the influence of the FRP
lay-up on mechanical properties and damage propagation. When regarding free edges
or an impact damage as delamination inducing stress intensifications within a laminate,
the position of the 0°-layer is critical for stability under compression and is thus more
important than the layer thickness. Central 0°-layers show best results for OHC and
CAI strength due to higher resistance against compressive buckling and better support-
ing effect by the adjacent layers. Nonetheless, open-hole and CAI strength are higher
for thinner layers, when regarding laminates with distributed 0°-plies. This is due to a
reduced delamination area resulting in a shorter unsupported length of the load bearing
sublaminates. The statistical defect distribution and the increased in situ strength lead
to a delayed damage initiation with decreasing layer thickness. Thus, the unnotched com-
pressive strength increases with decreasing layer thickness.

With increasing layer thickness, damage in the form of IFF initiates at the stress con-
centration, e.g. a hole, at lower strains. This reduces the stress concentration factor
and leads to a change from brittle to progressive delamination failure. In laminates with
blocked plies, final failure is transverse to loading direction with an orientation along the
+45°-layers around the stress intensification that leads to a step in the fracture plane,
whereas in laminates with distributes plies, final fracture occurs as one straight splitted
crack transverse to loading direction. Although a more progressive failure process, as
observed for higher layer thickness, is advantageous in some materials, because it results
in the possibility to take measures for repair of replacement of the damaged part, a dam-
age initiation at lower strains is mostly not acceptable for FRP and first ply failure is
often a design criterion. This work may hence may help to select an appropriate stacking
sequence in the design of FRP parts with stress intensifications or where impact damage

cannot be excluded regarding compression behaviour.

What are promising nanoparticle morphologies for increasing fracture tough-
ness of FRP?

With a carbon nanoparticle modification, multifunctional materials combining electrical

conductivity for damage sensing with enhanced mechanical properties can be obtained.
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Particle size, morphology and orientation are key factors in this context when regarding
small volumes, because larger particles may initiate failure prior to material defects. A
significant size effect that shows increasing tensile strength with decreasing volume due to
a statistical defect distribution is identified for neat epoxy, which is according to Weibull’s
theory [84] and previous investigations for a different matrix system [73]. With a new
concept of simultaneous testing of mechanical and electrical properties in small elongated
volumes, the influence of carbon nanoparticle morphology with regard to failure initiation
and damage mechanisms at the nanoscale and microscale is investigated. A clear size
effect, similar to the unmodified material is measured for CB and CNT modified epoxy,
whereas for a FLG modification, the used particle size is larger than material defects.
Larger FLG particles hence initiate failure prior to material defects and act as crack ini-
tiators and thus as flaws. The size of the particles is independent of specimen volume, so
that the failure initiating as well as energy absorbing mechanisms are always available. In
the fibres with their small volume and thus small crack area, this leads to failure initiation
at the nanoparticles, counteracting any size effect due to a statistical defect distribution.
In a bulk volume, energy dissipation mechanisms such as crack pinning, crack bifurcation
and energy dissipation by micro-damage play a more important role, therefore higher val-
ues for tensile strength, compared to the neat matrix, are obtained with a nanoparticle
modification.

No significant influence of filler content on the general behaviour with regard to the size
effect is found for CB and FLG modification. The CNT modified epoxy shows a higher
probability of impurities from CNT manufacturing process or small agglomerates with in-
creasing particle weight fraction. For all investigated morphologies an increase in particle
weight fraction increases fracture surface roughness and thus matrix plastic deformation
during crack propagation.

Fractography analysis of SEM images shows different failure mechanisms at the nano- or
micro-scale in dependence of the nanoparticle morphology. For CB modification, crack
separation and local matrix plastic deformation dissipate additional energy during frac-
ture. The dominant mechanism in CNT modified specimens is pull-out of nanoparticles,
but crack bridging and nanotube rupture are also observed. For FLG modified epoxy,
energy dissipating damage mechanisms are matrix shear yielding leading to plastic voids,
graphene layer separation and shearing as well as pull-out of particles. Crack separation
and crack bifurcation at FLG particles are observed as well. The mechanisms can be
clearly identified in the small fracture surfaces. These local, distributed damage mecha-
nisms dissipate energy, so that a carbon nanoparticle modification results in an increased
fracture toughness of epoxy if the volume is large enough. For FLG, the orientation of the

graphene layers with regard to loading direction is critical. Higher true failure strength is
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measured with the largest particle oriented parallel to loading direction. With the identi-
fication of these single mechanisms, depending on the orientation of the graphene layers to
the loading direction, theories and models about micro-damage at graphene nanoparticles
are confirmed experimentally. From a design point of view, FL.G and CNT are the most
promising particle morphologies for improving mechanical properties, if CNT length is

high enough and FLG are oriented in loading direction.

This work may thus be used as a base for developers to carefully select a nanoparticle
reinforcement with regard to the desired properties and under the consideration of small
volumes. For multifunctional polymer or FRP materials, CNT with a weight fraction
above 0.3 wt.% are shown to be the most promising nanoparticle filler for improving both,
electrical [195] and mechanical properties, even in small elongated volumes. With this
modification, smart structures for health monitoring with improved mechanical properties

can be designed.

Is a tailored nanoparticle modification of only some layers in a composite

laminate promising for improving mechanical properties?

The modification with FLG nanoparticles influences the damage behaviour and final fail-
ure mode of CFRP. The presented tailored matrix modification approach allows exact
analysis of the impact of a nanoparticle modification in either 0° or 90°-layers of CFRP
cross-ply laminates on mechanical properties and damage mechanisms. A modification of
the 0°-layers unexpectedly increases the quasi-static tensile strength, although dominated
by fibre properties. Positive, crack stopping effects as well as negative effects, such as ac-
celerated delamination growth are experimentally proven. Depending on the loading case,
a tailored modification of single layers may be advantageous in comparison to unmodified
or a modification of all layers. For quasi-static or cyclic tensile loading (0 < R < 1),
a modification of the 90°-layers changes the transverse cracking behaviour and has the
potential for delaying the initiation of IFF to higher loads. This could be useful for appli-
cations where TFF is a design criterion. For an increase in tension fatigue life of composite
laminates, additionally a 0°-layer modification or a modification of all layers is promising.
Furthermore, the crack growth through the material is slower and in the form of smaller
cracks, leading to a significantly smaller amount of penetrating cracks. This is due to dis-
tributed micro-damage at the particles dissipating energy that is thus no longer available
for intralaminar crack propagation. For an increase in fatigue life of composite laminates,
a 0°-layer modification or a modification of all layers is most promising. Under partly
compressive cyclic loading (R < 0) however, a FL.G matrix modification is detrimental in

both 0°-layers and 90°-layers and should be avoided. The comparable large FL.G particles
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are oriented along the fibres and in the 90°-layer promote large crack tip delamination.
Interlaminar crack initiation and growth under mode I is favoured by FLG particles in the
crack growth plane. Under compressive loading, this leads to delamination induced global
loss of stability and fracture, with lower fatigue life in the t-c regime compared to unmod-
ified laminates. Layered particles of smaller lateral dimensions however, may not exhibit
this disadvantage and should be investigated further. With decreasing compression ratio

of the alternating load case, the negative influences should diminish.

The dependency of interlaminar crack growth on the particle size and orientation with
regard to the crack growth direction is analysed. A theoretical concept is given that
explains the findings from the experiments presented here, as well as the at first sight op-
posing results presented in literature for mode I and mode II interlaminar (delamination)
fracture toughness. For smaller particles, a higher amount of energy dissipating failure
mechanisms can be activated during crack propagation in the interlayer under mode I.
For larger particles that are oriented along the fibres and in line of the crack however, the
crack may jump from one plastic void (weak link) at FLG particles lying in the process
zone to the next. These plastic voids thus act as pre-cracks and facilitate delamination
growth (refer to [183, 184|). Under mode II loading, larger particles oriented in plane
between two layers hinder forming of shear cusps, thereby increasing the energy required
to propagate the crack. Smaller particles are with higher probability oriented along the
shear crack direction and their effect on mode II interlaminar toughness is hence negligible

or even negative.

Following these remarks, the applicability of nanoparticle modified resin systems to im-
prove the performance of FRP laminates is sensitive to the loading case. For laminates
only loaded in tension a modification appears to be advantageous, whereas in case of
bending or compression loads the effect of nano-particles is ambiguous and should be

further clarified in future investigations.

5.1 Concluding remarks

From the respective examinations on layer-thickness effects and on the influence of a car-
bon nanoparticle modification with regard to damage behaviour and mechanical properties
of CFRP, it can be concluded, that a combination of reduced ply thickness and matrix
modification is promising for further improvement of composite materials. By modifying
the matrix of thin-ply laminates, their high notch-sensitivity might be reduced with the

distributed microdamage at the nanoparticles that dissipates energy, thereby reducing
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local stress concentrations, e.g. at free edges like a hole. FLG nanoparticles with small
or medium lateral dimensions are the most promising morphology for further investiga-
tions in this context. In Figure 5.1, the open-hole tensile fatigue behaviour for thick-ply
and thin-ply CFRP laminates is shown schematically, as it is reported in literature [17].
The aim is to develop materials that comprise both the improved fatigue life of thin-ply
laminates and a high resistance against premature failure at stress concentrations. The
desired behaviour is shown in the diagram as a solid line. Considering also the potential
of carbon nanoparticles for structural health monitoring, with the presented approach,
multifunctional, self-monitoring materials with improved mechanical properties could be

developed in the near future.

A

F~
Nanoparticle *

modified thin-ply

Far field stress

Thick-ply

Cycles to failure

Figure 5.1: Scheme showing the potential of a carbon nanoparticle modification for
reducing the notch sensitivity of thin-ply laminates and hence improving
their mechanical properties with the presence of stress concentrations, e.g.
an open hole.
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As is experimentally shown, decreasing the ply thickness and modification of the matrix
with carefully selected nanoparticles has high potential for improving mechanical proper-
ties of FRP. The combination of the thin-ply technology by using a ply thickness below
50 pm with a nanoparticle modification would be the next step of research in this field.
The microdamage at the nanoparticles is expected to release local stress concentration at
free edges, counterbalancing the comparable high notch sensitivity of thin-ply laminates,

which is one of their main disadvantages.

Incorporation of carbon nanoparticles also increases the thermal conductivity of polymers
and FRP [170, 181, 246]. Hence, the influence of carbon nanoparticles on thermal residual
stresses after curing of FRP is an interesting topic for further investigations. An increase
in matrix thermal conductivity would result in a smaller difference between matrix and
fibre thermal conductivity and thus in reduced thermal residual stresses. This should
reduce local stresses after curing and lead to a slight delay of IFF initiation. The observed
changes in transverse cracking behaviour in the 90°-layer with the FLG modification may
also be partly attributed to reduced stress concentrations at the fibres, resulting from the

decreased mismatch of the coefficients of thermal expansion.

For a more detailed investigation of the differences in transverse crack initiation and prop-
agation in dependence of layer thickness or for investigating the influence of a nanoparticle
matrix modification, continuous monitoring of internal damage during static or cyclic load-
ing would give further insight on the influence of these variations on the damage behaviour
of FRP. This could for example be achieved with X-ray Micro Computed Tomography

(Micro-CT) measurements during quasi-static or cyclic tensile tests.

FLG nanoparticles with small lateral dimensions and CNT are the most promising nanopar-
ticle morphology for improvement of FRP toughness and fatigue properties. A modifica-
tion of thick-ply and thin-ply laminates and characterisation of their mechanical properties
with a focus on OHT, impact and CAI as well as fatigue properties will give further in-

sight on the potential of this material combination for highly loaded and reliable structural
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parts. An evaluation of the combination of reduced ply thickness with a matrix modifica-
tion is thus interesting from both a scientific and an industrial point of view. Due to the
improved fatigue behaviour of thin-ply laminates but their notch and impact sensitivity,
the toughening effect of a matrix modification is of particular interest for evaluation of fa-
tigue after impact properties of unmodified and nanoparticle modified thin-ply laminates.
Furthermore, this would be a common load case of structural parts. An experimental
investigation to address this topic is currently in planning and will be carried out in the

near future.

In addition, the influence of nanoparticle matrix modification on the interfacial strength
and fibre-matrix debonding behaviour at the microscale is an interesting approach. This
can be carried out either by single fibre fragmentation tests or in transverse tensile tests
by using model composites with several fibres oriented transverse to loading direction
and the particles in between these fibres [183]. Combining this approach with a crucifix
specimen geometry as used in this thesis would allow for investigation of the fibre matrix
debonding and TFF propagation under light microscopy in a defined area, where damage
is expected to initiate. A mould for producing such specimens was already designed and
some preliminary tests confirming the feasibility of the approach with model composites

were executed.

An FEM model was developed that can be used for micromechanical investigation on
transverse crack initiation and propagation in cross-ply laminates [222]. The model is
currently complemented by incorporating thermal residual stresses, a statistical variation
of the interfacial strength between fibres and matrix and the possibility to add regions
with different properties into the matrix, representing the influence zone of flake-shaped
nanoparticles, such as graphene based or silica nanoparticles. The FEM model may serve
as a simulation tool to investigate the influence of ply thickness and matrix nanoparticle
modification for finding the most promising combinations regarding damage propagation
behaviour and mechanical properties, although limited to investigation of IFF in cross-
ply laminates under tensile loading. The model with the unmodified matrix is validated
by comparing its behaviour with experimental results for cross-ply laminates [222]. A
quantitative validation of simulation results with nanoparticle modified matrix e.g. with
the experimental results of FLG modified cross-ply laminates presented within this thesis
is possible. With this model, different configurations could be analysed without any costly

and time consuming test effort.

Continuation of this research is assured within the project " Schadenstolerante diinnschichtige
(Thin-Ply) Kohlenstofffaser- Kunststoff- Verbunde mit Graphen-verstirktem Matrizsystem"
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funded by DFG (FI688/5-1) in which the impact of a carbon nanoparticle matrix mod-
ification on the mechanical properties and damage behaviour of thin-ply laminates is

investigated.
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